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The response of a material to a fusion environment is one of the most
important questions in fusion technology. Heavy ion irradiation can be
used to further the understanding of the microstructural evolution of an
irradiated metal. Two aspects of heavy ion irradiation damage will be
addressed; void nucleation and phase stability.

A steady state void nucleation model was developed for the particular
case of heavy ion irradiation. The model includes the injected ions in a
heavy ion irradiation study as excess interstitials. The excess interstitials
are shown to suppress void nucleation in the region of ion deposition under
certain conditions. Qualitative agreement between theory and experiment

regarding void nucleation in the presence of injected interstitials is good.

Phase stability under heavy ion irradiation is studied using the tita-
nium alloy system. Two titanium alloys were irradiated to a low fluence
(2 dpa) using 9MeV Al ions over a temperature range of 450-700°C. The

resulting microstructural changes were examined using transmission elec-



il
tron microscopy (TEM) and energy dispersive x-ray analysis (EDS). The
prominent feature in the irradiated microstructure is the radiation-induced
precipitation of a bce phase in the hcp alpha matrix. The EDS analysis
of Ti-64 revealed that a radiation induced shift in the alpha+beta/beta
phase boundary has occurred. In the titanium alloy Ti-6242s the first
observation of a radiation-induced beta phase was made. The unusual
temperature evolution of the Ti-6242s precipitates is attributed to the

competition of Al and Mo at point defect sinks.
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Chapter 1

Introduction

1.1 Why Study Heavy Ion Radiation
Damage

The recent successes in the field of fusion technology has encouraged
the view that fusion can be an important new energy source. However,
many problems have yet to be overcome and one of the most significant
of these is the materials problem, Kulcinski (1979). The response of a
material to a fusion first wall environment is subject to many variables
including temperature , neutron flux and fluence, neutron energy, impurity
content, and stress state. The fact that the fusion environment is not well

established makes design work uncertain. There is also no existing test



facility that can simulate a complete fusion radiation environment.

Burning deuterium-tritium fuel, as an example fuel, in a fusion reactor
causes electromagnetic radiation, charged particles, and neutrons to strike
the first wall. The charged particles are mainly hydrogen isotopes and
helium which cause surface erosion and blistering. Additionally, the first
wall will be subject to high heat fluxes which could be coupled to a pulsed
operation. This all adds up to make materials research an important
fundamental aspect of fusion technology research.

The topic examined here is the effect of the bulk radiation damage
in materials. The effects of high energy neutron irradiation on candidate
materials for the first wall in a fusion reactor are hard to assess because of
the low energy of the neutron flux of the present day neutron irradiation
facilities. Heavy ion irradiation can be used to partially simulate the
high energy and lifetime fluence of a fusion neutron environment since the
damage rate for the former is three orders of magnitude higher than for
neutron irradiation. This means that years of displacement damage in a
fusion device can be accomplished by a heavy ion irradiation experiment
in hours. Unfortunately, heavy ion irradiation cannot be directly equated
to neutron irradiation.

During the past decade many radiation effects studies have utilized
heavy ions to produce displacement damage in metals. In spite of the

advantage of rapid accumulation of displacement damage as compared to
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neutron irradiation, the differences in the displacement cascade structure
and displacement rates between heavy ion and neutron irradiations, along
with the absence of transmutation products in ion irradiations, make it
difficult to establish correlations between the damage resulting from the
two types of irradiations. Therefore, data from samples irradiated by
heavy ions must be examined carefully, and an attempt made to establish a
correlation theory to obtain information applicable to neutron irradiation.

There are two aspects of heavy ion irradiation damage that will be
addressed in this thesis; void nucleation and phase stability. The void
nucleation results are mostly theoretical and are correlated with experi-
mental data. The phase stability results are based on experimental work
in the titanium alloy system, which shows an interesting phase instability
under irradiation. The void nucleation work is not applicable to the tita-
nium system because of the lack of vacancy diffusion data in the titanium

system.

1.2 Impoyrtance of Void Nucleation to Heavy
Ion Radiation Damage

A factor which has received somewhat less attention in ion irradia-

tion studies is that a heavy ion irradiation deposits the irradiating ion in
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the matrix in the form of an excess interstitial. This injected ion effect
was originally assumed to be minimal, but has subsequently been found
to significantly reduce void formation and growth under the appropriate
conditions.

Where point defect recombination is dominant, the injected interstitials
can reduce the void growth rate. This effect was predicted by Brailsford
and Mansur (1977) and experimentally verified by Lee et al. (1979). Gar-
ner (1983) recently reevaluated previous work in light of this suppression
effect and found that in various metals, injected interstitials may have a
pronounced effect on experimental void swelling results. The reduction is
significant when the bias is small, i.e. when the current of vacancies is
almost equal to the current of interstitials into the void. Obviously this is
the case for voids of the critical size. Therefore, it may be expected that
the injected interstitials will affect void nucleation to a greater extent than
void growth. Plumton and Wolfer (1984) have recently shown that void

nucleation can be suppressed by the presence of the injected ions.
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1.3 Importance of Titanium Phase Stabil-

ity to Heavy Ion Radiation Damage

The desirability of examining the titanium alloy system can be viewed
from two directions. Titanium alloys have been proposed as potential fu-
sion first wall materials. Therefore, any information gained on the response
of the titanium system to radiation damage would be advantageous from
a design viewpoint. The other interesting aspect of studying the titanium
alloy system is the form the damage takes in the alloy after irradiation.

Titanium alloys are some of the materials being considered for use in
a fusion reactor because of several attractive properties, Davis and Kul-
cinski (1977), Conn (1978), Bloom (1979), and Jones et al. (1980). The
Federal Fusion Reactor Materials Program identified titanium as an alter-
nate candidate to stainless steel for fusion reactor first wall and/or blanket
structures. The strength to weight ratio and creep rupture properties of
Ti alloys are equal to or superior than those of stainless steel in the 400-
500°C temperature range. The high electrical resistivity, heat capacity
and low coefficient of thermal expansion are all advantageous. Titanium
is also compatible with coolants such as lithium, helium, and water and it
has a low long term residual radioactivity. In addition, titanium is fabri-
cable with a well established industry and well documented alloy tailoring

capabilities, see appendix A and B.
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The microstructural response of titanium to irradiation is quite dif-
ferent from most other metals. Titanium does not readily form voids,
Brimhall et al (1971). However, certain alloys do exhibit an extensive
radiation-induced precipitation response, Wilkes and Kulcinski (1978).
The large amount of the radiation-induced precipitation, along with the
relative simplicity of the system(i.e., ~ normally 2 phases), allows an anla-
ysis to be made regarding the relative influence of solute segregation versus
(or in addition to) radiation induced phase instability. Additionally, it has
been noted that the phase evolution in Ti-6Al-4V is the same in ion and in
neutron irradiations, Peterson (1982). The radiation damage resistance of
titanium alloys, specifically the void nucleation resistance and the phase

stability are areas that need to be examined.

1.4 Thesis Research Objectives

Void Nucleation Objectives

A void nucleation model is developed in this thesis for the particular
case of ion irradiations. The model accounts for the observed suppression
of swelling in the middle of the ion range. A parametric study shows the
effect that several variables have on the predicted void nucleation profile.
The theoretical results are compared to experimental data to determine

the accuracy and limitations of the model.



Phase Stability Objectives

Two titanium alloys, Ti-64 and Ti-6242s, have been irradiated to a low
fluence over a wide temperature range. The radiation-induced microstruc-
ture was analyzed using TEM and EDS. The TEM results reveal the size
and magnitude of the radiation-induced precipitation response and show
the temperature evolution of the grain structure, along with the precipi-
tate temperature response. The EDS results give the solute composition
of the two or three phases present in the alloys. The composition data can
be used to examine the relative importance of solute segregation versus

phase instability.



Chapter 2

Basic Radiation Damage

2.1 Displacement Calculation Theory

The basic unit used in measuring radiation damage is the dpa, for
displacements per atom. The number of dpa’s in a solid is the number
of times an atom is forced from its lattice site creating a Frenkel pair
(vacancy and interstitial). Ions have a larger cross section for interaction
with the atoms of a solid than neutrons so they do not penetrate as far into
a material as neutrons. Therefore the ions lose their energy in a shorter
path length which accounts for the higher damage rate, dpa/sec.

As ions penetrate into a solid they lose their energy in two ways. (1)
They transfer energy to the electrons of the solid through electronic ex-

citation. This does not cause any atomic displacements while it does

8
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dissipate the ion’s energy. (2) They transfer energy to the atoms of the
solid through elastic collisions. This can cause Frenkel pairs (i.e. displace-
ments). J. Lindhard has developed a theory for energy loss of a charged
particle going through an amorphous solid. This model uses a partition
approach, Lindhard et al (1963a), that assumes the nuclear, Lindhard et
al (1968), and electronic, Lindhard and Scharff (1961), energy losses are
seperable, Lindhard et al. (1963b). The Thomas-Fermi screened potential
is used to describe the atom.

The two dimensionless parameters used in the Lindhard Theory are

reduced energy,e, and reduced range,p.

E R
— and p = — 2.1
‘T E MPTR, (2.1)

where
2M1M2
aMg
R — (M, M;)?
L =
47T(12NM1M2
e
me?

and N is the atomic number density. M,;(M,;) and Z;(Z,) are the mass

EL = Z1Z26

a = 0.8853— (22 + 72/%)~2

and atomic number, respectively, of the incident (target) atom. E is the
incident ion energy, R is the range of the ion, and a is the screening radius.
Using an extrapolated perturbation method for scattering in a screened

coulomb potential, Lindhard et al (1968) obtain a universal differential
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scattering cross section for nuclear collisions,

dt

WF(tl/z) (2.2)

do = wa?®

where
t = €% sin?( Q)
2
The function F(¢'/2) was calculated numerically by Lindhard et al. (1963b).

Winterbon et al. (1970) have developed an analytical approximation for

F(£72).
F(tl/Z) — )\’tl/s(l + (2)‘lt2/3)2/3)—3/2 (2.3)

where

A= 1.309

In dimensionless form the nuclear stopping power cross section is

(j_;)n - /OE dzf—iﬂ (2.4)

where

z=t"?

Lindhard and Scharff (1961) have calculated the electronic stopping power.
They assumed that the electrons in the target are excited in the form of

an electron gas. In reduced units the electronic stopping power is

d
(EE) PRV (2.5)
p




11

where
¢s = 0'0793Z11/2Z21/2(A1 + Ag)*/? 1/6
(2 + A A

Because of the free electron gas assumption, this electronic stopping power

is only valid for low ion velocities, V', such that

V' < 7},
where
2
e
Vo - _ﬁ

Figure (2.1) shows the variation of electronic and nuclear stopping
power with respect to the reduced energy. Thé electronic stopping power
dominates at high energy while the nuclear stopping dominates at low
energy.

The path length of an injected ion can then be found from

€ de
P=/0 m (2.6)

from which the projected range and straggling can be calculated. The
distribution of displaced atoms, due to nuclear collisions, remains to be
calculated.

Following Kulcinski et al. (1971), who estimated the unknown energy
distribution by relating it to the known range distribution, Manning and
Mueller (1974) used the results of Lindhard in a computer code (EDEP-I).

This code calculates the damage distribution in a material irradiated with
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Figure 2.1: Nuclear and electronic stopping power in reduced units from
the LSS model (The electronic stopping is for k=0.15) - Lindhard et
al.(1963)
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ions. The amount of energy lost by creating PKA’s (Primary Knock on

Atoms) per unit length at a depth z is Sp(z)

Sp(z) = / " F()Si[By (' — :c)]@%—:;,:i)dx' (2.7)
where
Su(E) = N TT:T":” Tn(T)do(T)

An ion whose projected range is £ has an average energy F; and a total

range of R(z). The Gaussian distribution function, F(x), of the ions is

F(z) = ! exp —M] (2.8)

on/2m 202

where z,, is the mean projected range and a, is the RMS standard devia-
tion in the projected range. The average energy loss into elastic collisions
by an ion of energy E is S(E) while the fraction of a PKA’s energy dis-
sipated in elastic processes is n(T"). The lower limit cut off below which
PKA'’s are not produced is T} while the upper limit, T)y,is the maximum
energy transfer allowed by kinematics. Lindhard et al (1963a) represented
n(T), the damage efficiency, by

1

i (2.9)

n(T)

where g(€) was presented graphically. Robinson (1969) has numerically

approximated g(€) by

g(€) = 3.4008¢'/® + 0.40244€%/* 4 ¢ (2.10)
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Using a modified Kinchin and Pease (1955) model, Torrens and Robin-

son (1972) found the number of displacements, Rp to be

_ ¢KSp(z)

= 2.11
Rp 2pEp (2.11)

¢ is the ion fluence and p is the atomic density of the target solid. Torrens
and Robinson, using computer simulation of displacement cascades, have
found the displacement efficiency K to be ~ 0.8. The effective displace-
ment energy, Ep is obtained by multiplying the minimum displacement
energy, E%, by 5/3 to compensate for directional dependence, Doran et al.
(1973). For titanium E% has found to be 19.2 eV by Shirley and Chaplain
(1972) and 22.3 eV by Karim et al. (1978).

Brice (1975) has further developed the Lindhard theory to account for
the energy transported by recoil atoms. Brice also uses a semiempirical
three factor formula, based on experimental range data, to calculate the
electronic stopping power. This formulation extends the upper limit in
energy to which the model is applicable. The Brice damage code, Brice
(1977), was used to calculate the results presented in Figures (2.2). This
figure shows damage versus depth for 9MeV Al ion bombardment of Ti-64
using an LSS electronic stopping power (esp).

Attaya (1981) has formulated a three dimensional Monte Carlo code,
HERAD, to calculate the ranges and damage of ions in materials. HERAD

can take into account the effects of cavities on the damage distribution
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and yields closer agreement between theory and experiment than previous

computer codes.

2.2 Implanted Ion Distribution

This section presents work published in Plumton and Kulcinski(1985) .
The section is divided into 4 subsections. The first part gives an introduc-
tion to the importance of accurately calculating the injected interstitial
distribution in heavy ion irradiation studies. The next 3 subsections de-
scribe how the distribution is calculated, what the distribution looks like

and what conclusions can be drawn from these results.

2.2.1 Introduction to the ¢; Distributon

The injected ions in a heavy ion irradiation damage study can affect
the damage microstructure after they are deposited in the matrix. The
injected ions come to rest in the solid as an interstitial without a vacancy
partner. These excess interstitials have been shown to cause suppression
of void nucleation and swelling in the ion deposition region. Brailsford
and Mansur(1977) first predicted that the injected ions would reduce the
void swelling rate. This theoretical prediction has been expanded upon by
Mansur(19782,1979) and also experimentally verified by Lee et al.(1979b).

Plumton and Wolfer(1984) have theoretically shown large reductions in
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void nucleation due to the excess interstitials and this reduction in the
void number density in the peak damage region has been observed experi-
mentally, Whitley(1978) and Badger et al.(1984). For example, Fig. (2.3)
is a through range micrograph of a Ni specimen irradiated at 450°C by 14
MeV Ni ions to a peak damage level of 2 dpa (K = 0.3) at 450°C. The
region denuded of visible voids clearly illustrates the large suppression in
void density possible in the ion deposition region. A review of the exper-
imental evidence on the suppression effect of the injected interstitials has
recently been presented by Garner(1983). The suppression is more impor-
tant whenever recombination is the dominant point defect loss mechanism
such as at low temperatures and/or when the vacancy mobility is reduced
by impurity trapping.

Kumar and Garner(1985) modeled the helium in dual ion irradiations
as an additional excess interstitial because of the ability of helium in the
matrix to trap a vacancy thereby freeing up an interstistial. This extra
suppression to their void nucleation results suggests a possible explanation
for previous experimental void number density anomalies.

The number of excess interstitials is a small fraction of the total number
of damage produced interstitials (< 1%) so that the excess interstitials only
become a significant portion of the interstitials reaching voids or void nuclei
when most of the interstitials are recombining with vacancies. Previously

it has been noted,Plumton and Wolfer(1984), that a factor of two difference



19
in the excess interstitial fraction, ¢;(5x10™* = 1x1073), can result in more
than two orders of magnitude difference in the calculated void nucleation
rate. That the inclusion of a few more hundredths of a percent to the
total interstitial concentration can result in orders of magnitude differences
in the nucleation rate indicates a highly nonlinear system. Before good
theoretical predictions on void nucleation and swelling during heavy ion
irradiation can be made the excess interstitial fraction distribution must

be accurately calculated.

2.2.2 Theoretical Procedure for ¢; Analysis

The damage rate or the excess interstitial fraction associated with a
heavy ion irradiation can be calculated with damage codes such as the
BRICE code,Brice(1977), and the HERAD code, Attaya(1981) . From
these codes one obtains an ion deposition distribution function , F(z),
and a displacement energy distribution,Sp(z). Both of these are a func-
tion of the depth, z, along the ion range. The displacement rate, Ip, can
then be calculated by using the modified Kinchin and Pease model,Torrens
and Robinson(1972),presented as equation (2.11). To obtain accurate dis-
placement values for heavy ions the displacement efficiency ,K, should be
taken as 0.3 in contrast to the traditional value of 0.8. A recent review

by Kinney et al.(1984) indicates that K is dependent on the incident ion
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energy, with K decreasing as the energy of the projectile increases.For
high energy (> 1MeV') neutron or heavy ion irradiations of FCC metals
the efficiency is ~ 0.3 which reduces most previously cited damage values
by a factor of 3/8. However, self-consistency requires the use of K = 0.8
since the low temperature work done to determine the fraction of defects
escaping in-cascade recombination, Ery, has already assumed K = 0.8.

The excess interstitial fraction has been taken, Plumton and Wolfer
(1984), as the ratio of deposited ions to the interstitials produced by dam-

age that survive in-cascade recombination. Therefore ¢; is

Flz)e (2.12)

a(e) = Erppplp(z)

where Erpp is the fraction of defects that escape in-cascade recombination.
The inclusion of Efp into the formalism means that only those interstitials
going to sinks or recombining after diffusion away from the cascade site
are considered. This is a large reduction to the interstitial concentration
since Erp can be as low as 0.15, Theis and Wollenberger(1980), for FCC
metals. The functional dependence of Eq. (2.12) can be seen through the
use of Eq. (2.11). This gives ¢; as,

() = Kpge i) (2.13)

The BRICE code and Egs. (2.11) and (2.13) have been used in this the-

sis to examine the interreltionship between ¢; and Ip for various incident
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lon energies for Ni on Ni. The distribution of ¢;(z) as a function of depth is
examined for decreasing ion engeries. The values of ¢; versus incident ion
energies are shown for various points along the ion range with the addi-
tional effect of two different electronic stopping power models, Brice(1977)
and LSS, Linhard and Scharff(1961), included. Finally the two damage
codes BRICE and HERAD are shown to affect the depth distribution of
€; in significantly different ways. All damage code results are for a Ni on

Ni heavy ion irradiation.

2.2.3 Results and Discussion

From Eq. (2.13) we observe competing trends. Both F(z) and Sp(z)
go through a maximum as the depth, x, is varied from the front surface
to the end of the ion range. This can be observed in Fig. (2.4) where
the BRICE code has been used to calculate the displacement value, Eq.
(2.11), versus depth for 5 and 14 MeV Ni on Ni (solid line Fig. 2.4).
Additionally it can be noted that as the incident ion energy is decreased,
F(z) (dashed line Fig. 2.4) can almost completely overlap the damage
profile. Plumton et al.(1984) showed that for low energy ions this increased
overlap reduces void nucleation even though the displacement rate (i.e.,
Sp(z)) has increased.

The depth distribution of ¢;(x) is shown in Fig. (2.5) for several inci-
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dent ion engeries. For consistency the ¢;(z) values are plotted out to an

end of range value coincident with a damage rate of ~ 107® dpa/s. For 0.5

Mev irradiations ¢; is extremely large which will give a large void suppres-
sion effect under even mild point defect recombination conditions. Under
the appropriate irradiation conditions an excess interstitial fraction as low
as 10™* can have significant results,Plumton and Wolfer(1984). Therefore,
for Ni ions with incident engery < 5 MeV there is no damage area free
from the presence of the excess interstitials and free from the influence of
the front surface. In contrast, for a 14 MeV ion irradiation, there exists a
depth region from 0.4um to 1.2um where ¢; should have little effect.
Examination of Fig. 2.6, which compares ¢; as a function of depth be-
tween the two damage codes, BRICE and HERAD, shows a much larger
¢; value towards the front surface for the 14 MeV HERAD results as com-
pared to the 14 MeV BRICE results. HERAD, which uses a more detailed
physical modeling of the collision process coupled with the absence of any
compromising assumptions regarding the solution of the transport equa-
tion, should result in a more accurate description of the ion deposition
distribution function. The larger value of ¢; near the front surface for the
HERAD results arises from a non-Gaussian shape for F(z) with a long
tail towards the front surface. That a small value of F'(z) should give such
a large increase in €;(z) also results from the decreasing value of Sp(z)

towards the front surface. The magnitude of ¢;, 107% < 107*, that the
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BRICE and HERAD damage codes are compared.
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14 MeV HERAD code gives for the 1.4um depth region is only significant
under conditions where point defect loss is extensively dominated by re-
combination (i.e., low temperatures). Therefore, the two damage codes
will only give significantly different void nucleation and/or swelling re-
sults when the temperature is low and/or the vacancy mobility is reduced
through impurity trapping. The 5 MeV results, Fig. 2.6, show again the
trend of a larger value of ¢;(z) towards the front surface for HERAD com-
pared to BRICE calculations. Comparison between the 5 and 14 MeV
HERAD results at the 1um depth which is a typical depth for transmis-
sion electron microscopy analysis, shows that ¢; (5MeV) is more than an
order of magnitude larger than ¢; (14 MeV).

This low but non-negligible value of ¢;(z) near the front surface might
be responsible for some of the discrepancies observed between experimental
results on nickel irradiated with 14 MeV Ni and the predictions of steady
state void nucleation theory. Low temperature irradiations at 400°C,
Whitley(1978), and 425°C, Badger et al.(1984), both showed that the
void number density was suppressed for almost 2.5um in the total range
of ~ 3um . Void nucleation theory, using BRICE code data, predicted
only ~ 1um of suppressed region, Plumton and Wolfer(1984) and Badger
et al.(1985) . Part of the discrepancy may be attributed to the BRICE
code’s use of a Gaussian distribution function. This Gaussian distribution

gives too small a value for ¢; near the front surface when compared to the
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more accurate HERAD results.

The two remaining figures show BRICE code results for the log of ¢;
versus incident ion energy. Figure (2.7) shows ¢; versus incident ion energy
for the ion deposition peak and the damage peak. In the deposition peak,
we see a smooth increase in ¢; as the ion energy decreases. In the damage
peak, the competing trends that F(z) and Sp(z) impose on ¢;(z) cause a
more complicated behavior. The dip in the ¢; values, at intermediate ion
engeries, occurs because Sp(z) increases faster than F(z). In both peaks
the LSS esp model gives higher ¢; values, ~ 20% greater than the Brice esp
models. Finally, Fig. 2.8 shows ¢;(x) versus ion energy for several damage
rates in the ion deposition region. In all cases ¢; increases smoothly with
decreasing ion energy. The 2 MeV ¢; value is about 50% larger than the 14
MeV ¢; value for the BRICE esp case, while the increase is ~70% for the
LSS esp case. The LSS electronic stopping power models gives ¢; values
10-25% higher than the corresponding Brice esp model.

The reason the LSS esp consistentely gives higher ¢; values than the
Brice esp is that the damage rate, Sp(z), for the LSS model is higher. Why
this is true is not entirely clear. A comparison between the two models
using 14MeV Ni on Ni results shows that LSS predicts a deeper incident
ion range. This would imply a lower damage rate at any given z since the
damage is spread over more material, (e.g., 2.064um for Brice compared

to 2.081um for LSS). The standard deviation in the incident ion range is
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smaller for LSS which means the ions are deposited over a smaller range,
(e.g., 0.222um for Brice and 0.199um for LSS). This might explain why
the damage rate is higher in the damage peak for LSS, i.e., the ions come
to a stop in smaller area depositing more energy there. However, the LSS
model gives higher damage rates all along the damage profile. There does

not yet seem to be any satisfactory answer to this observation.

2.2.4 ¢; Distribution Conclusions

1. The excess interstitial fraction in the ion deposition region decreases
with increasing ion energy which favors the use of higher energy

bombarding ions.

2. The use of the Brice electronic stopping power model gives a lower
excess interstitial fraction than the LSS model in the damage and

ion deposition peak.

3. For incident ion energies < 5 MeV there exists no part of the ion
range free from the presence of a potentially significant amount of
excess interstitials and is at the same time sufficiently far from the

front surface to avoid surface phenomena.



Chapter 3

Radiation Damage Effects

This chapter examines what happens to the vacancies and interstitials
(Frenkel pairs) after their creation. An overview of the field of radiation
damage is presented. For convenience this chapter is divided into four
sections; 1) Void Formation, 2) Swelling, 3) Phase Stability and Solute
Segregation, and 4) Heavy Ion Correlation Theory. These phenomena are
not completely independent so there is some overlap of the discussion.
The first section on void nucleation receives the most attention where the
void nucleation formalism is presented in the form used for the computer

calculations presented in chapter 6 .

31
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3.1 Void Formation

Voids were first observed by Cawthorne and Fulton (1967) in neutron
irradiated stainless steel. There followed a series of models proposed to
account for the nucleation of voids, which were being observed in many
materials. The theory of void nucleation is based on Turnbull and Fisher’s
(1949) model of nucleation in condensed systems. This model has been
greatly expanded and modified over the years.

The first step was to apply this condensed systems theory to vacancies
agglomerating to form voids, Harkness and Li (1969) and Harkness et al.
(1970). This approach did not consider that interstitials are produced in
at least equal numbers as the vacancies in an irradiated material. The
theory was adapted to account for both a vacancy and an interstitial flux
being present, Katz and Wiedersich (1971), Russell (1971), Burton (1971),
and Katz and Spé.epen (1978). This extension is the basic coprecipitation
theory used today and is the basis for the nucleation theory presented in
the latter part of this section. For a void embryo to grow it must have a
larger vacancy flux then interstitial flux. This implies that interstitials are
attracted to some other sink in larger numbers than vacancies. In metals
the only sinks which have long range interactions with point defects are
dislocations, Friedel (1968) and Bullough (1968). This led to the supposi-

tion that dislocations preferentially attract interstitials, Greenwood et al.
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(1959), Shirley (1969), Bullough (1969), and Harkness et al. (1970). This
bias originates from the strain field around an interstitial being larger than
around a vancancy, Shirley (1969) and Bullough (1969), so that the long
range size interaction between a point defect and a dislocation effects the
interstitial more than the vacancy.

In a reactor environment there are gaseous transmutation products
(e.g.(n,a)) so that the effects of gas atoms on void nucleation must be
taken into account. Gas was first included by assuming heterogenous
nucleation where microbubbles of gas act as the void embryo, Bullough and
Perrin (1969), Sears (1971), and Clement and Wood (1980). The void then
grows by vacancy agglomeration. Russell (1972) and Loh (1972) attempted
to extend the coprecipitation theory to a system conmsisting of vacancies,
interstitials, and gas atoms. This approach led to internal inconsistencies
when mobile helium was assumed and also required a special free energy
function, Loh(1972). Katz and Wiedersich (1973) and Wiedersich and
Katz (1973) included insoluble gas in the theory through changes in the
bias of the voids for point defects and in the free energy of formation for
a void. This approach led to the inclusion of mobile helium in nucleation
theory, Russell (1973), Wiedersich et al. (1974), and Russell (1976).

While gaseous impurities received much of the attention it was appar-
ent that nongaseous impurities had a strong effect on nucleation, Corbett

and lanniello (1972). This approach was accentuated by high voltage
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electron microscopy irradiation results, Norris (1970) and (1971), which
indicated that neither gas nor displacement spikes were a prerequisite to
void nucleation.

Since voids are detrimental to a material, the suppression of void nucle-
ation by the interaction of solute atoms with defects has been examined.
Smidt and Sprague (1973) and Mansur (1979) postulated that void nucle-
ation would be reduced by vacancy trapping at solute atoms. They claimed
that vacancy trapping leads to enhanced recombination which lowers the
vacancy supersaturation and hence lowers the nucleation rate. This re-
quires slow moving or immobile solute atoms. Venker and Erlich (1976)
conjectured that there was a correlation between fast diffusing, solutes and
nucleation suppression rather than immobile solute atoms. Garner and
Wolfer (1981) further advance Venker and Erlich’s theory by stating that
fast diffusing solute atoms enhance the vacancy mobility which decreases
the vacancy supersaturation and hence reduces the void nucleation rate.
They also state that slow moving solute atoms which act as vacancy traps
actually increase the void nucleation rate because the trapped vacancies
act as void embryos. Mansur (1979),on the other hand, considered the
vacancy traps to be saturable and so not a site for void nucleation.

Impurities can affect void nucleation by either changing the free mi-
gration of point defects, as discussed above, or by changing the relative

capture efficiencies of point defects at sinks. Impurities have been ob-
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served to segregate to void surfaces, Okamoto and Wiedersich (1974) and
Farrell et al. (1977). This segregation occurs because of favorable surface
thermodynamics as well as impurity coupling to radiation induced point
defect fluxes.

The voids bias for point defects in the presence of impurities was
treated by Brailford (1975). He modeled a reduction in void growth by as-
suming that the solutes segregating to the void surface reduce the vacancy
diffusivity relative to the self-interstitials. A different approach was taken
by Wolfer and Mansur (1976), (1978), and (1980) where they modeled
the solute around a void as a shell. The shell model uses the concept of
point defect bias factors, Wolfer and Ashkin (1975), where the mechanical
interaction between point defect and voids coated with a shell of material
different from the matrix leads to a capture efficiency (bias factor) differ-
ent from that of a bare void. They found that a shell with a shear modulus
just a few percent larger than the matrix shear modulus results in voids
strongly biased against interstitials.

The effects of non-gaseous impurities (solute) have been incorporated
into nucleation theory in several ways. Russell and Hall (1973) and Rus-
sell (1973) altered the free energy of formation for a void by subtracting
off the binding energy between the void and the impurity. Russell (1978)
again modeled the impurity effects by a change in the void’s free energy

by allowing the change in void/matrix surface energy, caused by the im-
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purity, to alter the free energy. Si-Ahmed and Wolfer (1982), using the
nucleation formulation of Katz and Wiedersich (1971), investigated the
effects of segregation on void nucleation by utilizing capture efficiencies
sensitive to the presence of impurities.

The nucleation theories to date have not discriminated between neu-
tron irradiation and heavy ion irradiation and have generally been geared
toward neutron irradiation. The differences in the void nucleation pro-
cess between the two types of irradiation must be understood before one
can use heavy ion irradiation to gain information on the potential neu-
tron irradiation effects. The effect of transmutation products is not the
only difference, there is also a basic difference related to the nature of
irradiation.

During ion irradiation, the high energy ion creates equal numbers of
interstitials and vacancies. If only damage is considered, then the produc-
tion rate of vacancies equals the production rate of interstitials, as is the
case for neutron irradiation. However, the injected atoms that are causing
the damage come to rest in the solid, which means there are more atoms
then lattice sites. These injected atoms are excess interstitials above that
produced by damage alone.

Using the formalism of Katz and Wiedersich(1971) and Si-Ahmed and
Wolfer (1982), the effect of excess interestitials on the void nucleation
rate has been examined, Plumton and Wolfer (1983a,b),(1984), Plumton
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et al (1984), and Badger et al.(1984). The following subsections review
quasi steady-state rate theory and then describes how this theory can be
utilized in computer calculations. The specialized application to heavy
ion irradiation is touched on at the end of this chapter leaving the ion

bombardment void nucleation results to chapter 6.

3.1.1 Review of Steady-State Void Nucleation

Theory

The basic assumption of steady-state void nucleation theory is that after
a transititory lag time, some final steady state is reached, where the cluster
concentration below the critical size is constant. This final steady state is
maintained by a fixed supersaturation of vacancies and interstitials while
all other processes are in thermodynamic equilibrium. In this section the
rate equations used to obtain the vacancy and interstitial concentrations
will be presented followed by the nucleation formalism which uses these
concentrations.
The vacancy and interstitial steady state rate equations can be written

in the form
P, - «D,C,D;C; — Z N,AZ(C, —C2)=0 (3.1)

P, - «D,C,D;C; - > N,A,Z{D;C; =0 (3.2)
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For vacancies (interstitials) the production rate is P,;), the diffusivity is
D), the concentration is Cy(;) and the sink capture efficiency is Zy(i). For
a sink of type ”S” Ng is the number of sinks, Ag is a geometry factor,
and C? is the vacancy concentration in thermal equilibrium with the sink.
The recombination constant is k. These two rate equations can be put
into a manageable form by the introduction of a few definitions. Take the

neutral sink strength, Q, to be
Q= ES: NsAs (3.3)
For the case of voids and dislocations as the major sink @ becomes
Q = Nodnr + p27r[ln(%)]”1 (3.4)

where r is the void radius, p is the dislocation density, d is one half the
distance between dislocations, and b is the burgers vector. The average

bias factor Z,) for interstitial (vacancies) is defined as

— 1
Zi(u) = a zs: NSASZ‘E:%U) (3’5)
Finally the sink averaged thermal vacancy concentration is
— 1
Co=—==% NsAsZ5CS (3.6)
aZ, %

and the rate equations, (3.1) and (3.2), can now be rewritten in the fol-

lowing form

P, — kD;C;D,C, — QZ,D,(C, — C,) =0 (3.7)
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P, — kD,C;D,C, — QZ;D;C; =0 (3.8)

These two equations can be solved for D;C; and D,C, where in the past P;

was taken as equal to P, to simplify the above two equations , Si-Ahmed

and Wolfer(1982). For the case of heavy ion irradiations P; # P, . This

point will be further examined in chapter 6, where D;C; and D,C, for the
ion bombardment case are presented.

The following nucleation formalism follows the work of Katz and Wieder-
sich (1971) with recent modifications by Si-Ahmed (1982). The assump-
tion of a constrained equilibrium state is used to assign a thermodyan-
mic potential, G(z), to the constrained equilibrium distribution function,
n(z). In addition the principles of detailed balancing can be applied to the
distribution function in the equilibrium state. These two forms of the dis-
tribution function are then equated to obtain a potential energy function
in terms of the rate constants.

The rate constants describe the expansion and contraction of void nu-
clei in single increment steps (i.e., one vacancy arriving). Take a(z) as the
interstitial capture rate, #(z) as the vacancy capture rate and y(z) as the

vacancy re-emission rate. These rates can then be defined as
a(z) = 4nr(z) 20 (z) D;C; (3.9)
B(z) = 4nr(z)22D,C,

vz + 1) = 4nr(2) Z2°D,C?



40
where z is the number of vacancies in the void, and a sink of type ”0” is
a void. The interstitial re-emission has been taken as zero. Now the equi-
librium potential energy AG(z) for the equilibrium distribution function,

n(zx), is given by
AG(z)
kT

The principle of detailed balancing can also be applied to the equilibrium

n(z) = n(1)exp|— ]. (3.10)

state n(z) giving

Bz)n(z) = [e(z) + v(2)In(z + 1). (3.11)

This recursion relation can be repeatedly applied resulting in the following

useful form,

a(k)y(k)’

Combining equations 3.10 and 3. 12 n(z) results in

AG ~(k)
Zl W]. (3.13)

k=2

(3.12)

'.:l

This ”free energy” function is a quasi-thermodynamic potential of a void
consisting of z vacancies. Combining equations (3.9) and (3.13) gives
AG(z) in a form useful for calculations.

20(k
(5)! 320(15 )1)DiCi + D,C3
Z In| DO ] (3.14)
where for voids C5 (= Cf)’ ) has been derived by Katz and Wiedersich (1971),

t-1)2%z~-1)  E°(z)—-E°(z—1)—- PQ
r(z)  2%z) ezp| kT

0 = g™ . (3.15)
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Here C¢? the equilibrium concentration of vacancies, E°(z) is the energy of
a cavity containing z vacancies, P is the gas pressure, and {1 is the atomic
volume.

The steady state nucleation rate, Ig,is given by
Is = B(z)Fs(z) — [o(z) + (z)]Fs(z + 1) (3.16)

where Fg is the steady state cluster size distributon function. This can be
combined with the constrained equilibrium distribution function, n(z), to

obtain Ig. Doing this yeilds

Fs(x) _ Fs(x + 1)
n(z) n(z + 1)

Is = B(@)n(a)] ] (3.17)

From this recursive relation, with the use of the appropriate boundary

conditions (Abraham(1974)), one obtains
N-1
1 (3.18)
k=1
This nucleation equation may be put into a useful form by the application

of equations (3.9) and (3.10). This yields

AGz]

3 ! exp|
I= 2""‘10(2 )1/3D 02[2 Zo(x)xl/sl -

(3.19)
where a, is the lattice parameter. This is the form of the steady state

nucleation equation used in the computer code whose results are presented

in chapter 6.
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3.1.2 Implementation of Void Nucleation Theory

A computer program has been developed to calculate the nucleation
rate of nickel irradiated with nickel ions, copper irradiated with 14 Mev
copper and stainless steel irradiated with nickel. The results of computer
calculations using this code are presented in chapter 6. Nickel was orig-
inally chosen because of its well documented materials parameters and

because of the available experimental void density data.

Surface Energy of a Void Nuclei

For the implementation of this program the energy of a void E°(x) is
taken as

E°(z,t) = 4nr?(z)y(z, T) (3.20)

N(T) =~ + (773 — T) x 5.5 x 1074[J/K] (3.21)

where 4(z,T) is the surface energy and has been corrected for both tem-

perature and surface curvature effects. The temperature correction, Murr

(1975), is where =, is the surface energy at 500°C. The correction for sur-

face curvature, Doyama and Cotterill (1967) and Cotterill and Doyama

(1967), is expressed by

0.8
z+2

(2, T) ~~(T)(1 - ) (3.22)

where the curvature correction is an extrapolation from Doyama and Cot-

terill’s data.
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Interaction Energy of Point Defects with Voids

Before examining the bias factors associated with a void one must
consider the diffusion of point defects to the void and any long range
interactions between the point defect and the void. This subject has been
examined by Wolfer and Ashkin(1975) and Wolfer and Mansur(1980) and
will be reviewed here.

In a real crystal the diffusion flux of point defects contains a drift term,

second term in equation (3.23).

J=-V(DC) — DC%VUS (3.23)

The drift term is a function of the saddle point energy,U’(r), which is
itself a function of its position in the crystal. This concept is shown in
figure 3.1, where the dashed line represents an ideal crystal and the solid
line is a stressed crystal. Here, U® is the pontential energy of the saddle
point configuration and U¥ is the energy of the stable configuration. This
formalism arises because the diffusion, D, is assumed to depend on the

lattice deformation through,
_TM
D(r) = Doexp[—%i,g)] (3.24)

where D° is the diffusion coefficient for a strain free lattice. The change

of the activation energy for migration is

UM(@r)=U3(r) - U"(r).
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POTENTIAL ENERGY
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MIGRATION DISTANCE

Figure 3.1: Potential energy variation for a migrating point defect in an

ideal, dashed curve, or a stressed, solid curve, lattice.
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It is known that under irradiation solutes and/or impurities migrate
to surfaces and since a void nuclei is a surface it is reasonable to suppose
that this segration leads to a shell around the void of different mechanical
properties than the matrix, Wolfer(1975). The total interaction energy
of the point defect with a void of radius, ry, with a shell of thickness

h = ry — 1o is given by,
US(r) ~ AU* + Ul(r) + U°(r) (3.25)

for ro < r < rp and

US(r) ~Ul(r) + U°(r) (3.26)

for r > 77, Wolfer and Mansur (1980). Here AU* is the total shell barrier
energy, UJ(r) is the image interaction of the point defect with the void
and U’(r) is the stress induced interaction. Because of the form the bias
equations will take it is necessary to know AU* while the other two inter-
action energies will not be defined. They are left undefined since they do
not enter into the nucleation program directly, however the bare void bias,
which is a result of examining U®(r) = U{(r) + U°(r), will be reviewed.

The shell barrier energy, AU*, is made up of three components
AU* = AU® + AU + AU”. (3.27)

In this formalism the spatial variation of the shell barrier energy has been

replaced by constant values, e.g., AU. The first shell barrier energy, AU°,
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arises from considering a center of dilation embedded in an infinite ho-
mogemous elastic medium, Eshelby(1956), which is called the relaxation
energy. Wolfer and Mansur(1980) have shown that for a coated void this
interaction energy can be approximated by function depending on the dif-

ference in shear modulus between the shell and the shell and the matrix

(Ap), where AU® is

2(1+ V)MQ(£)2A/J,
9(1-v) O u

Here v is poissons ratio, u is the shear modulus, v is the relaxtion volume

AU® = (3.28)

of the point defect and {2 is the atomic volume.
The second term in the shell barrier energy arises from a coherency
strain which exists if there is a lattice parameter mismatch between the

shell and the matrix. The form of AU ,Wolfer and Mansur(1976), is given

by,
21+ V)uﬂ(g)Aao
T (1-2v) Q7 a

where qg is the latice parameter. The third term in the shell barrier energy

AU® (3.29)

comes from considering external loads on the crystal or internal pressure
in the void nuclei. It will be assumed that the external loads produce a
hyrostatic stress, ox. This energy contribution was first given by Wolfer
and Mansur(1976) and latter approximated by Wolfer and Mansur (1980)
resulting in,

(14+v)Q, 205 —P)}(E Ap

AU”=.—{0HQ+3(1_V)(TO Q) u

(3.30)
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where P is the gas pressure in the void and oy is the surface tension of the
void. This total shell barrier energy, AU*, is then used in the void bias

calculations.

Void Bias Factors

The void capture efficiency (bias factor) is obtained by solving the
steady state diffusion equation V - J = 0, Wolfer and Ashkin(1975). For
a spherically symmetric interaction the bias factor is defined as, Wolfer
(1975),

2 =(f " d(ro/r)ezplUS (r) /KT])"" (3.31)
Splitting this integral into parts one obtains one integral over the shell and

one integral over the matrix . The bias of a bare void , Z®, is given by the

integral over the matrix and is defined by

T 1 3 af Aay 20
b A Y R P 2% _ 49512 3.32
221+ )L s on t AR T (3:32)
where
.2 (1+V)2
F=m 367(1 —v)

and o is the shear polarizability.

The void bias factors, Z?(z) and Z%(z) can then be given by

o (eal ] - DI (3.3

Z°(z) = Z°(=)[1 +
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This equation is an approximation to the formulae given in Wolfer and
Mansur (1980). Here, h(z) is the effective thickness of the segregation
shell around the void of radius r(z), Z%(z) is the bias factor of a bare void

containing x vacancies.

Form of the Excess Interstitial Fraction

The effect of injected interstitials on void nucleation is expressed in
terms of the parameter ¢; which is equal to the ratio of the injected in-
terstitials to the interstitials produced by displacements. ¢; is calculated

from
Cii
C;

where Cj; is the concentration of deposited ions and Cj4 is the concentra-

(3.34)

€ =~

tion of interstitials produced by damage. These concentrations, C;; and
Cid4, are obtained from the Brice damage code, Brice (1977). The excess
interstitial fraction for nickel was shown in chapter 1.2 as a function of
depth and incident ion energy

The inclusion of the excess interstitials into the total interstitial pro-

duction rate, P;, is accomplished by
P.=P,(1+¢) (3.:35)

where the production of vacancies, P,, is the damage rate given by the

Brice code times the survival fraction for in cascade recombination.
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3.2 Swelling

The main microstrucutral components in irradiated metals are voids and
dislocations. Swelling refers to the accumulation of vacancies into a void
leading to void growth and the concomitant accumulation of interstitials
at dislocations. Swelling peaks at some intermediate temperature, T ~
0.4T)s where Ty is the melting point of the metal. For temperatures
above the peak swelling temperature, I’ > 0.5T)s the thermal emission
of vacancies from voids increases so that void growth stops or reverses.
For temperatures below the peak swelling temperature, T' < 0.3T)s the
vacancies are no longer mobile and so can not migrate to the voids. The
formalism generally used to model swelling is the chemical reaction rate
theory where a steady state defect production is used to find the defect
concentrations. The actual microstucture (e.g. dislocations, voids, point
defects, etc.) is replaced by a homogeneous effective, "lossy”, medium
where the point defect concentrations are averages. The following section
outlines the early beginnings of swelling theory. Recent papers and reviews
are then drawn upon for a technical discussion of swelling.

Greenwood et al. (1959) first p(;stulated that dislocations in a metal
had a bias for interstitials so that vacancies in an irradiated metal could
then condense on bubbles causing growth of these bubbles. Over a decade

later Harkness and Li (1971) incorporated the dislocation bias into an
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irradiation swelling rate theory. The theory is a quasi-steady-state ap-
proach that describes void and dislocation loop growth as a function of
temperature, neutron flux, and type and density of sinks. The preferen-
tial attraction between the stress field of a dislocation loop and the misfit
strain of an interstitial is the bias effect that allows voids to grow.

Bullough and Perrin (1971) used a cellular model to study the growth
of a typical void surrounded by a homogenized distribution of dislocation
sinks. The approach leads to coupled nonlinear spatial diffusion equations
in the spherical region around the void that are solved numerically, once
boundary conditions are determined, for the steady state vacancy and
interstitial concentrations. The excess vacancy flux into the void is then
obtained from these concentrations.

Wiedersich (1972) used chemical reaction rate theory to formulate basic
rate equations for the spatially averaged point defect concentrations. The
point defects are assumed to be produced randomly throughout the solid
and they then move by random walk through the lattice until they recom-
bine or are incorporated into a sink. The accumulation rate of vacancies
can then be determined directly. By the use of reaction rate equations,
rather than the diffusion equations, the consideration of boundary condi-
tions are delayed until after the average point defect concentrations are
determined. The sink strengths used in the rate equations are determined

separately, by solving the local spatial diffusion problem for each type of
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sink considered. This approach was further developed by Brailsford and
Bullough (1972).

There has been extensive work done on void swelling since the chem-
ical reaction rate approach was first implemented. Recent reviews are
Mansur (1978a) on void swelling and Brailsford and Bullough (1981) on
sink strengths. Following the formalism of Mansur (1978a) the growth
rate of a void and dislocation loop will be reviewed.

The growth rate of a void is the net flux of vacancy volume per unit

area per unit time. For a void of radius r,,

s~ zep,(C, - O] - 22} (3.36)
dt Ty
where
. e 2y, Q
Cv(’rv) - Cvezp[ (P ﬁ) kT

C¢(r,) and C¢ are the thermal vacancy concentrations at the void surface
and in the bulk respectively.Here P is the gas pressure in the void, ~ its
surface tension, and () the atomic volume. The symbols D, ;, C,; and
Z,; are the diffusion coefficients, the concentrations and the void capture
efficiencies of the vancancies and interstitials respectively. The void growth
rate is driven by vacancy accumulation and reduced by vacancy emission
and interstitial capture.

The concentrations are obtained by solving the coupled steady state
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rate equations,

P, — kC,C; — K,C, =0 (3.37)
I),' — K,C,,Ci — K,'C,' =0

where P, ; and K, ; are the production rate and reaction rate constants for
vacancies and interstitials respectively and « is the coefficient of recombi-
nation.

The physics of this chemical rate theory model lie in the reaction rate
constants which describe the loss of point defects to sinks. There are
many sinks such as voids, dislocation loops, and grain boundaries which
are modeled by a homogeneous distribution throughout the continuum
with K, ; =3 Kt{,l- where j refers to a particular sink. These reacton rate

constants are expressed as
K, =S!,D;, (3.38)

where Sz-’;v is the sink strength of a sink of type 7. The sink strength is

composed of three multiplicative contributions such that
Si, =gzl m (3.39)

The first factor is a geometric parameter, g/, which describes the pro-
portionality between some sink property and the point defect absorption.
The second parameter is the sink capture efficiency, Z’ (or bias factor),

which is the ratio of the point defect flux to the real sink compared to that
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of a neutral sink. Finally, m? is the multiple sink correlation correction
factor which accounts for interactions that may occur between sinks that
are present. These point defect sink strengths are calculated by examina-
tion of the diffusion equations around each sink. This has been reviewed
extensively by Brailsford and Bullough (1981).

The formation of interstitial dislocation loops precede the formation of
voids. The strong bias that dislocation loops have for interstitials allows
the voids to nucleate by insuring a ”"neutral” sink such as a void will see
more vacancies than interstitials. Following Mansur (1978) the growth

rate of an interstitial loop of radius 7, is

dr
d_t‘ = a*{Z!(r)D:C; — Z}(r)D,[C, — C(r)]} (3.40)
where
a2
Ci(r) = Ciexp|—(vs + Er — aa)ﬁ

The symbols ~y, Ej,0 and a denote stacking fault energy, loop elastic en-
ergy, hydrostatic stress, and the lattice parameter respectively.

Examining the terms on the right hand side of equation (3.40) we find
that the interstitial loop growth rate is driven by interstitial capture and
vacancy emission. For the loops to grow, the interstitial bias must be
larger than the vacancy bias. This result leads to unique problems in the
titanium system.

Titanium, when irradiated, forms vacancy loops, Brimhall et al. (1971).
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The above theory, when used for vacancy loop growth, has the signs of
the terms in equation (3.40) reversed. The vacancy loop therefore can not
grow and is unstable even if formed in a cascade, unless some way is found
to change the dislocation loop bias for interstitials. Bullough et al. (1979)
made an attempt to resolve the contradiction between the theory and ex-
periment. They proposed that the bias increases with increasing loop size
and that small loops are relatively neutral. This would indicate that va-
cancy loops would be smaller than interstitial loops. Although Jostons
et al. (1980) have found a bimodal size distribution in irradiated tita-
nium that would support the premise of Bullough et al., a more appealing
approach has been discovered.

Woo (1982) has examined the anisotropy of the point defect strain field.
Previously an isotropic defect strain field was assumed to interact with the
sink strain field in the continuum theory of drift diffusion from which the
point defect current into the sink was calculated. However, the saddle
point configuration of point defects is not isotropic. Woo includes a shear
component in the point defect strain field to account for the anisotropy
of the saddle point configuration. This shear component interacts with
the shear component of the dislocation loop strain field. This additional
interaction is different for vacancy loops as compared to interstitial loops
so that there exists an intrinsic bias differential between the two kinds of

loop. The result is that vacancy loops can have a negative bias which
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is a preference for vacancies. This can potentially explain the results in

titanium.
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3.3 Phase Stability and Solute Segregation

Introduction

Considering the amount of energy absorbed by a metal undergoing
irradiation the possibility of structural instability from a phase diagram
modification becomes an important question. The energy needed to pro-
duce a Frenkel pair thermally is ~ 5eV and the number of Frenkel pairs
produced over a lifetime in a fusion reactor cladding is easily one hundred
times the number of atoms in that cladding (e.g., 100 dpa). This amounts
to 1x 107cal/mol , if all the energy is accumulated, which is huge compared
to the 1x 102 —1x 10® cal/mol which is typical of the free energy difference
between phases. However, for a phase change to occur the responses of
the metal must be cumulative since the dpa rate in a neutron environment
is 1 X 107® dpa/sec. Using 5eV per dpa again gives 0.1 cal/mol/sec which
is too low to affect a phase change without some cumulative response in
the metal. Care must be taken in transferring the effects of ion irradiation
to neutron irradiation since a dpa rate of 1 x 10™3 dpa/sec, typical in ion
irradiations, gives 100 cal/mol/sec which is large enough to affect a phase
change with less cumulative response. The above argument is heuristic,
at best, since most of the Frenkel pairs recombine which dissipates the
energy as heat. Still, there just needs to exist a weak cumulative coupling

between the defect production and the phase stability to drastically alter
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the microstructure of the irradiated metal.

The first half of this section deals with precipitate and phase stability
while the latter half addresses solute segregation. Experimental results
and theoretical interpretations of precipitate and phase stability have been
reviewed by Hudson (1975), Russell (1977), Wilkes (1979), and Frost and
Russell (1982). The following reviews the theories of precipitate and phase

stability in a metal under irradiation.

3.3.1 Precipitate and Phase Stability

The problem of precipitate stability was addressed by Nelson et al (1972).
They first postulated an enhanced diffusivity for substitutional atoms,
since during irradiation there is a supersaturation of vacancies. They then
modeled the recoil resolution of a precipitate, due to displaced precipitate
atoms coming to rest in the matrix, by a simple change in precipitate
volume with time. This is then directly proportional to the irradiation
flux and the precipitate surface area. The size of the precipitate is then
determined by the balance of radiation enhanced diffusion and radiation
resolution. This theory has been further refined by Wilkes (1979) and
Frost and Russell (1981). This balance between the precipitate size and
the matrix solute concentrations is illustrated in figure (3.2).

Wilkes et al (1976) proposed a thermodynamic model for phase insta-
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Figure 3.2: Sputtering from a precipitate’s surface giving rise to a steady
state distribution (a-c) or(d) to new nucleation, or (e) to dissolution. In

(e) the dashed lines represent the supersaturation necessary for nucleation.
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bility. They noted that the free energy of a phase includes the free energy
of its defects and since this defect free energy differs from phase to phase
the relative free energies under irradiation will change, see figure (3.3).
Wilkes et al. just considered the vacancy concentration, C,, which they
took to be 1 x 10~* and the vacancy formation energy, EF to be 1eV. This
gives 107* eV /atom which they compared to phase transformation energies
of 107* — 1073 eV /atom. Russell (1979) criticized this approach comment-
ing that the vacancy concentration was a maximum value and that the
transformation energies really extended from 1073 to 1072 eV /atom and
not down to 10™* eV /atom. For the Wilkes et al. approach to have merit
the effect of the vacancy supersaturation and the interstitial concentra-
tion must be included along with any accumulation effects such as voids,
vacancy loops, and interstitial loops. All of these defects together could
make a significant increase in the free energy of a phase.

Maydet and Russell (1977) forumulated a kinetic theory that treats
vacancies as a component for incoherent precipitation. They obtained a
potential function,¢ that was part thermodynamic (i.e. solute and vacancy
supersaturations) and part kinetic (i.e. precipitate/matrix misfit and point
defect biasing). This free energy forumulation can raise or lower the free
energy of a phase, see figure (3.4), where

¢ = —kThS,[S,(1 - %)]5 — [kT]S,(1 - %)] /4B (3.41)

v
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Figure 3.3: Both phases move up under irradiation but o moves up more.

The tangent construction gives a’ and b’ instead of a and b for o and g,

respectively.(Wilkes et al.,1976)
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Figure 3.4: Plot of effective free energy for a hypothetical system . Irradi-
ation stabilizes the 1 phase and destabilizes the # phase, thereby altering
the phase diagram.(Maydet and Russell,1977)
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Here S, and S, are the solute and vacancy supersaturation,;, are the
arrival rates of interstitials, vacancies, and é is the precipitate/matrix
misfit 6 = (Q — Q,,)/Q . The symbols 2 and (Q,, are the atomic volume

of the precipitate and the matrix and

_ QE
C9kT(1-v)

B
where E is Young’s modulus and v is Poisson’s ratio.

Martin et al (1977) point out that this theory predicts homogeneous
precipitation of oversize solutes in an undersaturated solution, under irra-
diation conditions, and that this is the opposite of all experimental obser-
vations. It is experimentally observed that undersized solutes (6 < 0) in
an undersaturated solution precipitate incoherently. Cauvin and Martin
(1978) generalized Maydet and Russell’s theory and found the improved
model predicted radiation induced incoherent precipitation of an under-
sized solute.

The effects of radiation on ordered alloys has been reviewed by Wilkes
(1979) who cites experimental evidence showing that radiation can cause
disordering or reordering. Liou and Wilkes (1979) presented a theory
for radiation induced order-disorder phase transformations. They found
that the rate of change of the order parameter, S, to be the sum of the
irradiation disordering and the radiation enhanced thermal ordering rates;

The effect of irradiation on a hypothetical phase is illustrated in figure
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(3.4).

The phase stability of a metal is also affected by solute coupling with
the defect flux to a sink. If there is a coupling between this defect flux
and solute atoms then the composition around the sink is altered. This
non-thermal equilibrium partioning of solute in the metal can result in
phases appearing that are from a different part of the equilibrium phase
diagram than expected from the over all composition of the solid. Solute
segregation affects not only the phase stability but also void nucleation
and growth, so it is important to have an understanding of the possible

atomistic mechanisms involved.

3.3.2 Solute Segregation

Solute segregation takes two form; the first being radiation enhanced and
the second being radiation induced, following the definitions of Wilkes
(1979). Radiation enhanced refers to the faster approach to thermal equi-
librium because of the large supersaturation of vacancies and interstitials
enhancing the solute mobility. Radiation induced refers to a non-thermal
equilibrium distribution of solute due to solute coupling to point defect
fluxs. Solute segregation has been reviewed by Wiedersich et al. (1977)
and Okamoto and Rehn (1979) and in the conferences edited by Stiegler

(1979) and Holland et al. (1981). The following reviews the important
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Figure 3.5: Irradiation effects on ordered phases
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theoretical aspects of solute segregation.

The likelihood of solute segregation during irradiation was predicted
by Anthony (1972) and first experimentally confirmed by Okamoto et al.
(1973) using high voltage electron microscopy to observe the metal while
it was being damaged. Anthony predicted two vacancy mechanisms would
account for the solute segregation. The first mechanism he suggested is
preferential exchange of substitutional alloying elements with vacancies.
For a vacancy flux in one direction one can obtain a solute flux in the
opposite direction which is equivalent to the Kirkendall effect. The second
mechanism Anthony suggested is a solute drag model where the vacancy
and solute have a strong binding energy. This gives the solute and vacancy
flux in the same direction. These two mechanisms can oppose or help one
another.

Okamoto and Wiedersich (1974) observed stain fields around voids
from which they deduced solute segregation had occurred. They presented
a different atomistic mechanism than Anthony’s and they also presented
a kinetic theory to utilize this mechanism. They noted that undersized
solutes segregated towards surfaces and that oversized solutes migrated
away from surfaces. They conjectured that undersized substitutional el-
ements preferentially traded places with oversized solutes in interstitial
sites so that it is the interstitial flux and not the vacancy flux that dom-

inates solute segregation. Johnson and Lam (1976) extended the theory
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to include interstitial-impurity and vacancy-impurity interactions as well
as the possibility of bound complexes migrating. They first studied the
segregation of solutes to a surface in a thin foil, then they extended the
theory to account for segregation to a void’s surface, Johnson and Lam
(1977).

Marwick (1978) points out that while the above theories are good for
dilute systems they are not applicable to concentrated alloys. Marwick
uses the Kirkendall effect, Bardeen and Herring (1950), to include the ef-
fect of a vacancy gradient in an irradiated alloy. The Kirkendall effect
explains the diffusion currents due to a compositional gradient by noting
that the different components in an alloy system have different diffusivi-
ties and by assuming that the vacancies are in thermal equlibrium. Mar-
wick then assumes; following Manning (1968), that any binding energy
between a vacancy and a particular species of atom must be neglected.
In a concentrated alloy this is reasonable because any vacancy, assuming
randomness, will have nearest neighbor representatives of each alloying
component. This inverse Kirkendall theory then predicts that fast moving
solutes move up a vacancy concentration gradient which results in solute
depletion at sinks while slow moving solutes move down the vacancy gra-
dient resulting in enhancement at sinks. Marwick cites experimental evi-
dence in the Fe-Ni-Cr system which shows that Ni is a slow diffuser and Cr

is a fast diffuser. This diffusion data used in Marwick’s inverse Kirkendall
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theory then predicts Ni enhancement and Cr depletion at sinks. This is
observed experimentally, Okamoto and Wiedersich (1974) and Johnston
et al.(1977).

Wiedersich et al (1979) modified the Johnson and Lam theory to ac-
count for radiation induced segregation in concentrated binary alloys by
neglecting vacancy-solute complexes. Recently Lam et al. (1982) extended
the Johnson and Lam theory to ternary alloys, where the specific alloy sys-
tem the modelled was the Fe-Ni-Cr system. Lam et al explained the Ni
enhancement and Cr depletion at sinks by both the difference in diffu-
sivities and by solute interstitial binding. The Johnson and Lam kinetic
theory has also been utilized, Lam et al. (1978) and Okamoto et al. (1982),
to include the effects of the spatially dependent defect production rate en-

countered in heavy ion irradiation.
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3.4 Heavy Ion Correlation Theory

The theoretical efforts to relate the heavy ion irradiation results to fast
neutron results have mainly concentrated on void swelling with some work,
increasing recently, on solute segregation. The void nucleation correlation
between the two types of irradiation conditions has not received much
theoretical attention. This correlation effort is reviewed in section 3.1 and
chapter 6 and will not be referred to again here. The correlation effort
on void swelling has been reviewed by Kulcinski (1974), Mansur (1978),
and Garner (1983) while the correlation effort on solute segregation has
been reviewed by Okamoto et al. (1982). This section will review the
correlation efforts in the areas of void swelling and solute segregation.

Nelson and Mazey (1969) first proposed using high energy heavy ions to
simulate fast neutron irradiation damage because the estimated fast neu-
tron dose in a reactor or components of a breeder reactor or fusion device
was many times what could be acquired in a thermal reactor. Therefore, to
understand the damage structure caused by many atomic displacements,
heavy ion irradiation was used to simulate the neutron damage. The fact
that heavy ion irradiation causes damage at 103 dpa/sec rather than the
107% dpa/sec of the neutron case is the big advantage. This advantage
means that damage doses equivalent to the lifetime (~ 100 dpa) of a fast

reactor can be obtained in about a day in heavy ion irradiation. In a reac-
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tor irradiation it is difficult to separate the effects of the radiation damage
from the transmutation products and to accurately find the influence of
temperature. In an ion irradiation the individual influences of damage
level, damage rate, temperature and gas/impurity effects on void forma-
tion and solute segregation can be assessed. The problem then arises of
correlating the heavy ion irradiation results to neutron irradiation.

Kulcinski et al. (1971) proposed that the basic damage measurement
of dpa, displacement per atom, be used to correlate ion damage to neutron
damage. They found the range and distribution of implanted ions and used
only the nuclear energy transfers to calculate the displaced atom density.
They also pointed out that bombarding a sample with atoms normally
found in the target material avoids the problem of a high concentration
of impurity atoms such as occurs in a carbon ion irradiation, e.g., Nelson
and Mazey (1969).

The increased dose rate of a heavy ion irradiation, although advanta-
geous from a time requirement point of view, does have adverse effects.
Bullough and Perrin (1970), neglecting mutual recombination, predicted
that the high temperature void cut off temperature would increase with
increasing damage rate. Bullough and Perrin (1971), using rate theory,
predicted that the peak in swelling shifts to higher temperatures with in-
creasing displacement rate. This means that a heavy ion irradiation should

be conducted at a higher temperature (e.g. 600°C) to simulate a neutron
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irradiation at a lower temperature (e.g. 500°C) provided the dislocation
and precipitation structure and the vacancy and interstitial biases remain
constant with respect to the temperature shift. This temperature shift
occurs because for the same type displacement event and constant mi-
crostructure the point defect arrival ratios at sinks must remain constant
for the different defect production rates. The effect of cluster formation on
this approach was examined by Straaslund (1974) who found that account-
ing for clusters in cascades reduced the temperature shift. Westmoreland
et al. (1975) summarized the temperature shift effect when mutual recom-
bination was included in the rate theory.

Mansur (1978b) extended the temperature theory to several limiting
cases. The six limiting cases are divided into three modes of defect ab-
sorption at the void and two processes of point defect loss. Two of the
modes of interstitial and vacancy absorption are determined by the rate
controlling step being either surface reaction control or diffusion control
for both defects. The third mode is for interstitial and vacancy to be
surface reaction controlled and diffusion controlled respectively. The two
processes reflect the dominant point defect loss mechanism. The mech-
anisms are loss to sinks or loss by mutual recombination. Though the
limiting cases are important the experimental data used by the theory
has enough uncertainty to preclude the accurate prediction of a tempera-

ture shift. Mansur states that the uncertainty in the vacancy diffusivity,
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derived from different published values, is enough to give a shift of 50°C.
Garner and Guthrie (1975) noted that materials irradiated with heavy
ions would have an ”internal temperature shift” due to the displacement
rate gradient. The physical temperature is constant along the ion path.
The temperature regime of swelling shifts as the displacement rate changes
so the peak swelling temperature is different along the ion path. They
estimate the internal shift could be 20-50°C.

The void swelling theory was modified in a few different ways in an
attempt to account for differences in swelling between heavy ion and neu-
tron irradiations. Heavy ion irradiation, because of the large cascade size,
might form vacancy loops in the damage cascade. Bullough et al. (1975)
included a homogeneous distribution of vacancy loops in the steady state
swelling theory. Yoo (1977) included interstitial loop growth and void
swelling in a one dimensional medium where the concentration and gener-
ation rate of the point defects were both time and space dependent.

Brailsford and Mansur (1977) examined the effect of injected ions on
void swelling. The effect of the injected ions ions is to modify the iso-dose
temperature swelling profile by reducing the low temperature swelling.
The injected ions are included in the steady state rate theory through

the production rate of interstitials. The production rate for vacancies and
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interstitials, P, and P;, are
Pv == IDR = ID(l + 6,’) (342)

where Ip is the basic displacement rate and ¢; is the enhancement in in-
terstitial production due to the injected ions coming to rest in the solid.
The effects of the injected interstitials are most significant when recom-
bination dominates the point defect loss mechanism. This occurs when
more point defects are lost through recombination. Then the injected in-
terstitials are proportionally a larger fraction of the point defects going to
sinks (e.g. voids) and so they have a larger effect. Brailsford and Mansur
found that the effects on swelling may be significant at all temperatures
and that void swelling saturation might occur. The fractional change in
swelling due to injected interstitials, Mansur (1978), for the recombination

dominated regime and the sink dominated regime, respectively, are

6(%) ~ {Zfi + Z:;i}finllz (3.43)
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V is the void volume fraction, A = Ipt (t=time), n = 4alp/F;P,,B =

ZYZ¢ — Z?Z¢ is the bias, and py is the dislocation density. The sink
dominated regime (Eq. (3.44)) is only affected by injected interstitials

when voids are much more important than dislocations (e.g. p; becomes
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low due to recovery) and this leads to saturation. However only when
the sink strength is large do the sinks dominate the point defect losses, so
that swelling often takes place in the recombination dominated regime (Eq.
(3.43)). In this regime the injected interstitials are potentially important.

Yoo (1979) examined the depth dependence of void swelling in self-ion
irradiated metals using general (time and space dependent) rate-theory
that included cascades and injected self- ions. He identified three physical
sources for the depth dependent swelling in ion bombarded samples. These
sources are the free (front) surface, the displacement damage gradient, and
the deposited self-ions. The surface effect was small and had no effect for
any depth greater than 0.4um in nickel. The displacement damage gradient
has a sharp peak which gives rise to diffusional spreading, Mansur and Yoo
(1979). The point defects diffuse out of the peak displacement damage
region before being absorbed at sinks therefore the swelling profile is spread
out with respect to the displacement profile. This leads to a reduction in
the magnitude of swelling in the peak region compared to the expected
values based on defect generation alone with no diffusional spreading. The
third source of swelling reduction is the deposited self-ions. This reduction
is again found to be important for recombination dominant regimes such
as occur for low temperatures or high vacancy migration energies.

The injected interstitial effect on void swelling was verified by Lee et

al. (1979). Specimens were preconditioned by neutron irradiation to avoid
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nucleation problems and then irradiated with 4 Mev Ni ions so they could
be assessed for void swelling effects only. They found the void volume
peaking at 0.45 um when the peak damage occurs at 0.7 pm, clear indica-
tion of void swelling suppression by injected interstitials.

Garner (1983) reviewed the ADIP (Alloy Development Intercorrelation
Program) experiment which was a national program in the mid 70’s to
investigate the simulation of fast reactor neutron damage using charged
particle irradiation. He found that ion irradiation displacements are as
effective as neutrons in creating swelling. However, when the void volume
is measured in the damage peak area where the ions are deposited there
are substantial reductions in swelling.

Bullough and Quigley (1983) took a semi-phenomological approach to
the rate theory of void swelling simulation. They used both electron and
heavy ion irradiation to experimentally determine parameters on M316
steel that could then be used in steady state rate theory to qualititatively
predict neutron swelling data. The electron irradiation was used to ob-
tain the network dislocation bias factor. The heavy ion irradiation gave
information on cascade efficiency and the vacancy loop bias factor. These
parameters used in steady state rate theory gave good agreement between
neutron irradiated M316 steel and the theory.

One of the aspects of correlation theory that has begun to receive more

attention recently is solute segregation and phase stability. Lam et al.
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(3.6) and (3.7). When the divergence is positive, defect accumulation
will occur. Both high and low energy ions will give undersized solute
enrichment at the front surface and back end of the ion range, while high
energy lons will also give solute enrichment in the middle of the range.
Okamoto et al cite experimental verification of these solute concentration
phenomena. For the oversized solute atoms enrichment at the damage
peak is predicted and experimental results are cited which verify this.

Baron (1979) used swelling rate theory with a constant sink density at
both the high temperature, heavy ion damage rate and the lower temper-
ature, neutron damage rate to discuss rate effects on solute segregation.
Void swelling is affected by solute segregation through modification of the
point defect capture efficiencies. Baron found that the correlation of void
growth kinetics between neutron and charged particle irradiation will not
be destroyed by the rate differences acting on the solute redistribution
process.

The effect of solute segregation, phase stability, void nucleation, and
growth is found to be very important, Wolfer et al. (1982). For even
qualitative predictions about fast neutron swelling to be valid, requires
the same radiation-induced phases be present in both neutron and heavy
ion irradiations. This is not always the case. Lee et al (1979) found
the precipitate phase evolution of AISI 316 steel under 4 MeV Ni ion

irradiation was not similar to that obtained under neutron irradiation.
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(1978) extended the solute segregation theory of Lam and Johnson (1976)
to the spatially dependent damage rate of heavy ion irradiation. They
compared the theory to the experimental results of Rehn et al. (1978) and
Piller and Marwick (1978). The metals examined were Ni base alloys with
the solute addition of either silicon (undersized) or aluminum (oversized).
Experimentally these alloys were examined in the near surface region.
Good qualitative agreement was found between theory and experiment.
The interstitial-solute interaction led to Si enrichment at the surface and
depletion at the damage peak. For a small vacancy -solute binding energy
(~ 0.05 eV) the vacancy-solute interaction leads to Al enrichment at the
damage peak as Al migrates up the vacancy concentration gradient. If the
vacancy solute interaction is large, 0.1 eV, then the solute is depleted at
the damage peak due to migration of the vacancy-solute complexes.
Okamoto et al (1982) reviewed solute segregation in ion bombarded
alloys. They point out that the divergence of the defect concentration
(Cp) profile is a measure of the rate of accumulation of solute. This
effect arises during early irradiation times when the solute flux, J4, is

proportional to the defect flux, so that
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Figure 3.6: Schematic plots of (a)defect production rate K, (b)
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for low energy ions. (Okamoto et al.1982)
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Figure 3.7: Schematic plots of (a) defect production rate K,,(b)
steady-state defect concentration Cy,(c) VC,; and (d) V2C, versus depth

for high energy ions. (Okamoto et al.1982)
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However, they did find a similar phase evolution for a modified 316 alloy
containing small additions of titanium and silicon. Peterson (1982) found
the phase evolution of Ti-64, in particular the meta stable beta phase, to
be the same for neutron and heavy ion irradiations. This is an area that

still requires additional work.



Chapter 4

Review of Radiation Damage

in Titanium

This chapter reviews the literature on radiation effects in titanium and
titanium alloys. The work done on titanium is not extensive and many
more questions have been raised than answers are given. This chapter
is divided into three sections. The first and second section reviews the
published results of neutron and heavy ion irradiation, respectively. The

third section examines hydrogen effects in irradiated titanium.

80
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4.1 Neutron Irradiation Literature Review

Neutron irradiation of titanium and titanium alloys has not been
extensively investigated, although in recent years the interest and research
activities has increased. The rise in research activities has come as a result
of the desire to find a material suitable for use in a fast reactor or fusion
device. Most of the early research done on titanium does not correspond
well to a fusion environmment though much can still be learned from
it. The following section reviews the work presented in the literature on
neutron irradiation, see table (4.1), of titanium and titanium alloys.

Makin and Minter (1956) did some of the earliest work on titanium
and found that for a low fluence, ~ 10*°n/cm?, and a low irradiation tem-
perature, t ~ 100°C, the yield stress increased and the ductility decreased.
Higashiguchi et al. (1976) and Kayano et al. (1971) confirm this irradi-
ation hardening for similar conditions. Kayano et al. in addition found
that the incremental increase of the yield stress after irradiation was pro-
portional to the fluence to the one third power. Similar increases in yield
strength and decrease in ductility are found for the alloys Ti-64, Hasse
and Hartley (1972), and Ti-5A1-2.5Sn, de Bogdan (1973).

One of the most important facts to come out of these early investi-
gations is that titanium, irradiated at a high temperature (450°C), forms

vacancy loops and does not form voids, Brimhall et al (1971). This was
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the first observation of vacancy loops in an irradiated metal. The absence
of voids in titanium was explained to be a result of the gas in the irra-
diated titanium being unable to stabilize small vacancy clusters because
of the high solubility of gas in titanium. Adda (1972) examining a wide
temperature range, T=335-800°C, confirmed the lack of voids in titanium.
Most other metals irradiated in the 0.4 T,, temperature range displayed
void swelling which for a structural component in a fusion device would
mean loss of integrity.

There have been several papers recently on titanium alloys irradiated
in EBR-II (Experimental Breeder Reactor), Nygren (1979), Sprague and
Smidt (1979) and (1980), Sastry et al. (1980), Duncan et al. (1981),
and Peterson (1982). The irradiation flux at EBR-II flux is high enough
to obtain tens of dpas in a few years, which is faster than many other
facilities. The irradiation temperature is limited to ~ 400-600°C.

Nygren (1979), using stress relaxation methods, examined the irradia-
tion creep rates of a variety of titanium alloys irradiated to two dpa, see
table (4.1). He found that the near alpha alloys Ti-5621s and Ti-6242s
had the best creep resistance. The creep rate of the alpha/beta alloy, Ti-
64, varied markedly with heat treatment. The beta and mill anneal heats
were similar to each other with approximately a three times greater creep
coefficient than the alpha alloys and the same creep coefficient as CW-316.
The duplex annealed Ti-64 and Ti-15-333 have the worst creep rates at
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almost twice that of CW-316.

Sprague and Smidt (1979) performed a TEM analysis on Ti-6242s ir-
radiated to 2 dpa. They found a dense distribution of small dislocation
loops. Electron diffraction patterns indicated that Tiz(Al,Sn) was present.
This could be a phase induced by the heat treatment rather than the ir-
radiation. Sprague and Smidt (1980) also examined an alpha/beta alloy,
Ti-64 beta annealed, and two metastable beta phase alloys, Ti-38-6-44
and Ti-15-333. They used TEM to investigate these alloys which were
irradiated to about 2 dpa. They found the Ti-64 had a beta precipitate in
the alpha phase after irradiation. This precipitate was first observed by
Wilkes and Kulcinski (1978) during heavy ion irradiation of Ti-64. The
two beta alloys both precipitated more alpha phase in a manner similar
to heat treatment results but with much faster kinetics.

Sastry et al (1980) examined the microstructure of the same alloys
that Nygren (1979) used, with TEM analysis. The alpha alloys defect
structure was characterized by a high density of defect clusters, prismatic
loops, C-component dislocations and vacancy loops. In the Ti-64 samples
the beta precipitate was observed in the alpha matrix. Sastry et al. found
that this beta precipitate dissolved at 650°C, which is in the alpha phase
region below the alpha/beta solvus, confirming that this is a radiation
induced metastable phase. The Ti-64 also contained defect clusters and

prismatic loops. The beta alloy Ti-15-333 again had more precipitation of
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alpha phase in the beta matrix. This is radiation enhanced process as the
beta alloy is not thermally stable. In microhardness tests, Sastry et al.
found that Ti-64 had the greatest increase in hardness. They postulated
that this was due to the additional strengthening of the fine induced beta
phase precipitates.

Duncan et al. (1981) performed tensile tests on three duplex annealed
titanium alloys, (Ti-6242s, Ti-5621s, and Ti-64) irradiated to 37 dpa at
450°C in EBR-IL. They found a 30% increase in yield strength for the
Ti-6242s. Yield strength increases are to be expected from previous work
so the results for the other two alloys are surprising. Ti-5621s showed no
strength increases and Ti-64 showed strength decreases. Duncan et al.
noted that some of the samples were corroded so these trends are suspect.
They also found that all the alloys exhibited large reductions in ductility
but still maintained reasonable elongations of 0.9% or greater.

Peterson (1982) used TEM to examine some titanium alloys, see table
(4.1), irradiated to 32 dpa at T=450 and 550°C in EBR II. Peterson reports
the presence of voids. This is the first observation of voids in neutron
irradiated titanium. The alpha alloys had dislocation loops and a very low
density of voids. The Ti-6242s had an extensive fine defect structure with
an inhomogeneous distribution of voids. The voids were generally observed
near grain boundaries where the defect structure was denuded. Faint

superlattice reflections of the alpha-2 phase (Ti3(Al,Sn)) were observed
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but unsuccessfully imaged. The Ti-5621s had a small density of voids at
450°C with even fewer at 550°C. The distribution of voids in Ti- 5621s was
homogeneous and showed no preference to be near a grain boundary. The
beta alloy, Ti-38-6-44, showed a small amount of growth of the alpha-2
phase precipitates and isolated small voids. The three heats of Ti-64 all
showed extensive void formation and radiation induced beta precipitation.
The duplex and beta heats showed homogeneous void distribution whereas
the mill heat void density varied markedly from grain to grain. All the
heats showed alpha-2 superlattice reflections. Imaging these reflections
indicated that the alpha-2 phase coated the voids. This is consistent with
migration of Al to surfaces which has been observed previously in heavy
ioﬁ irradiation of Ti-8.5Al, Erck et al. (1979)

Jostons et al. (1980), using TEM, characterized the dislocation loops
in high purity titanium neutron irradiated to a low fluence at 400°C. The
burgers vector of the loops takes the form 1/3(1120) and loop normal
analysis shows considerable deviation from pure edge orientation. All the
loops were elliptical with the major axis parallel to the (0001) axis and the
minor axis in the [0001] plane. There were more vacancy loops of smaller
ellipticity values than the larger interstitial loops.

The irradiation defects in titanium lie on the prism planes,{1010}.
Higashiguchi and Kayano (1980 a,b) examined this by performing tensile

deformation of neutron irradiated titanium. They found that irradiation
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enhances the nucleation of twins. Titanium twins on {1012} at 295K and
on {1122} at 77K. These are pyramidal planes so that the irradiation
defects on the {1010} slip plane do not interact with the twinning process.
The result is that the defects inhibit slip while they do not effect twinning.

Bradley and Jones (1981) have done the only irradiation of titanium
using 14 MeV neutrons. They found that 1 x 10'"n/cm? was the threshold
for observable hardening. There were no resolvable defects in titanium
irradiated to their maximum fluence of 8 x 10'"n/cm?.

Higashiguchi and Kayano (1981) performed some tensile tests at T=25-
650°C on Ti-6.5Al, Ti-64, and Ti-15Mo-5Zr titanium alloys o, o/, B irra-
diated at 200°C to a low fluence, see table (4.1). All three alloys showed
an increase in yield strength with irradiation where the beta alloy became
brittle at room temperature. In the tensile tests the alpha alloy exhibited
a smooth decrease in yield strength with increasing temperature while the
beta alloy showed a complicated temperature dependence. The alpha/beta
alloy was somewhere in the middle of the other two. Tensile tests were
carried out at room temperature on the alpha and the beta alloy after
annealing for one hour at T=100-650°C. The alpha alloy showed complete
recovery by 400°C where TEM examination of the alpha alloy did not
reveal any resolvable irradiation induced or enhanced defects or precipi-
tates in any of the specimens. The recovery curves for Ti-15Mo-5Zr are

complex. The unirradiated alloy becomes brittle after an anneal at 500°C



87
which TEM results indicate is due to the presence of the metastable omega
phase, where omega is the transition phase between beta and alpha. The
irradiated alloy, once the irradiation embrittlement had been recovered at
200°C, did not show a high temperature embrittlement. TEM examina-
tion of the irradiated alloy, after the recovery anneal, did not show any
omega phase. Instead the alpha phase had nucleated on, or with the help

of, irradiation defects and bypassed the omega transition phase.

4.2 Heavy Ion Irradiation Literature Review

There are eight publications on heavy ion irradiation of titanium.
This is enough work to give some essential information and also some
controversy. This section reviews the literature on heavy ion irradiation
of titanium alloys.

Wilkes and Kulcinski (1978) did the first heavy ion irradiation of a Ti
alloy. They examined Ti-64 irradiated with 17.5 MeV Cu**, see table 4.2.
The advantage of this high of an energy bombardment is that one can thin
to depth away from the front surface and still be ”far” from the deposited
ions at the end of range to avoid either an excess interstitial problem or
a contamination problem. Wilkes and Kulcinski took advantage of this
and examined the sample at a one micron depth corresponding to 1.5 dpa.

Their TEM work showed that there were no voids present which was not
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unexpected considering the previous neutron work on titanium. The sur-
prising feature was that the alloy had a dense beta phase precipitate in
the alpha matrix. The low temperature irradiation, 250°C, just showed
black spot damage, damage too small and dense too be resolvable, and no
extra precipitate reflections. At the high temperature, 450°C, the precip-
itates were resolvable and dominate the structure. The extra reflections
in the diffraction pattern indicated the precipitates were beta phase. The
question was raised as to whether this is a radiation induced or enhanced
precipitate.

Erck et al. (1979) using 3MeV Ni ions were the first to observe voids
in titanium. They examined Ti-8.5 Al which had been quenched to ob-
tain single phase samples. Thermal aging at 700°C caused homogenous
alpha-2 precipitation. The TEM examination was carried out at a depth
corresponding to the damage peak. The dislocation loop and network mi-
crostructure was similar to that obtained in neutron irradiated titanium.
Voids were observed in samples irradiated at 670°C but not in samples
irradiated below 600°C. The void number density was 4.5 x 10 voids/cc
which corresponded to ~ 0.6% swelling. The Al segregated to sinks and
formed alpha-2 (Ti*Al), in a heterogenous fashion. The alpha-2 coated
voids, grain boundaries, and the irradiated surface. This is not surprising
given the thermal results and the fact that Al is undersized in the titanium

system and so is expected to bind with interstitials and migrate to sinks.
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Agarwal et al. (1979) performed a single and dual ion irradiation
of Ti-64, see table (4.2). They found copious beta precipitation at all
temperatures, 450-650°C. The precipitate size increased and the number
density decreased as the temperature increased. They found voids in the
single ion irradiation only at 650°C where the void density was 2 x 10'3
voids/cc which gave 0.07% swelling. In the dual ion studies voids were
found at all temperatures while the largest swelling occured at 650°C with
a void number density of 4.5 x 10 voids/cc and a swelling of 0.6%. The
swelling dropped off at 550°C with a number density of 7 x 103 voids/cc
giving 0.02% swelling. They found preferential formation of voids at the
grain boundaries in the dual ion irradiation whereas in the single case
the voids were uniformly distributed. The ion they used was a 2.4 MeV
vanadium which means their examination was right on the peak. The
contamination and suppression effects on void nucleation and swelling are
not expected to be severe because the vanadium has a driving force to
migrate to a beta precipitate and the suppression effects are reduced with
increasing temperatures.

Jones and Charlot (1980) irradiated Ti-70A, a commercial purity tita-
nium, and Ti-64 with Ni and helium, see table (4.3). There were disloca-
tion loops in Ti-70A from 400-600°C but above 600°C there was black spot
damage. Typically black spot damage is observed at temperatures below

0.3 Ty while dislocation loops and voids are observed from 0.3-0.5 T,.
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The pure titanium results are anomalous. No voids were formed in either
Ti-70A or Ti-64. In the Ti-64 the beta precipitate in the alpha Matrix
was observed. From the electron diffraction pattern the lattice spacing of
the precipitate was estimated at 3.26 A which compares well to the 3.30
A for Ti-V beta phase. The beta precipitate was found to dissolve upon
annealing for eight hours at 600°C which confirms the beta precipitate as
a radiation induced metastable phase. One possible explanation for the
lack of voids is that the injected nickel suppressed void nucleation because
the nickel was not drawn to the beta precipitate and so was free to migrate
to other sinks such as void embryos.

Ayrault (1980) examined the phase stability of the near alpha commer-
cial alloy Ti-811 after single and dual ion irradiation, see table (4.2). In all
samples at all temperatures the metastable beta phase precipitated in the
alpha matrix. The beta was almost uniformly distributed at 450°C while
it changed to highly nonuniform in its distribution at 650°C. The as re-
ceived (unirradiated) samples contained a uniform distribution of alpha-2
phase. After irradiation at 450 to 550°C the alpha-2 phase dissolved while
at 650°C the alpha-2 had dissolved and reprecipitated at sinks in a lower
volume fraction than in the unirradiated material. The high temperature
alpha-2 formed on beta precipitates, on prismatic dislocation loops and
on voids. This is the only mentioin of voids in the paper and corresponds

to a pair of micrographs where one 1000 A void is visible illustrating the
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alpha-2 coating.

Woo et al. (1982) irradiated pre-polished electron transparent high
purity titanium foils to a low dose. TEM analysis indicated all the dis-
location loops were of < a > type burgers vectors. They found vacancy
loops forming in depleted zones they considered were the displacement
cascades. This would indicate vacancy loop formation by condensation of
vacancies in the damage cascade.

Wang et al.(1982) investigated the radiation-induced segregation (RIS)
of V, Al, and Mo in several titanium alloys using Auger spectroscopy on
the front irradiated surface. They found that vanadium was strongly seg-
regated, molybdenum was moderately affected, and the aluminum effect
was weak. Since the all three, Al, V, and Mo, are undersize this would
concur with standard RIS theory. However, the relative magnitudes of the
segregation effect can not be predicted from the size of the solute misfit
since Al and Mo are more undersize than V in titanium. Aluminum dif-
fuses faster than Mo which diffuses faster than V so it appears the RIS is
a balance of interstitial and vacancy fluxes.

Ayrault (1983) examined the orientation and morphology of the radiation-
induced beta phase precipitates in irradiated Ti-64, see table (4.2). The
precipitates were usually elongated platelets except in the dual ion irradi-
ation at 625°C where the precipitates were blocks (chunky shaped). The

precipitate habit planes are high index (irrational) and varied with the
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irradiation temperature. The presence of helium did not affect the habit
plane but did modify the precipitate shape. For the dual ion compared to
the single ion irradiation the platelet precipitates became a little thicker

in depth and narrower in width.

4.3 Hydrogen Effects in Irradiated Titanium

To date there have been only two articles dealing with effect of hydrogen
on irradiated titanium. These articles are from the same research group,
using the same equipment, yet still present some contradictory observa-
tions.

Miyake et al. (1981) performed hydrogen absorption and desorption ex-
periments in a Sieverts apparatus on a commercial purity titanium. They
found that the absorption and desorption rate for the irradiated titanium
was significantly larger than for unirradiated titanium. The mechanism in
each case appears to be the same because the activation energies were ap-
proximately the same. Miyake et al. next used a Vickers hardness test on
the samples after the absorption experiment. They found that the hard-
ness increased linearly with the hydrogen content and that the irradiated
titanium was harder than the unirradiated titanium, see figure (4.1). In
previous work on irradiated titanium, Higashiguchi et al. (1976), found

that irradiated titanium readily recovered the increase in hardness after
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Figure 4.1: Microhardness and hydrogen contents of the specimens after

an absorbtion experiment, Miyake et al.(1981).
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annealing. In Miyake et al., because of the hydrogen which was introduced
at T=550°C, the hardness increase was not recovered. Therefore the in-
troduction of hydrogen into the sample retarded the change in the defect
structure.

Higashiguchi et al. (1981) present some apparently contradictory find-
ings on the hydrogen effects of neutron irradiated Ti-6.5 Al. They found
that hydrogen in titanium or irradiation of titanium will each individu-
ally increase the yield strength. However, when hydrogen is introduced
into irradiated titanium the opposite occurs, see figures (4.2a) and (4.2b).
They found a decrease in the yield strength and an increase in plasticity
when the hydrogen was introduced into the irradiated metal at T=600°C.
They did some TEM work and found hydrides in the unirradiated control
samples but no hydrides in the irradiated samples.

An increased solubility of hydrogen in irradiated Ti was observed in
both publications. This increased solubility can be explained by hydro-
gen trapping at irradiation induced defects which prevent the hydrogen
from migrating and precipitating out. In both cases, it is seen that hy-
drogen interacts with irradiation defects. In the first case, Miyake et al.
(1981), hydrogen impedes the movement of defects and in the second case,

Higashiguchi et al. (1981), hydrogen enhances the movement of defects.
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Table 4.1: Neutron Irradiation Summary

Reseacher Material Irradiation Results
Makin and T 5% 101 /cm?  -Increased Yield Stress
Minter(1965) ! T = 100°C -Decreased Elongation
21 2
Brimhall et al T 3 x 10%n/cm -No voids
(1971) ' (E > 0.LMeV)) -Vacancy loops
T=335-800°C
5 X 10%n/cm?
Adda (1971) Ti (E > 0.1MeV) -No voids
T=335-800°C
-Same notch toughness
H d 21 2
Has:;a a?l o72) Ti-64 lEx 101 (:;(;73 -0.2%YS increase 40%
ey (E > 1.0MeV) -elongation 70% decrease
2 X 10°n/cm?  -Decrease in ductility
de Bogdan . )
(1973) Ti-5-2 (E > 1.0MeV) -Increase in UTS
T=65°C -20%fall in Fatigue life
Higashiguchi ) 3 x10¥n/em?  -Peak ductility vs.

Kayano(1975) ' (E>1MeV)  fluence at T=77K
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Table 4.1: Neutron Irradiation Summary (continued)

Reseacher Material Irradiation Results
Higashiguchi . 1 x 10299, /em? -Microhard recovery
Ti (E > 1MeV) Blackspot damage
et al(1976) )
T=150°C dissappears
19 2
Kayano et al T 3; 101];/ ;:/m -Change in Yield
(1977) (E> 1MeV) Stress is fluence!/?
T=150°C
- id
Ti6d  4x10%n/em? ° 1‘1’0‘ Sb ¢ and 5
- oys best an
Nygren(1979) T-6242s (E > 0.1MeV) ai aney e
0yS WOr
Ti-5621s T=450°C p y e P
) -Br in a phas
Ti-15333 2.1-2.8d d
15 pa in Ti-64
S d 4 x 102'n/em?  -No voids
prague an . .
Ti-624 . -a(Tiz(ALS
Smidt(1979) i-6242s (E > 0.1MeV) 0&2(. 13( n))
2dpa T=400°C precipitate
Ti-64 3 x 10%'n/cm? -No voids
Sprague and
. Ti-38644 (E > 0.1MeV) -f phase alloys
Smidt(1980) . . .
Ti-15333 2.1dpa T=450°C precipitated in «



Table 4.1: Neutron Irradiation Summary (continued)
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Reseacher Material Irradiation Results
TT o4 3 x 10®’'n/em?  -No voids
Sastry et al  Tj-6242s ,
, (E >0.1Mev) -Ti-64 hardened most
(1980) Ti-5621s .
) 2dpa T=450°C -Vacancy loops
Ti-15333

Jostons et al
(1980)

Higashiguchi
and Kayano
(1980a,b)

Bradley and
Jones(1981)

Higashiguchi
et al(1981)

Ti

Ti

Ti

Ti-6.5A1
Ti-64
Ti-155

4 x 10n/cm?
(E > 0.1MeV)

T=400°C

6 x 10n/cm?

(E > 1MeV)
T=150°C

8 x 10'n/cm?
(E = 14MéV)

T=26°C

2 X 10'%n/cm?

(E > 1MeV)
T=200°C

-Vacancy /interstitial
loop distribution
and morphology

-Irradiation enhances
twin nucleation at 77K

-10'"n/cm? threshold for
observable hardening
-No resolvable defect

clusters

-Increase in yield stress
-No Qin g Ti
-Dependence of yield
stress with Temp



Table 4.1: Neutron Irradiation Summary (continued)

Reseacher

Material Irradiation

Results
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Duncan et al

(1981)

Peterson(1982)

Ti-64 5 X 10%2n/cm?
Ti-6242s (E > 0.1MeV)
Ti-5621s 37 dpa

Ti-64 T=450-550°C

Ti-64 5 X 10%2n/cm?
Ti-6242s (E > 0.1MeV)
Ti-5621s  32dpa
Ti-38-6-44 T=450-550°C

-Large ductility loses
-No strength increase
-No strength change
-Strength increase

-Voids in all alloys
-Br in Ti-64
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Table 4.2: Heavy Ion Irradiation Summary

Reseacher Material Irradiation Results
Wilkes and 17.56MeV Cu .
L . -No voids
Kulcinski Ti-64 1.5dpa(1pm) 8 itat
- recipitate
(1978) T=250-450°C T P
Erck et al Ti-8.5A1 i’l\f;;, Ni -Voids
1-8. -15dpa ..
1979 -a, precipitate
(1979) T=570-700°C 2P P
2.4MeV V
0.755 MeV He
Agarwal et al Ti64 3-25 dpa -Voids
(1979) d 10appm He/dpa -g; precipitate

T=450-6504°C

5MeV Ni _
300KeV He o voids
Jones and Ti-64 500dpa(peak) -Ti-64 has 8;
Charlot i 10appm He/dpa
(1980) Ti-70A PP _Ti-70A loops 450°C

black spots 630°C
T=400-630°C
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Table 4.2: Heavy Ion Irradiation Summary (continued)

Reseacher Material Irradiation Results
24MeV V
0.755 MeV He o
Ayrault Ti.811 3-25 dpa ';[es/ no voids!
1- -fB1 precipitate
1980 10appm He/dpa "/
( ) P / -ay only at 650°
T=450-650°C
Woo et al ) 100KeV B,] -Cascades form
Ti 1x10"Bi/cm?
(1982) T—950C vacancy loops
Ti-64
Wang et al ~ Ti-84 (2). ;L;(‘;V AT ALY, Mo
(1982) Ti-3V T -65(;8;3 migrate to surface
Ti-8.7A1 =~
2.4MeV V 1
0.755MeV He ~Volds
Ayrault e, 325 dpe 'flf P‘;‘“i’“;te
(1983) " 10appm He/dpa ¢ SHeCtS P

-1 orients at

high index
T=450-650°C



Chapter 5

Phase Stability Results on

Titanium

5.1 Experimental Procedure for Ion Irradi-

ation of Titanium Alloys

5.1.1 Pre-irradiation Specimen Preparation

The titanium alloys used in this thesis were obtained from McDonnell
Douglas Astronautics Company. The alloys have the composition and heat
treatment recommended for comparison with other work being done for
the U.S. Department of Energy - Office of Fusion Energy, Davis (1978).

The alloys chosen were Ti-64 and Ti-6242s. Table (5.1) lists the alloys
102
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Table 5.1: The heat treatment and alloy designation of the Titanium alloys

used for the irradiation study.

788°C, 15min, aircool
Ti-6Al-4V Mill anneal 718°C in vacuum, 4 hr

air cool

899°C, 1/2 hr, air cool
+ 788°C, 15min, air cool
718°C in vacuum, 4 hrs

argon cool

Ti-6242s | Duplex anneal

and their heat treatment. The alloy compositions, the effects of various
solutes and the typical microstructures obtained for several common heat

treatments is discussed in Appendix B.

The titanium alloys were prepared for irradiation by the following pro-
cedure. The titanium alloys are in the form of foils about 1 mm thick.
This is too thick to fit in the TEM sample holder so in the process of pol-
ishing at least 0.5-0.8 mm must be removed. Three millimeter diameter
discs were punched from the foils, dipped in acetone, and set onto a lac-
quer layer on top of a plastic block for mechanical polishing. The residual
acetone on the discs allows the discs to sink into the lacquer. The top of

the block (discs and lacquer) was then covered with epoxy. This holds the
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samples firmly onto the block while the lacquer layer allows the samples
to be removed easily with acetone after they are mechanically polished.
The samples were hand polished from 240 to 600 grit, which is when the
extra 0.5-0.8 mm was removed. The block was then placed on a Syntron
polishing machine in a slurry of 0.05 micron alumina powder for a period
of about ten hours to produce a flat and bright surface. The samples were

then removed from the block with acetone.

5.1.2 Irradiation Facilities

The University of Wisconsin-Madison Heavy-Ion Irradiation facility was
used to produce a high energy ion beam to cause displacement damage in
the titanium alloys. This facility has been described in detail by Smith
and Lott (1977). A schematic of the facility is presented in figure (5.1).
The ion beam is formed by cesium atoms sputtering negative ions off a
metal cathode. The metal cathode used was aluminum, which produces
an aluminum ion beam. The negative ions sputtered off the cathode are
accelerated through a 20 KeV potential while leaving the ion source. This
Source of Negative Ions by Cesium Sputtering (SNICS) was developed
by Billen and Richards (1978) and further improved on by Billen (1980).
This is a reliable source for the microamps of negative ions which are

necessary since losses during transmission through the accelerator reduce
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the current to about 100 nanoamps. The negative ions enter the tandem
Van de Graff accelerator at ground potential and are then accelerated by
the positive high voltage terminal at 3.5 MV. When the ions reach the
terminal they enter a section of the beam tube containing nitrogen gas.
The ions are stripped of electrons as they pass through this gas stripper
canal, leaving as ions with a positive charge. The positive charged ions
are then accelerated away from the 3.5 MV positive dome voltage towards
the ground potential at the far end of the tandem accelerator.

The total potential seen by the ions is determined by the charge state as
they enter the tandem plus the charge state as they leave. For aluminum,
this results in 9 MeV Al?* which occurs because the sputtered negative
ion is Al;* which is stripped to Al%* giving 1.75 MeV plus 2(3.5 MeV) ~
9 MeV.

A titanium beam was recently developed by Billen (1983). However,
characterization of the charge state led to the conclusion that use of a ti-
tanium beam was not practical because of the low ion fluxes (~ 20 namps)
at the sample. The sputtered species from a Ti-hydride cathode is T7H .
The final Ti charge state was determined to be 4+, which means that the

energy of the incident ions is 17.5 Mev. The charge state of 4+ means that

75

+ = 20 nanoamps. This is

the actual particle current striking a target is
too low a current to permit significant levels of damage to be acheived in

a reasonable amount of time. Therefore it was decided to use aluminum
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for the irradiating ion.

The ion beam leaving the gas stripper is not uniform in its charge
state. The particular charge state of interest is selected by the 90 degree
analyzing magnet which deflects the beam about 1/4 of a degree just before
the beam enters the radiation damage target section, fig. (5.2). The target
section is made up of three differentially pumped sections so that the beam
actually hits the samples in a better vacuum then exists in the beam line
of the accelerator. The charge state distribution is determined by elastic
scattering of the high energy ions through 90 degrees by a gold foil into a
solid state detector.

The sample holder used was developed by Knoll (1981), see figure 5.3.
This carrousel holder holds eight, three millimeter disc samples so that
only the sample being irradiated is directly in the heater. This avoids
pre/post-irradiation annealing of adjacent samples. The sample holder is
electrically insulated and connected to a current integrator to monitor the
total ion fluence a sample accumulates.

Most of the previous heavy ion work done on titanium has utilized
"low” energy ions so that TEM work was done on the damage peak where
the excess interstitial effect and any chemical influence of the bombarding
ion would be present. The irradiation facilities used in this thesis give ion
beams of high enough energy so that microscopy can be done between the

front surface and the damage peak.
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Figure 5.3: Specimen holder and heater assembly.
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5.1.3 Post-irradiation Specimen Preparation

Post-irradiation specimen preparation for TEM analysis involved elec-
trochemical removal of 2.0 um of the front surface and then electrochem-
ical jet polishing from the back to perforation , see fig. 5.5. The surface
removal was done in a solution of 5% H,S0, in methanol at -35°C and
11 volts. The jet polish was accomplished using the standard solution,
Blackburn and Williams(1967), of 6% perchloric acid, 356% n-butyl alco-
hol and 59% methanol at -28°C and 20 volts. The low temperature polish
avoids the chance of hydride formation in the TEM metal foils. TEM and
EDS was performed using a JEOL TEMSCAN-200CX electron microscope
equipped with a Tracor Northern TN-2000 x-ray analysis system.

Polishing Conditions

After irradiation, the front (irradiated surface) is lacquered so that only
a central portion (~ 50%) is uncovered. The sample then has about 2.0
microns removed from the uncovered surface by electropolishing 40-60 sec
at -35°C and 11 volts in the 5% H>SO, solution. The amount of material
removed can be measured by using an interference light microscope and
measuring the fringe shift across the step height. This method has an
accuracy of ~0.3 micron.

The amount of material removed for various conditions is presented in
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prepare irradiated samples for TEM analysis.
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the following four graphs. The Ti-64 alloy, figures 5.5 and 5.6, is well be-
haved over the conditions examined. Figure 5.5 shows the surface removal
rate for the as-received alloy. The 5% solution was chosen over the 6%
solution(the back perforation solution) because of the longer times neces-
sary for surface ramoval to a particular depth. This longer time appeared
to result in a better TEM foils with less preferential attack on the grain
boundary beta phase. The data for annealed and irradiated Ti-64 is pre-
sented in fig. 5.6. The samples are designated with a dpa/temperature(°C)
label, eg. 2/500. No difference is observed between the different temper-
atures so the data was temperature averaged. The irradiated data is seen
to lie close to the annealed and as-received data indicating a stable alloy
composition.

The Ti6242s data indicates an unstable alloy and perhaps an alloy
prone to corrosion after irradiation. Figure 5.7 shows the removal rate for
the as-received alloy using the 5% solution and conditions. This appears
to be not significantly different than the Ti-64 case other than having
a slightly slower removal rate. However, examination of fig. 5.8 shows
that this alloy is sensitive to annealing and irradiation. The samples are
designated with a dpa/temperature(°C) label, eg. 2/500. From this graph
one can see that the removal depth increases above the as-received case
if the specimens are annealed or irradiated. In the 600°C data this trend

can be readily observed. It can also be noted that irradiation increases
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Surface Depth Removal vs Time
for Ti—64 As—Received
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Figure 5.5: Surface removal depth versus time for two polishing conditions

on as-received Ti-64.
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Surface Depth Removal vs Time
for Ti-64 2/T & O/T
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Figure 5.6: Surface removal depth versus time for Ti-64. The irradiated
and annealed sample results are not a function of temperature so the data

is temperature averaged.
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Surface Depth Removal vs Time
for Ti—-6242s 2/T & O/T
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Figure 5.8: Surface removal depth versus time for Ti-6242s, both annealed
and irradiated to 2 dpa.
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the removal rate over that of annealing by ~30%.



118
5.2 Ion Irradiation of Ti-64

It has been noted that vanadium and aluminum are both undersize
in titanium, King(1966), and that this corresponds well with the radia-
tion induced segregation (RIS) theory of Okamoto and Wiedersich(1974)
which predicts RIS of undersize solutes to sinks. Wang et al.(1982), using
Auger depth profiling on Ti-64, found that vanadium and aluminum both
segregate to a free surface under irradiation but the relative magnitude of
the segregation could not be explained by the size of the misfit parameter.
Vanadium segregated more than aluminum although aluminum has the
larger misfit parameter. The strong segregation of V, a beta stabilizer,
can be used to explain the 8 precipitation in the alpha matrix.

This section reviews and extends work published by Plumton et al
(1985a). The extent of the phase redistribution in Ti-64 is examined as
a function of temperature for low dose ion-irradiations. The density and
size of the irradiation-induced 8 precipitates (f) are examined for each
irradiated sample. The chemical composition of the hcp alpha matrix,
the bce as-received grain boundary phase (8g) and the fB; precipitates are

analyzed using energy dispersive x-ray analysis on TEM foils.
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Table 5.2: Ti-64 Radiation Induced Precipitate Response

Temperature Length(nm) | Density(/cc)
500°C 65 1.2 x 10
550°C 87 2.0 x 10%
600°C 140 5.3 x 10t
650°C 400 6 x 10!?
700°C NONE NONE

5.2.1 TEM and EDS Results on Ti-64

The results are presented in two parts. The TEM data is considered first
and Table 5.2 summarizes the precipitate density and size measurements

after 2 dpa of irradiation. The data from the EDS analysis is presented in

Tables 5.3, 5.4 and 5.5. The chemical composition data is considered after
the TEM results. The samples are designated with a dpa/temperature(°C)
label, e.g., 2/500 means 2 dpa and 500°C.

TEM Results on Ti-64

Figure 5.9 is a TEM micrograph showing the microstructure of the as-
received Ti-64 alloy. This figure illustrates how the two phases in Ti-64 are
distributed where the beta phase makes up 19% of the as-received alloy.
The calculation of this fraction is presented in section 5.2.2. The o grains

are equiaxed while the 3 phase forms intergranularly (8¢). The polishing
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conditions used result in enhanced attack on the Bg grains. This can be
seen by the lighter contrast displayed by the B¢ grains. It can also be noted
that the network dislocation density is unevenly distributed, where some
grains appear heavily cold worked and some grains appear relatively free of
dislocations, compared to the surrounding o grains. After 2 dpa at 500°C
the Ti-64 microstructure is illustrated in Fig. 5.10. It can be observed that
the radiation-induced 8 precipitates (8;) dominate the microstructure. In
all the alpha grains shown at least one orientation of the 6 possible g
orientations with respect to the o matrix is visible. The density of f; is
1.2x 10 /ce with an average length of 65 nm. It can also be noted that the
B¢ phase shows no signs of radiation damage. Figure 5.11 shows a bright
field/dark field pair, illustrating the high density of §; in the o grains and
the lack of damage in the B¢ grains. In Fig. 5.11a several orientations
of the 6 possible 8; orientations are shown in an « grain. This grain also
shows how the radiation induced dislocation response can divide a grain
into subgrains. The matrix orientation on one side of a subgrain boundary
is different than the orientation on the other side of the boundary which
results in strong contrast for different §; precipitate orientations. The
B¢ grain at the top of the picture exhibits a clear microstructure and is
apparently unaffected by the radiation damage. In Fig. 5.11b one of the 6
possible orientations is imaged showing the high density of 8; and the large

distribution in size. This figure also illustrates the division of a grain into
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subgrains where a particular precipitate reflection gives strong contrast
in different regions of the same grain. To obtain the 2 dpa damage level
this specimen was irradiated for 1-1/2 hours at 500°C. If one anneals an
as-received specimen, no readily apparent difference is observed between
the annealed and the as-received specimens. This point is illustrated by
Fig. 5.12 which shows an as-received Ti-64 specimen after annealing at
500°C for 8 hr. No 8 precipitate response is observed and the dislocation
distribution remains heterogeneous with only some grains appearing cold
worked.

Examination of specimens irradiated at 550-600°C shows the (3 pre-
cipitation response dominating the microstructure. Figure 5.13 shows two
bright field/dark field pairs again illustrating the high density and large
size distribution of the 8; precipitates. The bright field micrographs are
from the same region using the same matrix reflection where different pre-
cipitate reflections are in strong contrast. The dark field micrographs then
use the strong precipitate reflections to highlight the 8y precipitates. The
density of B; at 2 dpa and 550°C is 2 x 10'®/cc with an average length of
84 nm. Figure 5.14 shows the 2 dpa 600°C sample and illustrates how the
B; precipitates are drastically increasing in average size for just a 50°C
temperature increase. In this figure two different matrix orientations are
shown in the bright field micrographs where the same precipitate reflection

is in strong contrast. The average length of the 2 dpa 600°C B; precip-
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itates is 140 nm with a density of 5.4 x 10'*/cc. To fully appreciate the
magnitude of this precipitation effect, Fig. 5.15 shows two micrographs at
slightly different matrix orientations. These two micrographs show all 6
B precipitate orientations in varying amounts of contrast. The elongated
platelet nature of these precipitates is readily visible. An estimate of the
precipitate thickness to length ratio is ~ 0.1. Again it should be pointed
out that the Bg grains display no sign of radiation damage. This can be
seen in Fig. 5.16 which shows a (g grain with a clear microstructure.
Adjacent to the B¢ grain are « grains displaying a dislocation tangle and
radiation induced precipitation.

In the specimens irradiated at higher temperatures, an unexpected
effect is observed in the B¢ grains. Figure 5.17 shows a 2 dpa 650°C
specimen which displays a very low density of f; precipitates in the o
grain. In addition, the adjacent B¢ grain (top left) has the morphology
of a transformed beta grain. A transformed beta grain is composed of
alpha-beta platelets, a Widmanstatten structure. This occurs in thermal
annealing when the alloy has been annealed completely in the beta region,
> 1040°C, and then quenched. The density of 8; is 6 x 10'?/cc with
an average length of 400 nm. To examine the anomaly of B¢ becoming
a transformed grain (Bcr) a Ti-64 as-received specimen was annealed at
650°C for 8 hours. Figure 5.18 shows the annealed specimen which appears

to have undergone some recovery with fewer alpha grains appearing cold
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worked. The dislocation structure in these "recovered” grains is composed
of dislocations lined up in arrays. The average size of the alpha grains
also appears larger indicating some grain growth has occurred. The B¢
phase appears unaffected by the anneal and certainly not transformed.
Examination of the 2 dpa 700°C sample reveals no radiation-induced f;
precipitates. This is shown in Fig. 5.19 where no indication of the §;
precipitation response is found. However, the B¢ grains again appear to
be transformed (fBgr), where the Bgr grain in the lower left corner of figure

5.19 shows distinct alpha-beta plate structure.

EDS Results on Ti-64

The EDS analysis of this titanium alloy is complicated by three factors.
One complication was the fact that the TvKjy characteristic x-ray peak
(4.93keV) lies on top of the V K, peak (4.95keV). This was overcome by
finding the ratio of TtKg to TiK, in pure titanium (8/a = 0.08) which
was then used to separate the T¢Kz component from the V K, component
in the Ti-64 alloy.

Another problem occurred because of a silicon contamination, where a
silicon base vacuum grease was mistakenly used on the vacuum dessicator
in which the samples were stored. The high partial pressure of the silicon
components in the grease caused silicon to cover all the surfaces in the

dessicator, including the TEM discs. This was a problem because the



134

‘uiesd 9g
pauLiojsuel) € Jo 3dudsaxd ayy pue syendoaad 19 jo

uasqe ap Jupensn ydesSonmu WAL 61°s 2m31g




135
Si x-ray peak at 1.74keV overlaps the aluminum x-ray peak at 1.49keV,
which makes accurate determination of a small concentration (i.e., small
peak) very difficult. The Si peak is only significant in thin sections of the
foil, where surfaces become a large fraction of the material being analyzed.
However, the best precipitate EDS data can only be obtained from thin
foils. This problem was overcome by using a stripping technique on all the
EDS spectra obtained. For each sample, a few portions of very thin foil
were found such that the Si peak was larger than the Ti peak (> 50%).
These spectra were then averaged and all other spectra from that specimen
were stripped using this average background.

The last complication is one typical of EDS analysis of precipitates in
TEM foils. In taking x-ray spectra from a small precipitate embedded in
a matrix one gets an average of the precipitate and the matrix. Therefore,
the spectra from precipitates in thin foils underestimates the solute con-
centration in solute rich precipitates, which is exactly what occurs in the
Ti-64 data, see table 5.5. This was partially overcome in the 2dpa/(500
and 550°C) data by taking spectra from large precipitates in thin sections
of the foil next to the hole , see table 5.6. In the 2/600 case a unique
electropolish resulted in the 8; precipitates being ”suspended” in a very
thin foil. Therefore, the EDS data from this specimen is believed to more
accurately reflect the solute concentration in the f; precipitates. In the

2/650 case, the specimen was not suited to finding a large precipitate near



136
the hole so the isolated spectrum (table 5.6) was taken from the largest

precipitate in a average thickness foil (~ 220 nm). The precipitate the
spectrum was taken from is 0.76um long, which might lead one to think
that the x-ray spectrum is mostly from the precipitate. However, the
thickness of the precipitate is only ~ 0.08um which is less than half of
the foil thickness (~ 0.22um) and means that most of the spectrum comes
from the matrix and not the precipitate.

The overall solute composition of the alloy was determined to be 6%
Al and 2.9% V, where a low magnifcation raster was used to include many
grains. This measurement was taken from a specimen that was electropol-
ished to perforation , and then ion milled. The specimen was milled be-
cause electropolishing preferentially attacks the beta phase. Since much
of the vanadium resides in the beta phase, an electropolished sample was
found to give much lower vanadium concentrations.

The concentrations in weight percent of the a phase, of the § phase, of
the B precipitates averaged over the matrix and of the large ; precipitates
in a thin foil (isolated instances) is presented in tables 5.3-5.6. In table 5.3
the o phase concentrations are presented. Under irradiation, table 5.3(a),
the vanadium concentration appears to go to zero for temperatures at or
under 600°C, while a higher temperature gives a higher Cy. This agrees
with results found for thermal annealing, 5.3(b), where the as-received

material, 0/0 (last annealed at 720°C), has approximately the same C} as
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the 0/650 specimen and 3 times as much C% as the 2/500 specimen. It
can also be noted that the aluminum concentration (C9,) is approximately

the same in all cases.

For the Sz phase, Table 5.4 shows that a 500-600°C temperature for
annealing or irradiation results in significant increase in V concentration

(C53) over the 10% oiginally present in the as-received material. It can be

noted that the C{ia at 500°C, whether irradiated or annealed, is the same
approximate value (18%). The aluminum results are more ambiguous,
where it looks like the C5¢ is higher for the irradiated specimens than for
the annealed specimens. Comparison of aluminum concentrations between
the a (~ 6%) and B¢ (~ 4%) phases indicates aluminum has a preference
for the a phase. It is also obvious that V prefers the beta phase over the
alpha phase, eg. C5¢ ~ 10 — 18% compared to C& ~ 0 — 1%.

The phase concentrations of the 87 precipitates embedded in the matrix
are presented in Table 5.5. It can be noted that the actual vanadium
concentration (C5') may be higher in all cases, except the 600°C case,
because the data reflects the process of the electron beam exciting both
matrix and precipitate atoms creating an average. The consistently large
error results from taking spectra from small precipitates embedded in the
a matrix, so these concentration values are not an accurate indication of

the precipitate concentration. However, they do show a large vanadium



Table 5.3: Ti-64 Alpha Phase Concentrations (Weight %)

Table 5.3(a) Irradiated

dpa/Temp.(°C) C%; Cg C%
2/500 93.7+50| 0+44 | 63+3.1
2/550 938+22| 0417 [62+13
2/600 93.6+25| 0+15 [ 6.4+1.2
2/650 925+16|09+14|66x04
-0.9

2/700 922+14|15+4+17|63%+1.1
-1.5
Table 5.3(b) Unirradiated

dpa/Temp (°C) Cr; Cy Chi

0/0(700) | 91.9+1.4|1.3+1.6|68+1.1
~13

0/500 92.8+1.9 04412 |67+10
-0.4

0/650 91.8+0.8|16+0.76.6x09

138
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Table 5.4: Ti-64 Beta G Phase Concentrations (Weight %)

Table 5.4(a) Irradiated

dpa/Temp (°C) |  Off Oy° Cuf
2/500 79.2+33|182+27|26X19
2/550 7871+26 167134 | 461+1.6
2/600 804+33|158+33(38+1.6
2/650 86.9+09| 81+08 [49+09
2/700 84.7+3.2|11.0+£29 (43+£13

Table 5.4(b) Unirradiated

dpa/Temp (°C) |  Crf Cv° Cy
0/0(720) | 86.5+5.7|10.1+5.0|3.4+2.2
0/500 788+43|18.1+4.1(3.1£15
0/650 86.0+1.6|103+19|3.7+0.9

Table 5.5: Ti-64 Average Beta I Phase Concentration (Weight %) in the

Matrix
dpa/Temp (°C) |  Cfi Ccy' ch
2/500 82.7+6.2|116+6.2 | 56138
2/550 87.3+53) 58+58 [6.9+1.2
2/600 69.7+4.7 | 245+5.2 | 58+2.1
2/650 871+18} 74+21 |55+1.3
2/700 NONE
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Table 5.6: Ti-64 Isolated Beta I Phase Concentration (Weight %)

dpa/Temp (°C) |  Cf Cy' Cli
2/500 72.7+2.7|23.7+3.1|3.1+3.0
2/550 714408 | 235+ 1.7 | 5.1+0.9
2/600 60.7+4.7|245+52 | 58+2.1
2/650 85.1 11.8 3.1
2/700 NONE

concentration in the §; precipitates, Cg’ > 5%, while the o matrix without
the precipitates has a low vanadium concentration, e.g., Cg < 2%. As
noted prevoiusly, the concentrations from the 8; 2/600 case are believed to
give a more realistic precipitate V concentration. The value of Cg’ ~ 24%
is 50% higher than the corresponding 600°C CXG ~ 16%. Also it should
be noted that the Al concentration was not as low in the 8; (~ 6%) phase
as in the g (~ 4%) phase.

The data obtained from isolated precipitates, i.e., large size and near

the hole in the thin part of the foil, is presented in table 5.6. It can be

seen that the vanadium concentration (Ce’ ) is much higher than in the
matrix averaged case. The C5' is also ~ 30% greater than the CgG at 500
and 550°C. This is true for both irradiated and annealed Cj,°. This agrees
with the trend pointed out by the previous, and present, 600°C data. That

the C[‘,’I is higher than what one would expect from thermal equilibrium
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predictions (C5¢ annealed) is not surprising, if one considers that the
high point defect concentration can enhance solute mobility. However, the
vanadium concentration of the precipitates is higher than the vanadium
concentration of the grain boundary beta phase, which was irradiated right
along with the alpha phase that produced the precipitates. This indicates
that any phase instability is related to the alpha phase and not the beta

phase.

5.2.2 Discussion of the Ti-64 Results

The radiation-induced precipitation (8;) follows a fairly well expected
pattern where the precipitate density decreases at high temperature while
the precipitate size increases. The data is shown graphically in Fig. 5.20,
the one anomaly being the small increase in density going from 500 to
550°C. This fluctuation is well within a 30% error but might indicate a
flattening in the low temperature part of the curve that does not corre-
spond well with the rest of the trend. The large amount of 3 precipitation
makes the Ti-64 system an interesting model to examine two proposed
mechanisms that account for radiation-induced precipitation. In the fol-
lowing discussion the validity of both mechanisms will be examined in light
of the previous sections EDS data.

The kinetic mechanism is based on radiation induced segregation (RIS),
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Okamoto and Wiedersich(1974), which postulates undersize solutes cou-
ple with the interstitial flux resulting in segregation of the solute to sinks.
In the area of the sink, the solubility limit for the undersize solute is ex-
ceeded, resulting in precipitation. Wang et al.(1982) noted that vanadium
segregated more than aluminum to an irradiated free surface even though
Al has the larger misfit parameter. They pointed out that diffusion data
indicated that Al diffuses faster than V in Ti so that Al could be diffusing
away from sinks via the inverse Kirkendall effect. This argument supports
RIS. However, the EDS results presented here for the Ti-64 2 dpa 500-
600°C specimens do raise some questions. The vanadium concentration
for the B precipitates is ~ 23 wt.% which is ~ 30-50% higher than the
concentration for the B¢ grains. This implies a radiation induced shift in
the (a+ 8)/B phase boundary, because if the precipitation was completely
due to RIS, then the precipitate composition should be the equilibrium
composition. If RIS causes solute to accumulate at a precipitate then the
precipitate should grow to maintain its equilibrium solute composition.
The second mechanism used to account for the radiation-induced pre-
cipitation is based on thermodynamic reasoning. It postulates that if a ma-
terial is in a nonequilibrium state, then radiation may promote nucleation
of incoherent precipitates, Maydet and Russell(1977). The as-received ma-
terial is in a nonequilibrium state for the 500-600°C temperature range as

is indicated by the increase in V concentration (C4¢) for a 500°C anneal.
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However, the irradiation-induced precipitates are not incoherent so this
theory would also require modification to fit the results.

A summary of the phase concentrations is presented in table 5.7.

Although TEM observations show that 3; and B¢ are similar crystallo-
graphically, comparison of the vanadium concentration between 3; and
B¢ indicates that §; has a different oo+ §/8 phase boundary. This implies
there is a radiation-induced change in the potential energy for a bce phase
to form in the hcp alpha matrix, and this should be refelcted in a radiation
modified phase diagram.

The EDS results presented here can be used to sketch an irradiation
modified phase diagram to further assess the phase stability under irradia-
tion. In figure 5.21 the concentration data is plotted in the form of a phase
diagram of Ti-6%Al for temperature versus weight % vanadium. The high
temperature intersection of the curves with the axis is taken from the work
of Rausch et al.(1956). The V concentrations for the unirradiated o and
the unirradiated B¢ phases are in fair agreement for the irradiated a and
Ba phases, and this can be readily observed in fig. 5.21. It is difficult to
present the Bz data since at ~ 650°C there appears to be some form of
phase transition (8g = Bgr). This transition to a f transformed mor-
phology is seen in the a + Bg/Bc phase boundary as a reduction in Cec

at 650°C (i.e., a pinching in or off of the o + 3 region).



Table 5.7:

Summary of Ti-64 Phase Concentrations (Weight %)

Phase | dpa/Temp.(°C) | Cr; | Cv | Cu
a 0/0 92 | 1| 7
0/500 93 | 04| 7

2/500 94 | 0| 6

2/550 94| 0| 6

2/600 o4 | 0| 6

Be 0/0 8 | 10 | 3
0/500 79 | 18 | 3

2/500 79 | 18 | 3

2/550 79 |17 ] 5

2/600 80 | 16 | 4

8; 2/500 73 | 24 | 4
2/550 71| 24| 5

2/600 70 | 24 | 6

145
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The curve through the §; data is an approximation that uses the high
temperature, Cy = 0, point as a fixed point for the alpha+beta/beta phase
boundary. This markedly over-estimates the 650°C point and the 500°C
point, however, the experimental circumstances indicate this is a good
approximation. At 650°C, the data is from just one large B; precipitate
in the middle of an alpha grain, so that ~ 1/2 of the material is alpha
grain. Therfore, the actual vanadium concentration is certainly higher.
The 500°C data is from small precipitates near the edge of the hole in the
TEM disc in very thin foil, so this data is more accurate. However, there
is still a large contribution from the alpha matrix, because of the small
size of the precipitates. The best data is from the 600°C data and the
550°C data because of the large size of the precipitates and the fact that
the precipitates are in very thin foil near the hole in their respective TEM
foils. In the case of the B; precipitates, figure 5.21 cleary shows that the
a + /8 phase boundary has shifted due to the influence of irradiation.
This phase boundary shift can be attributed to a difference in equi-
libria. The bcc as-recieved phase is in equilibrium with the alpha ma-
trix through an inchoherent interface, i.e., a high angle grain boundary.
The bcc radiation-induced precipitates are in equilibrium (during irradi-
ation) with the alpha matrix through coherent interfaces. Therefore, the
vanadium concentration difference can be explained by the difference in

equilibrium states for the coherent versus incoherent interface.



148

Table 5.8: Ti-64 Phase Fractions, F, and Fjs, where specimens with only

two phases present (o and f¢) are considered.

dpa/Temp (°C) F, | Fp
0/500 0.86 | 0.14
0/650 0.84 | 0.16
0/0(720) | 0.81|0.19
2/700 0.79 | 0.21

The relative amounts of the phases present can be calculated. In the
case of the annealed specimens and the 2 dpa 700°C specimen there are
only 2 phases present, « and B¢ (or Ber in the latter case). By solving

the following equations for the solute concentrations ( in weight % ),
CoFs+C3F, =29 (5.1)

ChFs+C4F, =6.0

the relative fraction of the phases, F,, and Fg, can be obtained. The results

are presented in Table 5.8. It can be noted that a higher temperature

anneal gives a higher fraction of § with a lower V concentration. The
one ”two phase” irradiated specimen, 2/700, shows a beta fraction that
is higher than the corresponding annealed results. This indicates that
at 700°C the radiation induced vanadium segregation couples with the

thermodynamic drive, for the vanadium to diffuse out of the (B¢, and
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enhances the formation of B¢ elsewhere. On the other hand, the RIS is
not strong enough to get B; precipitates to form in the o matrix.

A little more difficult analysis is necessary for the irradiated specimens
where three phases, a, B¢ and B, are present. Solving the following
equations,

C3.Fy+ CEGFy, + CfiFp, =91.1 (5.2)
CeF,+ CoFy, + Cl'Fy, = 2.9
CSFy+CHFy, +CYhFs =6.0

gives the appropriate fractions after normalization. The results are pre-

sented in two parts in Table 5.9. The first part, (a), takes the values

of C’e’ experimentally obtained, ignoring the fact that all but the 2 dpa
600°C results also average over a large part of the & matrix. From these
results we can see that the Ce’ must be higher, on the order of the 2/600
data, to give a reasonable Fj fraction (~ 20%) that qualitatively agrees
with the TEM observations. The second part, (b), takes the CY data
from the isolated B; case, where the data from 550-600°C is good and the
500 and 650°C is better than in the matrix averaged case. In most of
the cases the fraction of beta has dropped to a number that is reasonable
in light of the TEM observations. However, the 500°C data shows just
the opposite trend, and this points out one of the major problems with

this type of analysis. The final fraction values are determined by all the
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Table 5.9: Ti-64 Phase Fractions, F, and Fjs, and Fp,, illustrating the
effect of irradiation.

dpa/Temp (°C) F, | Fg, | Fg,

Part (a) (B is matrix averaged

2/500 0.78 | 0.05 | 0.17
2/550 0.50 | 0.10 | 0.40
2/600 0.83 | 0.15 | 0.02
2/650 0.47 1 0.34 | 0.19
Part (b) §; for isolated cases
2/500 0.69 | 0.12 | 0.19
2/550 0.86 | 0.08 | 0.06
2/600 0.83 | 0.15 | 0.02

2/650 0.79 | 0.07 | 0.13
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solute concentrations, even when the errors for some are much larger than
the error for others, e.g., Al compared to V. This occurs because the Al
peak is always small, which means there is always a large error associated
with the determination of the Al concentration. It is the Al concentration
which is the major cause of this opposite trend for the 500°C beta fraction.
Finally, one can say that there does appear to be a significant redistribu-
tion in the phase fractions (8¢ => (1), which is difficult to ascribe solely
to RIS. Radiation induced segregation should result in precipitation of the
equilibrium precipitate, not a precipitate with 50% more vanadium.

The high temperature (650-700°C) irradiation response in the as-received

B grain (8¢) resembles the morphology of a 8 anneal. A beta anneal, Davis
et al.(1979), is achieved by an anneal above the 8/(a + §) transition tem-
perature (~ 1040°C) followed by an air cool and a reanneal at 700°C.
This results in Widmanstatten alpha-beta plates. It seems reasonable to
assume that even under irradiation the Widmanstatten morphology will
not occur until the temperature is reduced. Under heavy ion irradiation
conditions, the temperature is not reduced until the irradiation ceases.
After irradiation the vacancy concentration in the B¢ grains decays to an
equilibrium value while the temperature is concomitantly reduced. At this
point, there exists enough solute mobility for the Al and V to segregate
to their respective o and 8 plates and form a transformed morphology.

One of the important problems to address when considering a titanium
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alloy for use in a fusion device is the effect of gaseous transmutation prod-
ucts on the alloy, and in particular the effect of hydrogen . The amount of
hydrogen and helium predicted to occur in a titanium first wall of a fusion
device is about 430 and 130 appm/Mwatt-yr/m?, respectively, Davis and
Kulcinski (1977). The deleterious effect of hydrogen on the mechanical
properties of titanium, through the formation of titanium hydride, is well
documented, see review by Wille and Davis (1981). Examination of table
5.2 and 5.5 shows that under irradiation conditions aluminum stays evenly
spread in the alpha phase. This even distribution of aluminum will help
reduce the liklihood of forming titanium hydrides, because aluminum in-
creases the matrix yield strength of titanium which inhibits the fromation
of the large titanium hydrides, Paton et al (1971).

Another aspect to the hydrogen problem to consider is the accumula-
tion of tritium in the titanium first wall. Assuming that titanium does
not form hydrides, does not mean that tritium will not accumulate. The
solubility of hydrogen in the beta phase of titanium is much higher than
in the alpha phase, e.g., 50 wppm in a 90% alpha/ 10% beta alloy results
in 200-300 wppm of H in the beta phase, Tiner et al (1968). However,
the analysis of the phase fractions indicates that the total amount of beta
phase for the 550-600°C irradiations is ~ constant, so that designers can

plan for some known loss of tritium to the bce phase of titanium.
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5.2.3 Conclusions on Ti-64

1. The radiation induced precipitates in Ti-64 show an increase in num-
ber density and a decrease in precipitate length as the irradiation

temperature is decreased.

2. Observation of the first irradiation effect in the grain boundary g
phase in mill annealed Ti-64. This irradiation effect was observed
at and above 650°C. The resulting grain boundary beta structure
is similar to a transformed beta grain, indicating that the change is

ocurring upon cooling.
3. EDS analysis of Ti-64 resulted in:

(a) Observation that the radiation induced B; precipitate has a
vanadium concentration ~ 30-50% greater than found in the 8¢
phase of thermally treated or irradiated samples. This indicates
a shift in the alpha+beta/beta phase boundary.

(b) This shift in the alpha+beta/beta phase boundary indicates
that the potential energy for the formation of a beta phase in
Ti-64 is different under irradiation.

(c) The fraction of bee phase present at 550-600°C after a 2 dpa
irradiation is relatively constant while the amount of 3¢ is down

in favor of the formation of ;.
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5.3 Ion Irradiation of Ti-6242s

Previous work on irradiated Ti-6Al-4V (see the previous section and
chapter 4) has shown an extensive radiation-induced B precipitation re-
sponse, while irradiation studies of near « alloys are sparse. Ayrault(1980)
performed heavy ion irradiation of Ti-811 (8Al-1V-1MO0) and found the
radiation-induced B precipitate. Neutron work, Sastry et al.(1980) and
Peterson(1982), on Ti-6242s (6Al-2Sn-4Zr-2Mo-0.08Si) and on Ti-5621s
(5A1-6Sn-2Zr-1Mo-0.3Si) has not revealed any radiation-induced 8 pre-
cipitate. A comparison of the solute content in these alloys shows that
vanadium is present in all the alloys where the radiation-induced S pre-
cipitate was observed.

This section reviews and extends work presented by Plumton et al
(1985b). Here, the microstructure of the near « alloy, Ti-6242s, is ex-
amined as a function of temperature for low dose ion-irradiations. The
morphology and distribution of a possible radiation-induced beta phase is
examined over the temperature range of 450-700°C. The chemical com-
position of the alpha and beta phase is examined using energy dispersive

x-ray analysis (EDS).
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5.3.1 TEM and EDS Results on Ti-6242s

TEM survey of the Radiation Response of Ti-62424s

These results present a survey of the morphology and distribution of
precipitates which are suspected of being radiation-induced. The present
results range from samples irradiated at low temperatures, where the pre-
cipitate morphology is unusual, to high temperatures where a normal ap-
pearing precipitate response is observed. In all irradiated samples, from
450 to 700°C, a precipitate response is observed, while samples annealed
for longer times at similar temperatures show no precipitation.

Figure 5.22 shows a Ti-6242s specimen annealed for 8 hours at 500°C.
There is little difference between this microstructure and the as-received
microstructure. The alpha grains are fairly equiaxed, while the dislocation
density is heterogeneous and varies markedly from one grain to another.
While much of the dislocation structure is network, there is a tendency
for the dislocations to align themselves into arrays, see bottom left corner
of figure 5.22. The large clear alpha grain in the middle at the far right
contains precipitates which EDS results show are zirconium rich. These as-
received precipitates are sparse and unevenly distributed. The as-received
bee B phase can be observed at o grain boundaries as transformed @ phase.
The transformed B phase (Br) consists of alternating plates of @ and 3

phase.
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Figure 5.23 shows the alloy microstructure after an 8 hour anneal at
650°C. It appears that some alpha grain growth has occurred. The disloca-
tion structure is still mostly unevenly distributed network. The tendency
for the dislocations to align into arrays is still present, see the middle of
figure 5.23. The B appears to have consolidated from many plates to at
most a few (3 plates and in some instances a small § grain. The precipitates
in the large o grain have been identified, using EDS, as Zr rich particles.
It should be pointed out that this high of a density of Zr precipitates is un-
usual and not characteristic of the bulk of the specimen. In this titanium
alloy system the dislocations often align into arrays, examples of which
were observed in both previous micrographs. This point will be important
later as it will be shown that the irradiation precipitate response appears
to be associated with arrays.

A typical example of the microstructure of Ti-6242s irradiated to 2 dpa
at 450°C is shown in Fig. 5.24(a). The alpha grain is full of a fine dislo-
cation microstructure while the Br visible in the lower left corner appears
unaffected. Examination of the corresponding diffraction pattern, 5.24(d),
shows what appears to be overlapping spots with the indexing given ad-
jacent to the pattern. Figure 5.24(b) is a centered dark field micrograph
using g(a)=[1101]/g(B8)=[110] which appears to be a strongly diffracting o
reflection. This results in the imaging of the dislocation structure and pos-

sibly some precipitates aligned in the dislocation network. Figure 5.24(c)
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uses g(3)=[110]/g(a)=[1011] which shows some double spot identity indi-
cating strongly diffracting 3 reflection, and indeed the image shows small
precipitates arranged along dislocation lines. Further evidence that these
precipitates are heterogeneously precipitating on dislocation lines is given
in Fig. 5.25 where the bright field image shows some strongly diffracting
precipitates arranged along lines. The dark field image shows how these
precipitates are strongly imaged. The diffraction patterns associated with
these precipitates indicate a bcc structure, similar to that reported previ-
ously for the radiation-induced B phase in Ti-64. For the present, these
precipitates will be called 8;. Only in a ”homogeneous” distribution, where
the precipitataes are widely spaced, is it possible to obtain a number den-
sity (8.8 x 10'%) and an average size (16 nm). This small size precludes
the use of EDS on these low temperature precipitates.

Figure 5.26 shows the 8; morphology at 550°C and 2 dpa. It appears
that the B; precipitation is occurring on dislocations in the dislocation
arrays. This can be seen in the central portion of both 5.26(a). There is,
however, a more spherical cluster morphology which is starting to occur
and can be seen in the upper left corner. All of this precipitation appears
to be small B; precipitates which agglomerate at some sinks, i.e., dislo-
cations. A clearer illustration of this point is seen in Fig. 5.27. This is
a bright field/dark field pair which distinctly shows the small individual

Br precipitates arranged in a line and each line of precipitates is lined up
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with adjacent precipitate lines forming an array. These precipitate arrays
are widely spaced with respect to each other, much greater than the pre-
cipitate size, and this indicates a diffusional process is necessary to the
precipitation process.

At higher irradiation temperature (600°C) the §; precipitate clusters
predominate the precipitate distribution morphology. Figure 5.28 illus-
trates this phenomenon. These precipitate clusters are more uniformly
distributed than the lower irradiation temperature precipitate line ar-
rays. While much of the precipitation is occurring in the clusters, the
Fig. 5.28(b) dark field view shows some small precipitates in the matrix
away from clusters. The size of the B; precipitates still appears very small
and the clusters do seem to consist of these small 8; precipitates in several
short linear agglomerations (precipitate lines) per cluster. In a few cases
these clusters look distinctly globular.

Occasional voids are observed, Fig. 5.29, and in most cases they are
adjacent to a grain boundary. The two voids in the upper right hand
corner of Fig. 5.29 are next to an as-received 3 grain and associated with
a fr cluster as the dark field micrograph indicates. At 600°C and 2 dpa,
the density of small §; precipitates in a cluster appears higher than at the
lower temperatures in the linear arrays.

At 650°C and 2 dpa the precipitate morphology is of a more normal

appearance and in fact resembles the radiation-induced precipitation that
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occurs in Ti-64 at lower temperatures. Figure 5.30 shows an a grain with
all 6 B precipitate orientations. The f; precipitates are elongated platelets
with an average length of 150 nm and a density of 6 x 1013#/cm3. The
precipitates are almost uniformly distributed, however the smaller precip-
itates are often aligned with a few other small precipitates. At this irradi-
ation temperature there is dislocation movement and alpha grain growth
occurring. Also shown are faulted loops, some of which are pinned on
precipitates. The precipitates are not drastically reducing microstructural
evolution, in terms of grain growth, as is indicated by the large retained
B grain near the center of Fig. 5.30. That this alpha grain has grown
around one of its former grain boundary f grains is indicated in Fig. 5.31.
This shows that the retained 8 grain has no orientation relation with the
B; precipitates present in the o grain. The bright field micrograph, figure
5.31(a), images the retained beta grain while none of the radiaton induced
beta precipitates are also imaged. The proof that the retained beta grain
is in contrast is given by the dark field micrograph, figure 5.31(b), where
the as-received B grain is imaged. Further indication of the extensive dis-
location annealing, occurring during irradiation at 650°C, is shown in Fig.
5.32. Here the dislocations display long faulted traces. This indicates the
dislocations move readily even though there is a high precipitate density.

While Fig. 5.30 showed the B; precipitates, produced at 650°C, from

near an edge-on perspective they can also be imaged from a top view
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orientation. An overall view of several grains is shown in Fig. 5.33. There
are many items to note in this figure. In the large o grain on the left side,
the view of the aligned B; precipitates is of their topside. However, the
Pr density of the aligned precipitates is not as high as it was for the lower
temperature precipitate lines. Beneath this grain in the lower left corner,
the B precipitates are imaged from edge on. Another item to note is that
the average a grain size has increased (i.e., compared to Fig. 5.22) while
the as-received, transformed § grains appear to have consolidated into
grain boundary regions. This response of the as-received grains is similar
to that which ocurred after 650°C anneal, figure 5.23. The void density
appears higher than in the 600°C case yet voids still are mainly associated
with grain boundaries.

Finally after 2 dpa at 700°C, the B; precipitates have grown to 360
nm while the density has remained about the same at 5 x 10'3 #/cm3.
Figure 5.34 shows the precipitates from near an edge on perspective. While
still slightly clustered, the distribution was fairly uniform. Unfortunately
the preparation of this specimen was such that a void distribution was

impossible to determine.

EDS Results on Ti-6242s

The EDS analysis of this alloy was complicated by several factors. The

largest problem was that the K, x-rays of Mo, Zr and Sn were high energy,
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e.g., 17.5, 15.8 and 25.2 keV respectively. This means that the efficiency
of x-ray production will be considerably reduced when compared to Ti
K, at 4.5 keV. These efficiencies (k-factors) were calculated using the
Tracor Northern standard program called MTF, metallurgical thin films.
For comparison these k-factors are 1.1 for Al, 3.0 for Zr, 3.6 for Mo, and
6.9 for Sn where Ti is taken as 1.0. Therefore, the same concentration of
of Zr and Ti will give a Zr peak that is 1/3 the size of the Ti peak. A
problem develops when the concentrations are low so that the peaks are
just above background, because this will give a large error. This type of
error can noted in the following tables where it is especially obvious for
the Sn values.

Another problem arose because of overlapping peaks. The Al K, peak
at 1.5 keV is overlapped by the Si peak at 1.7 keV and the Zr L series at
~ 2 keV . The Mo K, peak at 17.5 keV is overlapped by the Zr Kz at 17.7
keV. This overlap was not corrected for using a computational method, as
was the case for Ti-64, but rather the regions of interest surrounding the
solute peaks were chosen to minimize the overlap counts. This means that
the x-ray energy regions from which the peak concentrations were taken
had , in some cases, some overlap counts from an adjacent peak. The
effect of this overlap is estimated to be less than a 1 weight % addition in
all cases.

The concentration data for the o, f7 and B; phases is presented in
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tables 5.10, 5.11 and 5.12. The alpha phase concentrations are presented

in Table 5.10. There does not appear to be much difference between the

irradiated and unirradiated alpha phase, nor does there appear to be any
temperature effect.

The concentrations for the fr phase are presented in Table 5.11.

The difference between the alpha and beta phase is quite pronounced,
where the alpha phase has almost no Mo, the beta T phase has ~ 6% Mo.
The alpha phase has ~ 4.5% Al, while the beta T phase has ~ 2.5% Al.
The differences between the irradiated and unirradiated 87 are also more
apparent. The concentration of Zr appears to go down in the irradiated
PBr as compared to the annealed beta T, e.g., ~ 1% compared to ~ 2%.
The Sn concentration behaves similarly, where the irradiated value is ~ 0
compared to ~ 1% for the unirradiated values. However, the error is so
large for the Sn case that any changes might not be real.

The solute concentrations for the irradiation-induced beta precipitates
are presented in Table 5.12. These concentrations were obtained from the
largest (7 precipitates in the thinnest foil possible. However, these values
are still matrix averaged, so that the concentration of the precipitates are
diluted by the matrix. Regardless of this dilution, it is clear that the pre-
cipitates are enriched in Mo compared to the value of the alpha matrix,

i.e., ~ 4% to none. The Mo concentration in the 3; precipitates is gen-



Table 5.10: Ti-6242s Alpha Phase Concentrations (Weight %)

Table 5.10(a) Irradiated

dpa’/(OC) C%i Cﬁl Cgr Clolllo an
2/550 |936+13|444+06|1.7+1.0|02+04 0
-0.2
2/600 |93.2+2.1/46+07[22+1.8 0 0
2/650 |933+23[43+12]23+13(0.2+0.3 0
-0.2
2/700 923+22|142+09(1.1+2.0|03+4+06|20+34
-1.1 -0.3 -2.0
Table 5.10(b) Unirradiated
dpa‘/ (OC) C%i Czl Cgr CKIO an
0/500 930+15|44+04|19+£060.1+0.2|07+1.0
-0.1 -0.7
0/650 93.0+1646+05 |22+0.7 0 0.3+0.6
-0.3
0/0(720) | 92.7+1.9|45+05|1.6+1.0|00+02]|1.2+1.5

-1.2




Table 5.11: Ti-6242s Beta T Phase Concentrations (Weight %)

Table 5.11(a) Irradiated

dpa/(°C) | O cy CH CH, Cs,
2/550 88.7+20(28+04|13+14(72+1.8 0
-1.3
2/600 8724+27132+£1010+1.0|854+2.2 0
2/650 8861+23|126+04(1.14+06|7.8+1.8 0
2/700 |89.0+3.0(314+1.0|{16+16|55+1.7(09+2.0
-0.9
Table 5.11(b) Unirradiated
dpa/(°C) | CFF Y CH Ci7, C%.
0/500 |885+25|18+04|21+09|70+23|04+1.1
—0.4
0/650 86.54+30125+09|28+07|70+14(12+1.8
—-1.2
0/0(720) 908+28|26+051211+08]41+24]05+1.2

-0.9
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Table 5.12: Ti-6242s Isolated Beta I Phase Concentration (Weight %)

dpa/(°C) | O o CcH Cito caL
2/550 88.7+20(56+15(09+08(4.1+21|0.7+14
-0.7

2/600 869+44{69+13(10+15[45+20(1.7+3.3
-1.0 —-1.7

2/650 910+ 28 |444+07[06+09(38+25]0.2+0.8
—-0.6 —-0.2

2/700 882+14(44+12|14+19|6.0%+1.1 0
-14

erally less than the coressonding fr values. The aluminum concentration
for the low temperature, (550, 600°C) unusual precipitate morphology, is
much higher than the corresponding Br values and even much higher than
the alpha matrix values. The Zr values, ~ 1%, are comparable to the
irradiated Br values which are less than the unirradiated values. The §;

Zr values are also less than the alpha matrix values.

5.3.2 Discussion of the Ti-6242s Results

To positively identify these bcc precipitates as radiation-induced one
must observe dissolution of the precipitate upon annealing at a temper-
ature in the o phase field. This has not yet been done so a qualitative

argument must be used. This near o alloy, Ti-6242s, has much more «
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stabilizing solutes than Ti-6Al-4V and fewer @ stabilizing solutes. There-
fore it would seem reasonable that if the bec radiation-induced precipitates
(Br) in Ti-64 dissolve, then so should those precipitates in Ti-6242s.

Examination of the solute concentrations for the as-received phases il-
lustrates the thermal preference of the solutes. Since aluminum is an alpha
stabilizer it is no surprise that the concentration of Al in the alpha phase
is higher than in the beta T phase. Conversely, Mo is a beta stabilizer so
that as expected the concentration of Mo is higher in the fr phase than
in the a phase. The B; precipitates are Mo enriched, which confirms the
belief that a beta stabilizing solute will be involved in a bcc precipitate.

As noted previously Wang et al.(1982) did observe Mo segregation to
a free surface after irradiation. They noted however, some ambiguity in
the interpretation of their results. They examined Ti-8Al-1V-1Mo and
the binary alloys Ti-3V and Ti-8.7Al, and while they could state that V
and Al do segregate to a free surface by consideration of the binary alloy
results, there exists another possibility for Mo. This possibility is that if
the vanadium-rich bcc precipitates form at the free surface, then this bec
phase might preferentially incorporate Mo. This would produce a driving
force for Mo to diffuse into the depleted area. The fact that bce radiation-
induced precipitates are occurring in Ti-6242s without vanadium being
present indicates that Mo is segregating to a sink, then precipitating out

in a bec phase. The point was further advanced by the work of Erck
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et al.(1981) who irradiated Ti-8.5Al with ions and found no irradiation-

induced 3 phase. They did note that Al segregated to sinks, precipitating
out as a-2, the Ti3 A ordered phase. The confirmation of the point that
Mo does indeed segregate to sinks and precipitate out into a bcc phase was
shown in the previous results section. The 8; precipitates were found to
have a Mo concentration of at least ~ 4% while the alpha matrix around
these precipitates had essentially a zero Mo concentration.

The unusual morphology displayed at the low temperature irradiations
(450-600°C) can be explained by the presence of aluminum. It is clear that
Al prefers the alpha phase over the beta phase. However, under irradiation
the Al segregates to the same sinks as the Mo. The fact that the phase
precipitating out is bcc indicates that the solubility limit in titanium for
Mo is lower than that for Al. The low temperature results are then a
result of the presence of both solutes at a sink, where the Al is stabilizing
the alpha phase and the Mo is causing a bcc precipitate to occur.

One possible scenario is that the Mo segregates to a sink, exceeds the
solubility limit, and precipitates out in a bcc phase. However, additional
Mo segregating to the first precipitate can not cause the precipitate to
grow. This occurs because the Al, which segregates to the same sink as
the original precipitate, stabilizes the alpha phase around the precipitate,
which inhibits the formation of additional beta phase, i.e., the growth

of the precipitate. Since the Mo is still segregating to the sink, which
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includes the beta precipitate and its Al rich shell, the incoming Mo forms a
small precipitate adjacent to the first precipitate and the process continues
to repeat. This scenario explains why the low temperature morphology
appears to consist of small 8 precipitates that are arranged into lines and
the lines into arrays.

The effect of the irradiation temperature on the precipitation process is
in agreement with the above scenario. Previously, Wang et al.(1982) noted
that Al diffuses faster then Mo and V in titanium so that although Al might
be coupling with an interstial flux more readily than Mo and V, it was also
diffusing the opposite way faster, i.e., up the vacancy gradient. Therefore,
the net result would be less Al segregation. This point can be extended to
the present circumstance through the precipitate evolution as a function
of irradiation temperature. At low temperatures, the accumulation of Al
at a sink via an interstial coupling mechanism is not much reduced by the
opposing reduction of Al via the vacancy diffusion mechanism, because the
vacancy mobility is reduced at low temperatures. For higher irradiation
temperatures, the reduction of the aluminum concentration at a sink due
to the vacancy mechanism increases while the accumulation of Al remains
constant. This occurs because a temperature change affects the migration
of Al via vacancy diffusion much more than the coupling energy between
Al and an interstitial. There would then occur a point when the Al was

diffusing away as fast as the aluminum (coupled to the interstial flux) was
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arriving. At this point there is no Al left to form a shell around the small
Br precipitates so that the precipitates would grow. This is exactly what
appears to have happened in the transition from the small §; precipitate
agglomerations at 600°C to normal elongated platelets at 650°C.

It appears that some form of bce stabilizing solute is necessary for the
radiation-induced beta phase to form. However, the amount and type of
stabilizer necessary for (8; precipitation to occur depends on the form of
radiation. The neutron work on Ti-6242s, Sastry et al.(1980) and Peter-
son(1982), examined both 2 and 32 dpa at 450 and 450/550°C. In both
cases no bcc precipitates were observed. A fine dislocation structure was
produced with small loops and heterogeneous void distribution for the
higher fluence. Two possible explanations for this behavior are immedi-
ately apparent. The different damage rates between neutron (1 x 107®
dpa/s) and ion (2 x 1072 dpa/s) irradiations might cause more solute seg-
regation to occur under ion irradiation conditions. This happens because
the segregation of Mo and Al occurs through coupling with the intersti-
tial flux, which will be less in neutron irradiations because of the lower
dpa rate. Neutron irradiations do confirm f; precipitation in Ti-6Al-4V,
but Ti-64 has more beta stabilizer (4 to 2) and a much more pronounced
segregating solute (i.e., V compared to Mo).

The other explanation involves the presence of helium in neutron ir-

radiations retarding the microstructural evolution of the alloy. At 650°C,
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Figs. 5.30-5.33 show that under ion irradiation considerable dislocation
annealing and grain growth is occurring. If one uses a ” temperature shift”
of 40°C for every decade increase in displacement rate, Garner and Lai-
dler(1976), one would have an equivalent neutron irradiation temperature
of 520°C. The fact that the neutron results did not indicate any evidence
of grain growth at 550°C suggests that He may play a role in inhibiting
dislocation and solute mobility.

Whether or not the radiation-induced phase observed in this study re-
sults from RIS of undersize solutes via interstitial complexes or from a
shift in the potential energy of a phase resulting in a shift of phase bound-
aries, can be answered qualitatively. The necessity of Al and Mo arriving
at sinks via an interstitial complex seems clear given the temperature evo-
lution of the precipitate response. They both arrive by the interstitial
complex, however Al leaves preferentially because of its higher vacancy
diffusivity. The Mo concentration of the precipitates is lower than the
thermally predicted value for Br, and this implies that if there is a shift
in the phase boundary that this shift gives a lower solubility limit for the
alpha+beta/beta boundary in the Ti(alloy)-Mo phase diagram. This type
of a shift can not be readily verfied and it also goes against the direc-
tion of the shift observed for V in Ti-64. The question of the phase shift
can not be strictly answered by EDS measurements in the matrix of the

foil because of the dilution of precipitate values by the matrix. The fact



184
that the B; phase occurs only with a g stabilizing solute present that has

demonstrated radiation-induced segregation seems clear (i.e., V and Mo).
Therefore, the presence of solutes is necessary implying that RIS must oc-
cur for precipitation to occur. However, in recent work (see the previous
section) on Ti-64 using EDS analysis, the §; precipitates occurring at 2
dpa and 600°C have been shown to have a vanadium concentration ~ 30%
higher than what would be expected from an equilibrium phase diagram.
Therefore one might expect both solute segregation and phase boundary

shifts are occurring.

5.3.3 Conclusions on Ti-6242s

1. A bcc precipitate is observed in Ti-6242s after 2 dpa at temperatures
from 450-700°C.

2. The low temperature (450-600°C) morphology of the § precipitate
is unusual. It consists of small (~ 20 nm) 8 precipitates clustering
into different shaped agglomerations. At 450°C, the agglomerations
were linear arrays while at 600°C the agglomerations had become

"homogeneously” distributed clusters composed of short arrays.

3. The high temperature irradiations (650-700°C) produced precipi-
tates that were normal in appearance and they consisted of elongated

platelets similar to those seen in irradiated Ti-6Al-4V.
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4. The EDS results show that Al prefers the alpha phase and Mo prefers

the beta phase. The S precipitates are enriched in Mo.

5. The temperature evolution is attributed to the competition of Al and
Mo. At low temperature the presence of Al is postulated to inhibit
the growth of the precipitates by forming an alpha stabilized shell
around the beta precipitate. At high temperatures it is postulated
that the Al diffuses away from the beta precipitate as fast as Al

arrives by RIS, and this allows the beta precipitate to grow.

6. A low density of voids (< 10'2#/cm3) is observed between 550-650°C
and the voids are heterogeneously distributed, usually adjacent to a

grain boundary.



Chapter 6

Void Nucleation Suppression

6.1 Introduction

Ion bombardment has been in use for over a decade as a tool to study
radiation damage and void swelling in metals. As an irradiation technique,
it has the advantage of obtaining data on void swelling with considerable
savings in time and money compared to neutron irradiation experiments.
However, the nonuniform damage distribution has been considered a dis-
advantage. The development of the cross section procedure, Spurling and
Rhodes(1972) and Whitley et al.(1979), for post-irradiation examination
has turned this disadvantage into a considerable asset of the technique; it
is now possible to obtain void swelling data for different displacement rates

from one sample. This increase in experimental sophistication has also en-

186
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abled researchers to examine more closely the variation of void formation
and growth as a function of the ion range.

The comparison of ion bombardment results with those obtained from
neutron irradiations has revealed significant differences which cannot easily
be explained based only on different displacement rates and temperatures.
First, swelling as a result of ion bombardment is often found to saturate at
levels ranging from a few percent to several tens of a percent; in contrast,
no saturation has yet been found for comparable neutron irradiations.
Second, the steady state swelling rate per dpa appears to be lower than for
neutron irradiated materials. Furthermore, this rate seems to depend on
the depth,Whitley(1978). There are additional differences, e.g. a denuded
zone near the front surface, and the presence of an inevitable compressive
stress in the bombarded layer.

Rate theory has been used to demonstrate that an increase in displace-
ment rate leads to a shift of the temperature range over which swelling oc-
curs, Brailsford and Bullough(1972). However, no difference in the steady
state swelling per dpa would be expected. At low temperatures, where
recombination is dominant, the injected interstitials can reduce the void
growth rate as shown by Brailsford and Mansur (1977). This reduction is
significant only when the bias is small, i.e. when the current of vacancies
is almost equal to the current of interstitials into the void. Obviously, this

will be the case for voids of the critical size. Therefore, we expect that the
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injected interstitials will affect void nucleation to a greater extent than

void growth.

6.2 Suppression of Void Nucleation During
Ion-Bombardment

The effect of injected interstitials on void nucleation depends on the
precise distribution of both the displacement damage and the deposited
ions. For a large ion range, such as exists in 14 MeV Ni ion bombard-
ment of nickel, the region of mutual overlap of these distribution profiles
is relatively small and not very sensitive to the precise determination of
these profiles. However, for lower energy bombardment the overlap region
becomes an increasing fraction of the total ion range. Consequently, any
inaccuracies in the damage and ion deposition profiles for low energy ions,
such as 5 MeV Ni on nickel, will likely have a large effect on the accuracy
of the void nucleation profile.

The work presented in this section was published by Plumton and
Wolfer (1983),Plumton et al (1983) and Plumton and Wolfer (1984). How
the injected interstitials enter the void nucleation theory is discussed first.
Next the sensitivity of the void nucleation results are examined by de-

termining the effect of changing several materials parameters on the final
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nucleation rate. The difference between 14 and 5 MeV results are then
examined, where additionally two different damage codes are used for the

5 MeV results.

6.2.1 The Calculation of Void Nucleation with

Injected Interstitials

To solve for the steady state void nucleation rate one must first solve
for D;C; and D,C,, recall chapter 2.1.1. The concentration of interstitials
and vacancies, C; and C,, are given by the solution to the usual rate
equations, equations (2.7) and (2.8) . However, in the present case the
rate of interstitial production, P;, as a result of both displacement damage
and injection, is different from the rate of vacancy production, P,, so that,

the two equations(2.7,2.8) can be solved for D;C; and D,C, which gives

DC; = D,Z,2¢" (6.1)
Z;
and
Val (Pv - -Pz)
D;C; =D,(AC,+ C, — 6.2
(AC,+T) + (62
where
_ZQ . 4k P;
AC, =g p -4+ \/A * 077,
and

(P,- P)x D,Cux
Q27v7i sz

A=1+



190
an examination of equations (6.1) and (6.2) reveals that there are terms
that involve the excess interstitials, namely the (P, - P;) terms.

When the injected interstitials are absent, as in neutron or electron
irradiations, then P; — P, = 0, and the above equations reproduce those
given by Si-Ahmed and Wolfer(1982).

The physical parameters listed in Table 6.1, used for the numerical
evaluation of the void nucleation rate, represent appropriate values for
nickel and are similar to values for austenitic stainless steels. The self-
atom diffusivity must be internally consistent so that a change in the
vacancy migration energy affects not only the exponential but also the
pre-exponential. The formalism used is that developed by Seeger and
Mehrer (1970) where the pre-exponential, Do, is treated as a function of
the vacancy migration energy. The self-atom diffusivity, Dsp, is described

by

S/ —(E{ + ET)
= € — A — U .
Dsp = D,C = Dypezxp| P lezp| T ] (6.3)
The pre-exponential term, Do, is given by
2 Sy
D,y = agvoezp| i ] (6.4)

where ag is the lattice parameter and M is the mass of the diffusing atom.

The vibrational jump frequency is, vy, where

1 [Em
Vg = —

Qg M
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Table 6.1: Ni Materials Paremeter used in Suppression Evaluation

Ni values

Lattice parameter, ag (nm)

Surface energy, Yo(J/m?)

Shear modulus, 4 (MPa)

Poisson’s ratio, v

Vacancy formation energy®, E!

Vacancy migration energy?®, E"

Pre-exponential factor, (m?/s)
Do = aZveezp[>]

Mass of diffusing atom, M (amu)

Vacancy formation entropy®, S/

Vacancy migration entropy®, S™

Interstitial relaxation volume®, v;

Vacancy relaxation volume®, v,

Interstitial polarizability?, o;

Vacancy polarizability?, a,

Modulus variation, %‘f

Lattice parameter variation, 4%

b ao

Cascade survival fraction, 7
Sink strength, Q(m™?)
Bias factor ratio, Z;/Z,

Thickness of segregation shell, h/r

0.352
1.0
1x10°
0.3
1.8
1.1
1.29%x10°¢

58.7
1.5
1.0
14

-0.2
150
15

5x10~*
5x10~*

0.15

1x101
1.2
0.1

% In units of eV

b In units of the Boltzmann constant k

¢ In units of the atomic volume 1 = a}/4
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With the diffusion coefficients defined as above the parametric studies done

in this chapter will be internally consistent.

6.2.2 Nucleation Calculation Results
A Parametric Study of Void Nucleation

The effect of injected interstitials on void nucleation is expressed
through the parameter ¢; which is equal to the ratio of the injected in-
terstitials to the interstitials produced by displacements. The total inter-
stitial production rate is then given by P; = P,(1 + ¢;) where P, is equal
to the displacement rate times the survival fraction, 7, for in-cascade re-
combination.

The parameters for the void segregation shell were chosen so that the
void nucleation rate in the absence of injected interstitials, at T = 525°C
and for a dose rate of 1072 dpa/sec, was equal to about 10 voids/cm?-
sec, a value comparable to the observed one in the nickel ion-bombardment
experiments on nickel, Whitley(1978).

The effect of various amounts of injected interstitials, in the range
¢; = 0 to 1073 , gives the void nucleation rates shown in Figs. 6.1, 6.2
and 6.3 as a function of temperature. It is clearly seen that when the
injected interstitials exceed 0.01% of those produced by displacements,

void nucleation is severely suppressed at low temperatures. In fact, there
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EXCESS INTERSTITIAL EFFECT AS A FUNCTION OF
TEMPERATURE FOR 103 dpals

0 | I i | I | |

E::" = 1.2 eV -
Sink =5x1013 ;2

"T—"1014 1
(-}
2] -
]

E
—i012 -
W
; EXCESS _
e 0 INTERSTITIALS
o
- = -
<
“ o8
o108 - -
]
2 = -
Q
8.6 | —
510
>

104 | —

| i | ]
300 400 500 600 700

TEMPERATURE [N °C

Figure 6.1: Void nucleation rate in Ni for a displacement rate of 1073

dpa/s; vacancy migration energy of 1.2 eV; sink stength of 5 x 10'%cm ™2
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EXCESS INTERSTITIAL EFFECT AS A FUNCTION OF
TEMPERATURE FOR 10°2 dpals
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Figure 6.2: Void nucleation rate in Ni for a displacement rate of 1072

dpa/s;all other materials parameters as in figure 1.
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EXCESS INTERSTITIAL EFFECT AS A FUNCTION OF
TEMPERATURE FOR 103 dpa/s
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Figure 6.3: Void nucleation rate in Ni for a displacement rate of 1073

dpa/s; vacancy migration energy of 1.4 eV; sink strength of 5 x 10¥em =2
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exists a temperature threshold, below which void nucleation does not occur
at all. This threshold depends on the injected interstitial fraction ¢;, the
dose rate (Figs. 6.1 and 6.2), the vacancy migration energy (Figs. 6.1
and 6.3), and to a lesser extent on the sink strength. The results of
Figs. 6.1-6.3 indicate that the most severe suppression of void nucleation
is expected in regions of maximum damage production where most of
the injected interstitials come to rest. If the dose rate is increased from
1073 = 1072, Figs. 6.1 and 6.2, both the threshold temperature and
void nucleation peak shift towards higher temperature and the suppression
of void nucleation by the excess interstitials increases. If the vacancy
migration energy is assumed to be 1.4 eV (and if the vacancy formation
energy is reduced so as to keep the activation energy for self-diffusion
constant at 2.9 eV) the results shown in Fig. 6.3 are obtained. It is seen
that the void nucleation rates are reduced compared to the results shown
in Fig. 6.1, while the threshold temperatures are increased. An increase in
the vacancy migration energy or in the displacement rate shifts the curves

simply to higher temperatures and lower nucleation rates.

Comparison of 14 and 5 MeV Nucleation Calculations

Due to the strong dependence on displacement rate, the suppression of
void nucleation needs to be evaluated for the particular ion-bombardment

of interest and as a function of depth. The cases examined here are 14
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MeV and 5 MeV Ni-ion bombardment of nickel. Displacement rates and
the fraction ¢; of injected interstitials were computed with the BRICE
code, Brice(1977), for both the 14 MeV and 5 MeV case while the HERAD
code, Attaya(1980), was used for just the 5 MeV case. The 14 MeV results
will be examined first and then the 5 MeV results.

The dashed lines in figures 6.4-6.6 illustrate the void nucleation rates
without the inclusion of the injected interstitials for 14 MeV Ni on nickel.
As a function of depth, the void nucleation rates without injected intersti-
tials follow the profile of the displacement rate. However, since a variation
in the displacement rate with depth is equivalent to a ”temperature shift”,
the void nucleation rates for the lower temperatures do not decrease as
drastically on either side of the peak damage region as one would expect.

If the injected interstitials are now included in the void nucleation cal-
culations, the solid lines shown in Fig. 6.4 are obtained. At the temper-
ature of 300 and even 400°C a depression of the void nucleation becomes
noticeable where the fraction ¢; of injected interstitials is greatest. Since
void nucleation is sensitive to the sink strength, cascade survival fraction,
vacancy migration energy, etc. the depression should also be strongly
dependent on these parameters. Accordingly, several parametric studies
were done.

For example, recent measurements of the vacancy formation energy by

the positron annihilation technique have yielded a value of 1.8+ 0.1 eV,
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EXCESS INTERSTITIAL EFFECT AS A FUNCTION OF
DEPTH FOR 14 MeV Ni IONS ON NICKEL
Em = 1.1 eV, Sink = 1014 m?2
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Figure 6.4: Void nucleation rate with(solid lines) and without(dashed
lines) injected interstitials vs. depth ; for 14 Mev Ni-ions on Ni; sink

strength of 104m=2 ;vacancy migration engery of 1.1 eV ; Térr = 300—600°C.
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EXCESS INTERSTITIAL EFFECT AS A FUNCTION OF
DEPTH FOR 14 MeV Ni IONS ON NICKEL
ET =1.2 eV, Sink = 1014 2
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Figure 6.5: Void nucleation rate vs. depth; vacancy migration energy of

1.2 eV; all other parameters as in figure 6.4.
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EXCESS INTERSTITIAL EFFECT AS A FUNCTION OF
DEPTH FOR 14 MeV Ni IONS ON NICKEL
E™ = 1.2 eV, Sink = 5x1013 m?2
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Figure 6.6: Void nucleation rate vs. depth; vacancy migration energy of

1.2 eV, sink strength of 5 x 1013m~2,
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Smedskjaer et al.(1981), which is significantly larger than the previously
established value. Since the value of self-diffusion energy remains unaltered
it implies a vacancy migration energy for nickel of 1.1+0.1 eV. This value
agrees then closely with the recently measured value of 1.04+ 0.04 eV for
the Stage III activation energy, Khana and Sonnenberg(1981). Suppose
now that the vacancy migration energy is 1.2 eV (which shifts EJ to 1.7 eV)
instead of the 1.1 eV used for the results in Fig. 6.4. As Fig. 6.5 shows, the
suppression of void nucleation becomes more pronounced. Furthermore,
if we reduce the sink strength from 10! to 5 x 103m~2 | the gap in void
nucleation increases even further as shown in Fig. 6.6.

The calculations for 5 MeV Ni ion bombardment of nickel were car-
ried out using the results of both the BRICE and the HERAD code. It
is assumed in the BRICE code that the ion deposition profile is Gaus-
sian. While this is probably a reasonable assumption for high energies,
it is expected to be less reliable at lower ion energies. The HERAD code
solves the ion transport problem without resorting to any compromising
assumptions by the implementation of a Monte Carlo simulation. With a
sufficiently large number of case histories, accurate damage and ion depo-
sition profiles can be obtained.

The displacement damage profiles, for 5 MeV Ni on nickel, calculated
with the BRICE and HERAD codes are illustrated in Figs. 6.7 and 6.8

respectively, where the average minimum displacement energy is taken as
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DAMAGE AND DEPOSITION PROFILE FOR
5 MeV Ni ON Ni USING BRICE CODE

o~

5 - |

~

2 —~ 5 MeV Ni ON Ni

S | .

© »

= - s

Z 3

a:‘ —1100 z.

& =

e ° 2

2 -

u.n - 50 &

3 (]
=

o

f? o | o 2

(=] 0 i

DEPTH IN MICRONS

Figure 6.7: Displacement damage and ion deposition distribution for 5

MeV Ni on Ni using the BRICE code, Brice(1977).
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DAMAGE AND DEPOSITION PROFILE FOR
5 MeV Ni ON Ni USING HERAD CODE
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40 eV. The damage peak for the BRICE case is at ~ 0.85um while for the
HERAD case the peak is at ~ 1.05um . This shift of the HERAD peak,
relative to the BRICE peak, towards the end of range is reflected in the
ion deposition profiles. The BRICE peak deposition is at ~ 1um while
the HERAD peak deposition is at ~ 1.2um.

The displacement rate and the excess interstitial fraction for 5 MeV
Ni ions are plotted as a function of depth for both codes in Fig. 6.9.
The excess interstitial fraction in both 5 MeV cases rises to about three
times the magnitude of that in the 14 MeV case. Therefore the excess
interstitials should be more important for 5 MeV irradiations than the 14
MeV irradiations.

The depth and temperature dependence of the void nucleation rates
for 5 MeV Ni on nickel is shown in Fig. 6.10 for the BRICE code, and
in Fig. 6.11 for the HERAD code. The dashed lines in both figures
again represent void nucleation rates with injected interstitials neglected.
The suppression of void nucleation is seen to be very significant except
for the high temperature, 600°C, cases. Some discrepancies in the void
suppression between the BRICE and HERAD code are observed. The
damage and ion deposition profiles from both codes result in a similar
suppression at their respective damage peaks. However, the suppression
predicted in the near surface region at low temperatures is significantly

larger using HERAD data as compared to the BRICE data.



205

COMPARISON OF DISPLACEMENT RATES AND
EXCESS INTERSTITIAL FRACTION BETWEEN
THE BRICE CODE AND THE HERAD CODE
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Figure 6.9: Comparison of the 5MeV Ni on Ni displacement rates and
excess interstitial fraction, ¢;, between the BRICE and HERAD code.
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EXCESS INTERSTITIAL EFFECT AS A FUNCTION
OF DEPTH FOR 5 MeV Ni ON Ni USING THE
BRICE CODE, E™ = 1.2 eV and Sink = 5x1013 m2
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Figure 6.10: Void nucleation rate with(solid lines) and without(dashed
lines) injected interstitials vs. depth; for 5 Mev Ni-ions on Ni using the

BRICE code, where Tzrr = 300 — 600°C.
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EXCESS INTERSTITIAL EFFECT AS A FUNCTION
OF DEPTH FOR 5 MeV Ni ON Ni USING THE
HERAD CODE, E™ = 1.2 eV and Sink = 5x1013 m2
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Figure 6.11: Void nucleation rate with(solid lines) and without(dashed
lines) injected interstitials vs. depth; for 5 Mev Ni-ions on Ni using the

HERAD code, where Tirr = 300 — 600°C.
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The shift in the void nucleation peak due to excess interstitial sup-
pression can be larger for the HERAD code than for the BRICE code
depending on the temperature. The BRICE code results give a peak nu-
cleation shift of ~ 0.4um at 300°C(0.9um to 0.5um) while at 500°C the
shift is ~ 0.3um(0.9um to 0.6um) . The HERAD code results give a peak
nucleation shift of ~ 1um at 300°C (1.1um to 0.1um) while at 500°C the
shift is ~ 0.3um (1.1um to 0.8um).

6.2.3 Discussion of the Incident Energy and Code

Comparison

The suppression of void nucleation by the injected interstitials is most
effective when their number becomes a significant fraction of the number
of interstitials which have escaped recombination both in the cascade and
in the bulk. Accordingly, the suppression is found where the ions are de-
posited and where recombination is the predominant fate of point defects.
These conditions are identical to those valid for void growth suppression,
Brailsford and Mansur(1977). The difference lies merely in the magnitude
of the suppression; it is much more dramatic for void nucleation than for
void growth.

If void swelling after ion bombardment is measured either from step

heights or by microscopic examinations in the peak damage region, the
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effect of the injected interstitials must certainly be taken into account. The
swelling-temperature relationship obtained experimentally by these two
techniques exhibits a sharply peaked behavior with a precipitous decline in
swelling towards lower temperatures around 400°C to 500°C, depending on
the displacement rate, Johnston et al.(1973). Our present results suggest
that the suppression of swelling for these lower temperatures is due, in
part, to the effect of injected interstitials on void nucleation and not on
any inherent swelling resistance of the material.

The existence of a void free gap in the depth distribution has been dis-
covered experimentally by Whitley(1978) and Badger et al (1985). Figure
6.12 shows the depth distribution of the void density in nickel irradiated
with 14 MeV Cu ions at a temperature of 400°C, where it was found that
voids nucleate in two separate bands, one found in front and one behind
the peak damage region. Although a large fraction of the self-ions come
to rest behind the peak damage region, void nucleation is still possible in
spite of the high concentration of excess interstitials because the displace-
ment rate is low. The low displacement rate gives a low supersaturation
so that point defect loss occurs mainly at sinks and recombination is in-
significant as a loss mechanism. Therefore, the injected interstitials have
little effect on void nucleation.

While the present theoretical predictions on the depth distribution

of void nucleation for 14 MeV Ni on nickel agrees in principle with this
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VOID DENSITY PROFILE SHOWING THE SUPPRESSED
REGION FOR 14 MeV Cu ON Ni, 5x1016 jons/icm?
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Figure 6.12: Void density versus depth for nickel irradiated at 400°C with
14 MeV Cu-ions to a fluence of ~ 5 x 10'%ions/cm? Whitley (1978).
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observation of a void free gap, there are quantitative differences. First,
the extent of the observed gap is larger than the predicted ones. Second,
the deepest point at which voids are observed in this experiment is in
fact beyond the end of range as computed with the BRICE code. Apart
from the latter discrepancy, a direct quantitative comparison between the
above experimental observation and the theoretical results cannot strictly
be made for the following reasons.

The observed void distribution reflects both the processes of nucleation
and growth to a visible size. In contrast, the computed nucleation rates
must be interpreted in terms of a depth distribution for voids larger than
the critical size, regardless of how small. The critical size is generally below
the limit of visibility for transmission electron microscopy. Another differ-
ence arises from our assumption of a spatially uniform sink strength. Even
though this is justified with regard to the initial distribution of grown-in
dislocations, irradiation quickly produces a spatially nonuniform distri-
bution of dislocation loops prior to void nucleation. Calculations should
be carried out with this nonuniform distribution of the total dislocation
density as obtained at low doses. Unfortunately, this information is not
presently available. Finally, diffusional spreading of vacancies and inter-
stitials is not accounted for in the present calculations. Recent work by
Farrell et al.(1982) has shown that void formation and growth is observed

at depths significantly larger than the computed displacement damage
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profile, and that this extension of the swelling range is in good agreement
with calculations by Mansur and Yoo(1979) on diffusional spreading.

For 5 MeV Ni on nickel, the void nucleation differences obtained be-
tween the BRICE code and the HERAD code, occur because of the differ-
ence in the shape of the displacement rate and ion deposition profiles. The
BRICE code gives a Gaussian shape while the HERAD code gives a non-
Gaussian shape exhibiting a more pronounced tail towards the surface.
Because of the more detailed physical modeling of the collision process in
HERAD and the absence of any compromising assumptions regarding the
solution of the transport equation, the results of the HERAD code are
expected to be more reliable.

The larger suppression of void nucleation at (or near) the peak damage
region in the BRICE case occurs because the ion-deposition profile does
not exhibit straggling as in the HERAD case. On the other hand, the larger
dimensional shift in the nucleation peak in the HERAD case is a result of
more straggling towards the surface as compared to the BRICE case. The
long tail towards the surface gives a low excess interstitial fraction which
is only significant at low temperatures when recombination dominates the
point defect loss.

Regardless of which code is used, the effects of injected interstitials at
this medium energy, 5 MeV, are more pronounced than in the 14 MeV

results because the excess interstitials cover a larger fraction of the total
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range. When a more accurate displacement damage code such as HERAD
is used the effect of injected interstitials is even larger in the low tempera-
ture range than might be expected strictly from analysis with the BRICE
code.

Garner has recently shown that injected interstitials have a pronounced
effect on self-ion-induced swelling, leading both to an extension of the tran-
sient regime of swelling and to a suppression of the steady state swelling
rate, Garner(1982). He also demonstrated that the strongly peaked swelling
distributions (with respect to Tirr) characteristic of ion irradiation were
not typical of neutron irradiations and attributed the divergence to the
injected interstitial effect. He noted, however, that within the confines
of available theory, the injected interstitials were insufficient to affect the
steady state swelling rate.

A reduction in the magnitude of the vacancy migration energy from 1.4
to 1.1 eV strongly reduces the predicted influence of injected interstitials
on the swelling rate, Mansur and Yoo(1979), and we have shown that it
also decreases the suppression of void nucleation by injected interstitials.
Therefore, this work provides a qualitative explanation for the observed
difference in the low temperature dependence of neutron and ion-induced
swelling. The possible suppression of the steady-state swelling rate, Lee et
al.(1979), in ion-bombardment at higher temperatures can, however, not

be explained by the present theoretical results or by the injected interstitial
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effect on void growth as predicted by Brailsford and Mansur(1977).

6.2.4 Conclusions on the Impact of Injected

Interstitials

1. A void nucleation theory has been developed for the special case of

ion-bombardment irradiations.

2. This theory predicts a suppression of void nucleation in the region

of ion deposition under certain circumstances.

(a) There exists a threshold temperature in the region of ion depo-

sition below which very little void nucleation occurs.

(b) The higher the dpa rate, the larger the suppression of void
nucleation in the region where the injected interstitials are de-

posited.

3. The suppression in void nucleation is greatest when recombination

is the dominant point defect loss mechanism.

(a) Recombination conditions occur when the vacancy mobility is
reduced. This can occur when the temperature is low or when

the vacancy is trapped by solute interactions.
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(b) A void free zone in the ion deposition region is predicted for
conditions where recombination is the dominant point defect

annealing mechanism.

4. The suppression in void nucleation is more severe for low energy ion

irradiations.
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6.3 Suppression of Void Nucleation for Low

Energy Ions

The effect of injected interstitials depends on the overlap of the dis-
placement damage and deposited ion profiles. For a high energy ion, e.g.
14 MeV, there is a large ion range so that TEM work can be done in a
region midway along the range far from the influence of the front surface
or the injected ions. However, as the ion energy is lowered, the mutual
overlap becomes an increasing fraction of the total range, until the overlap
will be large enough so that no region exists free from the influence of the
surface or the injected interstitials.

This section reviews the work of Plumton et al. (1984). First, the
inclusion of a surface sink term is discussed. The void nucleation results are
then presented for two cases of materials parameters and several incident
ion energies. The two cases represent different regimes of point defect loss,
where (1) is a sink dominant regime and (2) is a recombination dominant

regime. These results are then disscussed and conclusions are drawn.

6.3.1 Surface Denuding Calculation

The void nucleation theory presented previously, sections 3.1 and 6.1,

is used in this study with the modification that a surface sink term also is
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included. A suface sink term is necessary when examining low energy ion
irradiations, because at elevated temperatures the surface can effect the
entire range of a low energy ion. The experimental results of Garner and
Thomas(1973) were used to obtain the reduction in vacancy concentration
due to front surface proximity. The experimentally determined average
denuded zone width, L,, was found to depend on the vacancy diffusivity

D, and displacement rate P according to the relation

D,
Ly ~ (?)1/2 (6.5)

This denuded zone width was then used to reduce the value of C,, the

vacancy concentration, in the rate equations according to the equation

D,C, = D,C,(Bulk)[1 — ezxp{ sz
vf

}] (6.6)

where z is the distance into the sample. This approach gave denuded zones
on the same order as those observed by Garner and Thomas(1973). The
materials parameters used are the same as employed previously, see table

6.1.

6.3.2 Low Energy Results

The calculated void nucleation rates versus depth for ion irradiated
nickel are presented in Figs. 6.13-6.15 for 2.5 MeV Ni ions, in Figs. 6.16
and 6.17 for 1 MeV Ni ions, and in Fig.6.18 for 0.5 MeV Ni ions. The
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extensive parametric study on the effect of surface denuding and injected
interstitials is illustrated here by two cases, namely: case 1 for E,,, = 1.1
eV, E,; = 1.8¢eV,and Q = 1x 10m~2 ; and case 2 for E,,, = 1.2 €V,
Eyy =1.7eV,and Q@ = 5 x 10¥m~2 . Here, E,,, and E,; are the vacancy
migration and formation energies, respectively, while Q is the total sink
strength. Figures 6.13, 6.16, and 6.18 are for case 1 (sink dominant regime)
while Figs. 6.14, 6.15, and 6.17 are for case 2 (recombination dominant
regime). In these figures, the void nucleation rate with excess interstitials
neglected is shown by a dashed line and with excess interstitials included
is shown by a solid line.

The BRICE code, Brice(1977), and HERAD code, Attaya(1981), were
used to calculate the displacement rate and excess interstitial fraction for
Figs. 6.13, 6.14, 6.17 and 6.18 and Figs. 6.15 and 6.16, respectively.
For 2.5 MeV Ni ions, and higher energies, the difference between the two
displacement codes is evident (Figs. 6.14 and 6.15). For energies of 1 MeV
and lower, the overlap between the displacement rate profile and excess
interstitial fraction profile is almost complete so that differences in shapes
of the profiles do not manifest themselves in the nucleation profile.

All figures illustrate the suppression of void nucleation at T = 300°C,
while Fig. 6.13 (case 1) shows only a small decrease in the nucleation
rate at 500 and 600°C. Figures 6.14 and 6.15 (case 2) both show 1-1/2

orders of magnitude decrease at 600°C (suppression values quoted at peak
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VOID NUCLEATION RATE vs. DEPTH
FOR 2.5 MeV Ni ON Ni USING
BRICE CODE, E™ = 1.1 eV and Q = 104 m?2
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Figure 6.13: Nucleation rate versus depth for 2.5 MeV Ni ions inci-
dent on Ni (BRICE code, sink dominated regime (case 1, see text) and

Tirr=300-600°C).



LOG OF NUCLEATION RATE (#/cm3/sec)

o

N
o

o

220

VOID NUCLEATION RATE vs. DEPTH
FOR 2.5 MeV Ni ON Ni USING
BRICE CODE, E™ = 1.2 eV and Q = 5x10!3 m?2
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Figure 6.14: Void nucleation rate versus depth for 2.5 MeV Ni ions incident

on Ni (BRICE code, recombination dominant regime (case 2, see text) and

Tirr=300-600°C).
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VOID NUCLEATION RATE vs. DEPTH
FOR 2.5 MeV Ni ON Ni USING
HERAD CODE, E™ = 1.2 eV and Q = 5x1013 m2
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Figure 6.15: Void nucleation rate versus depth for 2.5 MeV Ni ions incident
on Ni (HERAD code, case 2, Tirr=300-600°C).
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suppression). At 500°C, Fig. 6.14 shows a 4-1 /2 decade decrease while

Fig. 6.15 shows almost 7 orders of magnitude decrease . Figures 6.14 and
6.15 illustrate (T = 300- 500°C) the possibility of two void swelling peaks
in the depth profile, one before and one after the peak of ion deposition.
Figure 6.16 (case 1) demonstrates that as the incident ion energy is low-
ered, the suppression of void nucleation becomes pronounced even at high
temperatures. For 1 MeV incident ions in a recombination dominated case
(Fig. 6.17 case 2) only a band of voids nucleated just below the surface is
left at low temperatures. At higher temperatures, two bands of severely
suppressed void nucleation occur. For 0.5 MeV ions, the surface denuding
prevents void nucleation at 600°C (Fig. 6.18, case 1), while the suppres-
sion is again severe and leads to two peaks at 400°C, and a reduction by

4 orders of magnitude at 500°C.

6.3.3 Disscussion of Low Energy Results

When void swelling after ion bombardment is measured either from step
heights or by TEM in the peak damage region the effect of injected inter-
stitials is present. The precipitous decline of void swelling towards lower
temperature as obtained by these two techniques, Johnston et al.(1976),
is possibly due to injected interstitials.

A void free gap or a reduction in swelling in the middle of the displace-
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Figure 6.16: Nucleation rate versus depth for 1 MeV Ni ions incident on
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VOID NUCLEATION RATE vs. DEPTH
FOR 1 MeV Ni ON Ni USING
BRICE CODE, E™ = 1.2 eV and Q = 5x1013 m?
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Figure 6.17: Void nucleation rate versus depth for 1 MeV Ni ions incident
on Ni (Brice code, case 2, Tirr=300-600°C).
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VOID NUCLEATION RATE vs. DEPTH
FOR 0.5 MeV Ni ON Ni USING
BRICE CODE, E™ = 1.1 eV and Q = 1014 m?2
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Figure 6.18: Void nucleation rate versus depth for 0.5 MeV Ni ions incident
on Ni (BRICE code, case 1, Tirr=300-600°C).
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ment depth profile has been observed by several authors. Whitley(1978)
observed a void free gap in the depth distribution at low temperature
(400°C) in nickel. Johnston et al.(1976) found a midrange swelling reduc-
tion at high temperatures (625°C) in stainless steel. Farrell et al.(1982)
also observed a midrange swelling reduction at 600°C in nickel. The ex-
istence of two bands of voids, one before and one after the peak of ion
deposition, is in agreement with the results of the present study.

The degree and extent of the injected interstitial effect depend critically
on the overlap of the profiles for displacement damage and deposited ions.
The comparison between two codes for displacement damage shows that
the HERAD code gives larger void suppressions in the peak deposition
region than does the BRICE code at high temperatures. Since HERAD
involves a more detailed modeling of the collision process, results derived
from it are presumably more accurate.

The combined effect of surface denuding and injected interstitials can
lead to a total suppression of void nucleation at all temperatures for heavy-
ion bombardment with energies on the order of 0.5 MeV or less, as found
in the present study. In order to compensate for this total suppression, sig-
nificant amounts of inert gases must be implanted either before or during

the heavy ion bombardment.
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6.3.4 Conclusions on Low Energy Suppression

Results

1. Low energy ion irradiations, in contrast to high energy (14 MeV),
have a larger overlap of the injected ion distribution profile with
the damage profile and this can result in significantly greater void

nucleation suppression.

2. As the incident ion energy is lowered, the temperature at which void

nucleation suppression effects can still be observed is increased.

3. The lower the incident ion energy is the more dramatic the void
nucleation suppresion effects in the recombination dominant regime.

The suppression is strong even in the sink dominated regime.

4. The HERAD code predicts greater suppression in the peak damge
region than does the BRICE code.
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6.4 Experimental Verification and

Comparison to the Model

6.4.1 Introduction

For high energy ions, in contrast to low energy ions, there exists a region
midway along the range that is not affected by either the front surface or
by the injected ions, Plumton and Wolfer (1984) and Plumton et al (1984).
The development of the cross section procedure, for post-irradiation ex-
amination, allows void swelling data for different displacement rates and
fluences to be obtained from one sample ,Whitley et al.(1979), Knoll(1981),
Shiraishi et al.(1982) and Sindelar et al. (1984). Transmission electron mi-
croscopy (TEM) observations over the entire damage range allows a deter-
mination to be made of the effect of injected interstitials on void formation.
The cross section technique is now well-established for nickel, Whitley et
al.(1979), copper, Knoll(1981) and Zinkle (1985), and stainless steel, Shi-
raishi et al.(1982) and Sindelar et al.(1984).

The following work was published by B. Badger Jr. et al.(1985) and
will be reveiwed here. Pure nickel, a ”pure” 316-type stainless steel (P7),
and 2 high strength copper alloys have been irradiated with either 14-MeV
nickel or copper ions. These samples have been electroplated with nickel

or copper and thinned to observe the damage region in cross section. The
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use of 3 different metallic systems allows an assessment to be made of the
general influence of injected ions on void nucleation. The irradiations were
conducted at homologous temperatures ranging from 0.4 Tys to 0.6 Ty in
order to determine the effect of temperature on the suppression of void

formation in the peak damage region.

6.4.2 Experimental Procedure

The composition and impurity content of the ”pure” 316-type stainless
steel alloy P7, nominally Fe-17Cr-16.7Ni-2.5Mo, Sindelar et al.(1984a,b)
and AMZIRC (Cu-0.15Zr) and AMAX-MZC (Cu-0.6Cr-0.15Zr-0.05Mg)
copper alloys,Zinkle et al.(1984), are given elsewhere. The purity of the
nickel used in this investigation was 0.99995. The pre-irradiation prepa-
ration of all three materials involved successive mechanical polishing op-
erations down to an abrasive of 0.3 wn alumina powder. In addition, the
copper alloys and pure nickel samples were electropolished to remove any
cold work from the mechanical polish prior to irradiation.

The materials were irradiated at the University of Wisconsin Heavy-
Ion Irradiation Facility using 14-MeV Ni3+ ions for the P7 alloy and pure
nickel samples and 14-MeV Cu3+ ions for the copper alloys. Table 6.4
lists the irradiation parameters used in this study. Post-irradiation prepa-

ration for TEM analysis involved a cross-section technique which is de-
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scribed elsewhere for the pure nickel, Whitley et al.(1979), the copper
alloys, Knoll(1981) and P7 alloy, Sindelar et al.(1984). These procedures
allow the entire damage region of the heavy ions to be analyzed for a single
irradiated sample. TEM was performed using a JEOL TEMSCAN-200CX

electron microscope.

6.4.3 Theoretical Parameters and Procedures

Comparisons between materials with varying amounts of irradiation-
induced displacement damage are usually done in terms of displacements
per atom, DPA. This value is obtained by use of a modified Kinchen and
Pease model,Torrens and Robinson(1972), so that the number of displace-

ments (Ip) is given by

I _ ¢KSD(.’B)

p = P
2pED

(6.7)
where ¢ is the fluence, p is the atomic density, Ep is the effective displace-
ment energy and Sp(z) is the energy available for displacements at a depth
x (damage energy). The last parameter, K, is the displacement efficiency
which Torréns and Robinson took to be 0.8, which has been used as a
standard value over the years for DPA calculations. Recent experimental
and theoretical studies on the displacement efficiency have revealed that

it is strongly dependent on energy, with K decreasing for increasing recoil

energy ,see Kinney et al.(1983) for a reveiw. These results indicate that



231
for high energy (> 1 MeV) neutron or heavy ion irradiations of fcc metals
the efficiency is ~ 0.3, which reduces many previously cited damage values
by a factor of 3/8. The defect production efficiency used in this paper for
the determination of DPA rate and excess interstitial fraction (¢;) is K =
0.3.

The Brice code, Brice(1977), has been used to calculate the damage
rates and excess interstitial fractions for 14-MeV Cu or Ni ions incident on
copper, nickel or stainless steel. The excess interstitial fraction, €; taken
as the ratio of deposited ions to the interstitials produced by damage
that survive cascade recombination is also affected by the efficiency. The

fraction ¢, is taken as
F(z)¢

=_—7/7 6.8
EsspRp (©8)

€

where F(z) is the deposited ion distribution function at a depth z and E;
is the fraction of defects that escape in-cascade recombination. Therefore,
while previous damage rates scale by 3/8, previous excess interstitial frac-
tions scale by 8/3. The effective average displacement energies used for
the Cu, Ni and P7 stainless steel damage calculations are 29, 40 and 32
eV respectively.

The steady state void nucleation theory for heavy ion irradiations pre-
sented by Plumton and Wolfer (1984) is used here along with the mod-

ification of a vacancy surface sink term previously included, Plumton et
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al.(1984), in the nucleation computer code. The materials parameters,
Table 6.2, used in the nucleation calculations are experimentally deter-
mined values taken from the literature. An attempt has been made to
qualitatively match the theoretical output with the experimental results.
The matching is accomplished by slightly modifying some of the input
materials parameters listed in Table 6.2. The materials values that have
been used to adjust the theoretical nucleation profiles are the energies and
entropies of vacancy migration and formation (E™, E!, S, S) energy of
the metal (7) and the void bias factors (27, Z?) for interstial and vacancy
capture. The adjustment consists of matching the theoretical nucleation
rate with the experimentally determined void density. The experimental
void density is assumed to be the density that is reached after nucleation
has stopped so that the nucleation period must be less than the total irra-
diation time. A nucleation rate of ~ 10'® — 10'® voids/m?/s was obtained
from measured void densities of 102° — 10%2 voids/m?® and total irradiation
times of ~ 103 s.

The vacancy diffusivity (D,) and thermal equilibrium concentration
were determined in accordance with the formalism of Seeger and Mehrer

(1970) for the self-diffusion coefficient (Dgp):

Sm+ 81 Em + E!
DSD — (Dv)(qu) — GZUOCxp[ v + Su v + v

P eap - (FE I (69)

where the jump frequency for fcc crystals vy is i\/E,;" /M a is the lattice
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Table 6.2: Materials Paremeter used in the Nucleation Code

Parameter Ni Cu P7
Lattice parameter, ap (nm) 0.352 0.361 0.356
Surface energy, vo(J/m?) 0.8 0.8 0.8
Shear modulus, u (MPa) 9.47x10* 4.1x10* 6.55x10*
Poisson’s ratio, v 0.28 0.33 0.28
Vacancy formation energy?®, E 1.84 1.29 1.82
Vacancy migration energy®, E™ 1.04 0.77 1.29 (Ni)
1.38 (Cr)
1.39 (Fe)
Pre-exponential factor, (m? /s) 4x107®% 1.3x107° —
Dy = advoexp| ]
Mass of diffusing atom, M (amu) 58.7 63.5 56
Vacancy formation entropy®, S; 3.0 2.4 2.5
Vacancy migration entropy®, S™ 2.3 1.2 3.1 (Ni)
4.3 (Cr)
4.8 (Fe)
Interstitial relaxation volume®, v; 1.8 1.55 1.8
Vacancy relaxation volume®, v, -0.2 -0.1 -0.1
Interstitial polarizability®, «; 72 34 52
Vacancy polarizability?, a, 39 18 28
Modulus variation, -A;;f 2x107%  3x10™*  4x107°
Lattice parameter variation, AT‘;Q 2x107%  3Ix10™*  4x107°
Cascade survival fraction, 0.15 0.15 0.15
Sink strength, Q(m™?) 5x 1013 10 10
Bias factor ratio, Z;/Z, 1.4 1.4 14
Thickness of segregation shell, h/r 0.1 0.1 0.1

¢ In units of eV

b In units of the Boltzmann constant k

¢ In units of the atomic volume 2 = aj/4
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parameter and M is the average mass of the atoms making up the lat-
tice. Experimental self-diffusion data only allows the sums S™ + S/ and
ET™+ E{ to be determined. Therefore a decrease in S7 or E™ implies an in-
crease in S/ or EJ. A complete parametric study of varying the energies
and entropies of vacancy migration and formation and determining the
impact on void nucleation is beyond the scope of this chapter. However,
several trends have been noticed as these input parameters are modified.
Raising E/ or lowering S/ increases the nucleation rate, most noticeably
at high temperatures, while the effect of the injected interstitials on void
nucleation suppression is decreased. The vacancy energies and entropies
for copper and nickel have been extensively examined in the literature.
For copper the self-diffusion data is well determined. Using an energy
for self-diffusion of Qsp = 2.06 eV, Bourassa and Leugler (1976), and
a vacancy formation energy of Ef= 1.29 eV, Triftshauser and Mcgervey
(1975), leads to a vacancy migration energy of 0.77 eV. The low temper-
ature self-diffusivity data, Maier et al. (1973) and Lam et al. (1974), and
Qsp are then used in Eq. 6.3 to determine the entropy for self-diffusion,
S™+ 87 = 3.63k. This entropy can then be broken into the migration and
formation components by using a vacancy concentration of C, = 190 ppm
at 1075°C , Simmons and Balluffi(1963), and C¢? in Eq. 6.3. This results
in S™ = 1.2k and S] = 2.4k. For nickel, the self-diffusivity data are also

fairly well known. The self-diffusion energy has been found to be 2.88
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Table 6.3: Self-Diffusion Data in a Steel Alloy

Component S™+ S/ | E™ + Ef

17% Ni 5.58 k 3.11 eV
17% Cr 6.85 k 3.2 eV
66% Fe 7.3k 3.21 eV

eV, Maier et al.(1976), which corresponds well with independent measure-
ments of E/ = 1.8¢V, Smedskjaer et al.(1981), and E™ = 1.04eV, Khanna
and Sonnenberg(1981). However, values for the entropies are uncertain.
Using the formalism of Eq. 6.3 for the data of Maier et al. (1976) yields
S™ + 8 =5.27 k, but the division between the two entropies is unknown.

Reliable self-diffusion data for stainless steel is scarce. Rothman et
al. (1980) have used tracer diffusion techniques to examine the diffusivity
of the major elements Fe, Ni and Cr in an alloy of approximately the
same composition as the P7 examined here. Appreciable differences were
found by Rothman et al. in the diffusivities of the alloy components for a
given composition as well as variations with composition between the same
components in different alloying systems. Care must therefore be exercised
in using diffusivity data from one steel alloy system and applying it to
another. Making use of Eq. 6.3 again and Rothman et al.’s data give the
results listed in Table 6.3. The division of these sums into their individual

components is again unknown. For the nucleation calculations, the division
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is made by assuming constant values of Ef and S/ for all components, but
different values of and E™ and S for each alloy component. The vacancy

diffusivity is then determined as an average

D,=D,=) C,D? (6.10)
where C; is the fraction of z in the alloy and
sm —E™
D? = a’vyexp( "k(x))ea:p( ‘I;(x)) (6.11)
with
we}E
T aV\ M
and

E; = ZCEET("”)

The surface energies used in this study are less than the values tabu-
lated by Murr (1975) by a factor of 2-3. This must be done because steady
state void nucleation rates are too low when surface energy values for clean
surfaces are employed, Wolfer and Yoo (1976). This implies that either
some unknown impurity segregation occurs to the void embryo surface
which reduces its surface energy, or that there exists gas such as hydrogen
or helium in the metal that can pressurize the void embryo. Both affect
the vacancy concentration in equilibrium with a void, Katz and Wieder-
sich(1971), containing = vacancies, (see chapter 3.1.1 and equations 3.15,

3.18-3.19) by changing the surface energy ~o(z) and the gas pressure P.
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Here, the surface energy ~yo(z) has been corrected for temperature and
curvature, ¥ = E°(r(z),T) according to Si-Ahmed and Wolfer (1982).
The other factors in Eq. 3.15 are the void radius, r(z), and the void bias
for vacancies, Z)(z). As the surface energy, v, is decreased, the void nu-
cleation rate increases dramatically, in particular at high temperatures.
The reduction in the vacancy concentration in equilibrium with a void
embryo as given by Eq. 3.15 leads to a slower vacancy re-emmission rate.
Similarily if the embryo is pressurized, the nucleation rate also increases.

The void bias factors Z) and Z? are obtained from a shell model
presented previously, Plumton and Wolfer(1984), Si-Ahmed and Wolfer
(1982) and Wolfer and Mansur(1980) . The shell model also implies that
a segregation region exists around the void which has a different shear
modulus and lattice parameter than the matrix. This difference need only
be on the order of 0.002 - 0.03% for void nucleation to occur at the desired
rate. The effect of increasing the difference in shear modulus or lattice
parameter is to increase the void bias for vacancies and decrease the bias
for interstitials. The sink averaged bias factor ratio, Z;/Z, for void nucle-
ation is taken to be 1.4 which is about halfway to the large void steady
state swelling value calculated by Sniegowski and Wolfer (1983).

The experimental results from the copper alloy, nickel, and P7 stain-
less steel irradiations can be grouped into three broad categories based on

the observed effect of excess interstitials on the void density. The three
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Table 6.4: Experimental Void Suppression Results

Material Temp(C) | L Suppression

™

Cu alloys 300 0.42 | Inconclusive
400 0.50 No voids
500 0.57 No voids
530 0.61 No voids

Nickel 425 0.40 Suppresion
450 0.42 Suppression
P7 400 0.40 | Inconclusive

500 0.45 Suppression
650 0.54 | No Suppression

categories are a) voids observed, with the magnitude of the injected ion
effect quantitatively determined, b) voids observed, but no observed sup-
pression in void density, and c) no voids observed. Table 6.5 summarizes
these results for the various conditions that were investigated. The lower
homologous irradiation temperatures generally give rise to a greater void

density suppression, in agreement with theory.

Copper Alloys Suppression Results

No void formation was observed in cold-worked plus aged copper alloys

that were irradiated up to peak damage levels of 15 dpa (K = 0.3) at
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homologous temperatures of 0.5 - 0.6 Ty (400 - 550°C). Irradiation of
an annealed (500°C, 1 hr) AMZIRC (Cu-Zr) alloy to the same fluence at
300°C resulted in a sparse distribution of large (~ 250-500 nm diameter)
voids. The void density was estimated to be on the order of 10'7 /m3. The
few voids which were observed were preferentially found in the vicinity of
large zirconium particles present in the damage region of the alloy.

The calculated void nucleation rate versus irradiation temperature for
pure copper is shown in Fig. 6.19. The void nucleation rate without excess
interstitials (¢; = 0) is compared to the nucleation rate with an excess
interstitial fraction corresponding to the peak damage region (¢; = 1073).
The displacement rate was taken as 3 x 10~* dpa/s (K = 0.3), which
corresponds to the peak damage rate during the copper alloy irradiations.
It can be seen that the steady-state nucleation theory predicts an absence
of homogeneous void nucleation in copper for irradiation temperatures
300°C, in agreement with the experimental observations. The effect of the
injected interstitials on void nucleation is predicted to be negligible for

temperatures above 150°C.

Nickel Suppression Results

The 14-MeV Ni ion irradiations of nickel at 425 and 450°C (0.40 -
0.42 T)s) both show a suppression in the void number density in the peak

damage region. The void number density versus depth for both the 425 and
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CALCULATED VOID NUCLEATION RATE IN
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Figure 6.19: Theoretical void nucleation rate vs. temperature in Cu at a

damage rate of 3 x 1073 dpa/s with E™ = 0.77¢V.
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the 450°C nickel samples is shown in Fig. 6.20. The maximum suppression
occurs at a depth of 1.6 and 2.1 um for the 425 and 450°C irradiation
temperatures, respectively. The extent of the suppression region for the
425°C sample, 0.5 - 2.8 um, is larger than that for the 450°C sample (1.0
- 2.6 um). The void number density for the 425°C sample is less than the
450°C sample density in the suppression region.

The calculated void nucleation rate as a function of depth for a 14-MeV
Ni ion irradiation of nickel is shown in Fig. 6.21. The 450°C sample is
seen to have a lower nucleation rate than the 425°C sample except in the
region of suppression. This result agrees with the experimentally observed
void density (Fig. 6.20). The maximum suppression of void nucleation is
predicted to occur at 2.2 pm. The widths of the calculated suppression
regions for the 425°C and 450°C cases are 1.6 to 2.5 um and 1.6 to 2.4

um, respectively.

P7 Stainless Steel Suppression Results

The P7 stainless steel samples were irradiated at 400, 500 and 650°C
up to a peak damage level of 20 dpa (K = 0.3). Small voids (diameter <
2 nm) were observed at the end of range in the 400°C sample. However,
inconclusive results were obtained for the depth-dependent void density

due to the small void size. A suppression effect on void number density

was observed in the high fluence 500°C sample [20 dpa (K = 0.3) at the
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Figure 6.20: Experimentally observed void density as a function of depth

for nickel following 14-MeV Ni ion irradiation at 425 and 450°C to peak

damage levels of 2 dpa (K = 0.3), Badger et al (1985).
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Figure 6.21: Theoretical void nucleation rate vs. depth for 14-MeV Ni
on Ni at 425°C and 450°C. Dashed line corresponds to no injected ions
(e; = 0) Solid line uses ¢; from Brice (1977).
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peak damage region] whereas the low fluence 500°C sample (4 dpa peak
damage) and the high fluence 650°C sample (20 dpa peak damage) showed
no suppression effect. The low fluence 500°C sample had voids 1-2 nm in
diameter which are difficult to detect due to their small size. This gives a
large measurement error which is believed to be the reason no suppression
effect was observed.

The void number density versus depth for the high fluence 500°C and
650°C samples are shown in Fig. 6.22. A small decrease in the void number
density in the peak region is evident. For the 650°C data, decreasing the
void number density in the peak damage region results from the large voids
(~ 200 nm diameter) in the bimodal distribution reducing the number of
voids through coalescence. The two size classes found in the 650°C sample
are believed to be the result of an oxygen effect as discussed elsewhere
Sindelar et al.(1984a,b). Experimentally, the maximum suppression at
500°C is centered at 2.4 pum, where the amount of suppression results
in a void number density decrease by a factor of ~ 3. The width of
the suppressed region is from 1.9 um to 2.9 um. There is no apparent
suppression in the 650°C sample.

Figure 6.23 is a plot of the theoretical nucleation rate versus depth for
14-MeV Ni ion-irradiated P7. The 400°C calculations show a significant
suppression effect centered at a depth of 2.4 um and extending from 1.7 um

to 3.1 um. The 500°C calculation shows a smaller suppression centered
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at 2.5 um and extending from 1.8 um to 2.8 um. At 650°C, there is
only a small overall reduction of the nucleation rate with no characteristic
suppression dip. The calculated nucleation rate at 650°C is about seven

orders of magnitude too low to account for the experimental results.

6.4.4 Discussion of Suppression Results

The theoretical calculations and experimental results of this study
are in good qualitative agreement on the magnitude of the suppression
effect and its sensitivity to irradiation temperature. A quantitative com-
parison between experiment and theory shows differences which must be
attributed to additional effects not yet incorporated in the theory, and
to the complex interdependence of materials parameters in an irradiation
environment. At "low” temperatures the discrepancies between theory
and experiment concerning the amount and position of the suppression
of void nucleation may be attributed mainly to diffusional spreading. At
"high” temperatures, where the excess interstitial effect is unimportant,
the discrepancy between theoretical void nucleation rate and experimen-
tal observations may be attributed to the effect of impurties in the metal.
Both of these effects are discussed below. Whether an irradiation is at a
“high” or "low” temperature is unique to the metal being investigated and

depends on the vacancy mobility and the impurity content.
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For the ”low” temperature irradiated Ni specimens, the observed sup-
pression was larger and closer to the surface than the theoretical calcula-
tions would predict (Figs. 6.20,6.21). The 425 and 450°C nickel samples
gave a maximum suppression at depths of 1.6 and 2.1 ym with the suppres-
sion extending over a width of 2.3 and 1.6 um, respectively. The theoretical
results in Ni give a maximum suppression at 2.2 um with widths of 1.0
and 0.8 um. The increased width of the suppression zone with lower tem-
peratures is probably due to recombination mechanisms becoming more
dominant, which in turn enhance the effect of injected ions on void sup-
pression. The differences in the position of the maximum suppression and
in the width of the suppression region are more difficult to explain. One
possible explanation for this difference is diffusional spreading. This is
more apparent when the P7 results are examined. The P7-500°C sample
has a maximum experimental suppression at 2.4 um which extends over 1
um in width and this agrees with the 2.5 and 1 pm from the theoretical
results (Figs. 6.22,6.23). The P7 experimental results are much closer to
the theoretical predictions than in the case of nickel.

From the materials parameters in Table 6.3 (e.g., ET*, SJ*) it is apparent
that the vacancy mobility in P7 will be lower than in the nickel. Diffusional
spreading, which has recently been shown to be important, Mansur and
Yo0(1979) and Farrell et al.(1982), will then be larger in nickel than in

P7 due to the differences in the vacancy mobility. This results in a larger
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shift of the suppression maximum towards the front surface for Ni relative
to P7. Another indication of the diffusional spreading differences between
the two metals is seen by examining the end of range data. Comparing
theoretical to experimental end of range for Ni and P7 gives 2.8 to 3.4 um
and 3.1 to 3.5 um, respectively. Therefore, the end of range diffusional
spreading is also larger for nickel, 0.6 um, than for P7, 0.4 um.

At "high” temperatures, when there is very little suppression, the lack
of good correlation between theory and experiment could be due to the
presence of impurities in the metal that are not properly accounted for in
the nucleation model. The copper alloy, AMZIRC, at 300°C and the stain-
less steel P7 at 650°C are good examples of this point. For AMZIRC, the
nucleation code is based on ”pure” copper while the irradiated specimen
is a commercial copper alloy. If the solutes and impurities in the alloy
act as trapping sites for vacancies, then the vacancy mobility is effectively
decreased, Garner and Wolfer(1981). This decrease in the mobility can be
accounted for in the nucleation code by raising the vacancy migration en-
ergy. Figure 6.24 is a plot of the void nucleation rate versus temperature
in copper when E™ = 0.87 eV, implying an energy of 0.1 eV for trap-
ping, Doyama(1978). Comparison of Figs. 6.19 and 6.24 shows that the
decrease in vacancy mobility will shift the "high” temperature nucleation
rate by ~ 50°C. The overall nucleation rate at 300°C has risen by ~ 5

orders of magnitude to a value of 10" /m3s. The disparity between the
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theoretical rate of 10''/m3®s and the experimental rate of ~ 10'*/m3s is
not considered to be significant since it occurs at the upper temperature
limit for void nucleation. Also evident from Fig. 6.24 is that a reduc-
tion in vacancy mobility increases the suppression effect of the injected
interstitials on void nucleation.

Many of the voids observed in AMZIRC (Cu-Zr) were in the vicinity
of large zirconium precipitates. The extreme heterogeneity of the voids in
the copper alloy indicates that special circumstances are required for their
formation. These circumstances are only approximated in the steady-state
nucleation code because the sink density and segregation effects are time
and space averages. An additional increase of 0.05 eV in the trapping
energy, a small decrease of the surface energy (which would occur if im-
purities segregated to the void embryos), or a small decrease in the sink
strength brings the calculated void nucleation into exact agreement with
the AMZIRC experimental results.

The appropriate surface energy of voids is an unknown parameter, yet
it has a pronounced effect on the nucleation rate. Oxygen in the P7 alloy
could have migrated to a void embryo surface and reduced the surface
energy, thereby increasing the nucleation rate dramatically, Sindelar et
al.(1984a,b). Decreasing the surface energy or increasing the gas pressure
has a similar effect on the void nucleation. Figure 6.25 shows the theoreti-

cal predictions of the void nucleation rate when the surface energy of P7 is
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reduced to 0.1 J/m?. This change gives a nucleation rate at 650°C which

is approximately equal to that observed. A surface energy of 0.1 J/m?
is, however, unrealistically low, and some other effects such as vacancy
trapping by impurities or gas stabilization of void embryos must also play
a role.

At very high temperatures, the theoretical predictions are in agreement
with experimental results. The copper alloys that were ion irradiated at
400°C did not produce any voids, which is in agreement with the theory
(Figs. 6.19 and 6.24). One reason for this lack of void nucleation may
be that the vacancy emission rate from a void, which increases with tem-
perature, is too high due to lack of gas stabilization of the voids. When
combined with the high vacancy mobility, which lowers the vacancy su-
persaturation, it makes void nucleation very unlikely. These results then
indicate that in the absence of impurities, the peak void swelling temper-
ature for ion irradiation of copper alloys is probably below 300°C. Re-
cent work, Zinkle (1985), indicates that the void nucleation only occurs in
heavy ion irradiated copper in the presence of oxygen, for temperatures
from 100-550°C. The amount of oxygen and its surface activity would
need be included in the nucleation code before any better predictions on
the void swelling temperature regime could be made. That voids were not
observed below 300°C points out one drawback of steady state void nu-

cleation theory and that is that there is no low temperature cut off in the
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model. This means that when the temperature is so low that the vacancies
no longer have the mobility to agglomerate and form voids, the code will
still be giving a very high nucleation rate, because of the large vacancy
supersaturation.

The suppression effect of the injected interstitials on void nucleation
need not be limited to low temperatures. The presence of impurities
and/or gas in the metal may shift the start of the point defect recom-
bination regime to higher temperatures. The use of low energy (<5
MeV) self-ions to irradiate the metal would exacerbate such a temperature
shift because the excess interstitial fraction, and hence the suppression ef-
fect, increases with decreasing ion energy, Plumton and Wolfer (1984) and
Plumton et al (1984). For 14-MeV compared to 5-MeV Ni ions on nickel,
the excess interstitial fraction increases from 3 x 1073 to 6 x 10~2 where
both of these values correspond to the ion deposition peak and K = 0.3,
Plumton and Wolfer(1984).

The combination of impurities and/or gas with a low energy self-ion
irradiation of a metal is illustrated by the following cases. Johnston et
al.(1976), found an extensive mid-range suppression in the void density
for 5-MeV Ni ion irradiated stainless steel a mid-range suppression in
the void density of nickel dual-irradiated with helium and 4-MeV Ni ions
at 600°C. These observed suppression effects occurred at temperatures

much higher than expected from self-ion irradiation results presented here
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and elsewhere, Whitley et al.(1979). The impurities (or solutes) in the
steel and the implanted gas (and/or impurities) in the nickel may have
trapped the point defects in such a manner as to cause recombination to
dominate the point defect loss mechanisms. This would make the excess
interstitials a larger fraction of the point defects going to sinks (e.g. voids)
and would result in reduced void nucleation. The above indicates that any
void swelling results obtained from the peak damage region must be used

with caution.

6.4.5 Conclusions on Nucleation Suppression

The following general conclusions may be drawn concerning void formation
in ion-irradiated metals. These conclusions are currently valid only when
applied to nickel, copper and stainless steel but may be more broadly

applicable to all metals.

1. Qualitative agreement between theory and experiment regarding void
nucleation in the presence of injected ions is very good. The injected
ion effect becomes important as the irradiation temperature is de-
creased. The actual temperature where the effect becomes significant
depends on the metal being investigated and on the impurity and/or

gas content of that metal.
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2. Quantitative agreement between theory and experiment regarding
the effect of injected ions on void nucleation is fair. It appears that
the discrepancies are due to neglect of diffusional spreading and im-

purity effects in the nucleation theory.

3. The magnitude of void nucleation suppression can be very significant
below certain temperatures. Void swelling data from ion irradiations
should not be taken from the peak damage region when experimental

conditions exist which make the injected ion effect important.

4. As is evident from ion irradiation studies on pure copper and copper
alloys, the relative temperature regime for swelling is determined by
the vacancy mobility, not by the melting point of the metal, i.e. the

void swelling regime is not necessarily 0.35 - 0.6 Tm.



Chapter 7

Summary

7.1 Thesis Review

7.1.1 Void Nucleation Suppression
Conclusions on the Impact of Injected Interstitials

1. A void nucleation theory has been developed for the special case of

ion-bombardment irradiations.

2. This theory predicts a suppression of void nucleation in the region

of ion deposition under certain circumstances.

(a) There exists a threshold temperature in the region of ion depo-

sition below which very little void nucleation occurs.
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(b) The higher the dpa rate, the larger the suppression of void

nucleation in the region where the injected interstitials are de-

posited.

3. The suppression in void nucleation is greatest when recombination

is the dominant point defect loss mechanism.

(a) Recombination conditions occur when the vacancy mobility is
reduced. This can occur when the temperature is low or when

the vacancy is trapped by solute interactions.

(b) A void free zone in the ion deposition region is predicted for
conditions where recombination is the dominant point defect

annealing mechanism.

4. The suppression in void nucleation is more severe for low energy ion

irradiations.

Conclusions on Low Energy Suppression Results

1. Low energy ion irradiations, in contrast to high energy (14 MeV),
have a larger overlap of the injected ion distribution profile with
the damage profile and this can result in significantly greater void

nucleation suppression.
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2. As the incident ion energy is lowered, the temperature at which void

nucleation suppression effects can still be observed is increased.

3. The lower the incident ion energy is the more dramatic the void
nucleation suppresion effects in the recombination dominant regime.

The suppression is strong even in the sink dominated regime.

4. The HERAD code predicts greater suppression in the peak damge
region than does the BRICE code.

Conclusions on Nucleation Suppression

The following general conclusions may be drawn concerning void formation
in ion-irradiated metals. These conclusions are currently valid only when
applied to nickel, copper and stainless steel but may be more broadly

applicable to all metals.

1. Qualitative agreement between theory and experiment regarding void
nucleation in the presence of injected ions is very good. The injected
ion effect becomes important as the irradiation temperature is de-
creased. The actual temperature where the effect becomes significant
depends on the metal being investigated and on the impurity and/or

gas content of that metal.
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2. Quantitative agreement between theory and experiment regarding
the effect of injected ions on void nucleation is fair. It appears that
the discrepancies are due to neglect of diffusional spreading and im-

purity effects in the nucleation theory.

3. The magnitude of void nucleation suppression can be very significant
below certain temperatures. Void swelling data from ion irradiations
should not be taken from the peak damage region when experimental

conditions exist which make the injected ion effect important.

4. As is evident from ion irradiation studies on pure copper and copper
alloys, the relative temperature regime for swelling is determined by
the vacancy mobility, not by the melting point of the metal, i.e. the

void swelling regime is not necessarily 0.35 - 0.6 Tm.

¢; Distribution Conclusions

1. The excess interstitial fraction in the ion deposition region decreases
with increasing ion energy which favors the use of higher energy

bombarding ions.

2. The use of the Brice electronic stopping power model gives a lower
excess interstitial fraction than the LSS model in the damage and

ion deposition peak.
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3. For incident ion energies < 5 MeV there exists no part of the ion
range free from the presence of a potentially significant amount of
excess interstitials and is at the same time sufficiently far from the

front surface to avoid surface phenomena.

7.1.2 Ion Irradiated Titanium alloys
Conclusions on Ti-64

1. The radiation induced precipitates in Ti-64 show an increase in num-
ber density and a decrease in precipitate length as the irradiation

temperature is decreased.

2. Observation of the first irradiation effect in the grain boundary S8
phase in mill annealed Ti-64. This irradiation effect was observed
at and above 650°C. The resulting grain boundary beta structure
is similar to a transformed beta grain, indicating that the change is

ocurring upon cooling.
3. EDS analysis of Ti-64 resulted in:

(a) Observation that the radiation induced B; precipitate has a
vanadium concentration ~ 30-50% greater than found in the 8¢
phase of thermally treated or irradiated samples. This indicates

a shift in the alpha+beta/beta phase boundary.
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(b) This shift in the alpha+beta/beta phase boundary indicates
that the potential energy for the formation of a beta phase in

Ti-64 is different under irradiation.

(c) The fraction of bec phase present at 550-600°C after a 2 dpa
irradiation is relatively constant while the amount of 8¢ is down

in favor of the formation of g;.

Conclusions on Ti-6242s

1. A bcc precipitate is observed in Ti-6242s after 2 dpa at temperatures
from 450-700°C.

2. The low temperature (450-600°C) morphology of the § precipitate
is unusual. It consists of small (~ 20 nm) 8 precipitates clustering
into different shaped agglomerations. At 450°C, the agglomerations
were linear arrays while at 600°C the agglomerations had become

"homogeneously” distributed clusters composed of short arrays.

3. The high temperature irradiations (650-700°C) produced precipi-
tates that were normal in appearance and they consisted of elongated

platelets similar to those seen in irradiated Ti-6Al-4V.

4. The EDS results show that Al prefers the alpha phase and Mo prefers

the beta phase. The S; precipitates are enriched in Mo.
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5. The temperature evolution is attributed to the competition of Al and
Mo. At low temperature the presence of Al is postulated to inhibit
the growth of the precipitates by forming an alpha stabilized shell
around the beta precipitate. At high temperatures it is postulated
that the Al diffuses away from the beta precipitate as fast as Al

arrives by RIS, and this allows the beta precipitate to grow.

6. A low density of voids (< 10'?#/cm?) is observed between 550-650°C
and the voids are heterogeneously distributed, usually adjacent to a

grain boundary.

7.1.3 Publication List

The research covered in this thesis has resulted in eight publications ,
where four of these are reviewed publications. The work on titanium will

be submitted to the Journal of Nuclear Materials.

e Plumton D.L. and Wolfer W.G. (Feb. 1983a) Suppression of Void
Nucleation by Injected Interstitials , DOE/ER-0046/12 pp.216-
231

¢ Plumton D.L. and Wolfer W.G. (Aug. 1983b) Suppression of Void
Nucleation by Injected Interstitials for Medium Energy Ions
, DOE/ER-0046/14 pp.111-119
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Plumton D.L. and Wolfer W.G. (1984) Suppression of Void Nu-
cleation by Injected Interstitials During Ion-Bombardment

J Nucl Mat 120 ,pp.245-253

Plumton D.L. , Attaya H. and Wolfer W.G.(1984) Conditions for
the Suppression of Void Formation During Ion-Bombardment

, J Nucl Mat 122 and 123 pp.650-653

Plumton D.L. and Kulcinski G.L. (1985) The Magnitude and Dis-
tribution of the Excess Interstitial Fraction During Heavy
Ion Irradition , Presented at the 1st International Conference on

Fusion Reactor Materials , Tokyo,Japan.
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tion of the Effect of Injected Interstitials on Void Forma-
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Appendix A

Introduction to Titanium

Although titanium was identified in 1791 by Gregor, it was not un-
till 1946 that Wilhelm Kroll identified a commercially viable process for
seperating metallic titanium tetrachloride with magnesium. The barrier
to wider use of titanium is its production costs. Titanium is tightly bound
to oxygen in its mineral form. There is no shortage of titanium ore. The
element titanium is the ninth most abundant in the earths crust and the
fourth most abundant structural metal after iron, aluminum and magne-
sium. Titanium is fifty times more abundant than nickel or copper and
200 times more abundant than cobalt. Rutile, titanium oxide, is the most
important mineral for the metal industry. While most rutile for the U.S.
metals industry is imported from Australia, the known North American

deposits of titanium ore will last over 300 years at the present consumption
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rates, Rosenberg (1981). Over 95% of the North American ore goes for
uses other than titanium metal in such diverse industries as paint, paper
and plastics manufacturing.

Titanium metal has good corrsion resistance and is structurally effi-
cient. The most widespread use, or proposed use, of titanium alloys in
energy related fields occurs because of this corrosion resistance . McCue
(1981) discusses the advantages of titanium that led to the growing use of
Ti alloys as condenser tubes , condensing the exhaust steam from turbine
generators, in both nuclear and fossil power plants. A more recent pro-
posed application for titanium alloys, Ruppen et al. (1981), is for nuclear

waste disposal.



Appendix B

Alloy Compositions

The following table lists the alloy compositions, in weight percent, of the

alloys referred to in the text. There are three major classes, determined by

phase constituency, into which titanium alloys fall. These classes are alpha
(a),beta (B) and alpha/beta (a/B) where the alpha phase is hexagonal
close packed and the beta phase is body centered cubic. The alloying
elements can be divided into two classes upon the basis of which phase the
element stabilizes, Hammond and Nutteing (1977). The substitutional
alpha stabilizers are Al, Zr, and Sn while the interstitial alpha stabilizers
are O, N and C. The beta stabilizers are V, Cr, Mn, Fe, Co, Ni, and Mo, all
substitutional, while the important interstitial beta stabilizer is hydrogen.

The presence of Al in all the alloys listed in the table indicates the
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Table B.1: Types of Titanium Alloys

Designation Classification Composition
Ti-70A o 99% Ti
Ti-52 e Ti-5A1-2.5Sn

Ti-6242s a (near a)  Ti-6Al-2Sn-4Zr-2Mo-0.09Si
Ti-5621s a(near a)  Ti-5Al-6Sn-2Zr-1Mo-0.25Si

Ti-811 a(near «) Ti-8Al-1V-1Mo
Ti-15-333 B Ti-15V-3Cr-3Al-3Sn
Ti-15-5 8 Ti-15Mo-5Zr
Ti-38-6-44 B Ti-3Al-8V-6Cr-4Mo-4Zr
Ti-64 a/p Ti-6Al-4V

importance of Al in titanium. The predicted phase relations of Ti and Al
were modified by Narnboodhiri et al (1973), Fig (B.1), which indicate the
formation of the ordered phase, alpha-2, at much lower Al concentrations
then previously expected.

The alloy heat treatments referred to in the text are the mill anneal,
the duplex anneal, the beta anneal, and the solution treat plus age (STA),
following Davis et al. (1979). The mill anneal is mainly used for Ti-
64 and Ti-811. It consists of a "low” temperature anneal (~ 730°C for
2 hr.) in the alpha/beta region followed by an air quench. For Ti-64,
approximate phase diagram in Fig (B.2), this results in equiaxed alpha
and intergranular beta. The duplex anneal is used for Ti-6242S, Ti- 56215

and Ti-64. The duplex anneal consists of a high temperature anneal in
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the alpha/beta region (~ 900°C for 1/2 hr.) followed by a rapid cool and
a reanneal lower in the alpha/beta region (eg~ 600 -800°C for 0.25-2 hr.)
This gives varied amounts of equiaxed primary alpha and transformed
beta. The beta anneal is used for Ti-64 and is an anneal above the beta
transus (~ 1040°C for 1/2 hr.) followed by a varied cooling rate. Fast
cooling gives a martinsite while a moderate rate gives Widmanstatten
alpha/beta platelets. The solution treat plus age (STA) is used for the beta
alloys Ti-38-6-44 and Ti-15-333. This heat treatment anneals the alloys
either above or just below the beta transus (~ 800°C). This is followed
by rapid cooling then reannealing for variable times and temperatures in
the alpha/beta region (eg ~ 500-600°C for 4-8 hrs.) STA gives a varied

amount and orientations to the alpha precipitates in the beta matrix.
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