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ABSTRACT
EFFECTS OF HEAVY-ION IRRADIATION ON THE PHASE STABILITY OF SEVERAL
COPPER-BASE ALLOYS
Robert Walter Knoll
Under the supervision of Professor G.L. Kulcinski and Dr. P, Wilkes.
The mechanical and physical properties of an alloy are dependent
on the nature of the phases that comprise that alloy. Previous studies
have sho?n that the microstructural defects produced by intense, ener-
getic irradiation, such as that within fast-fission reactors or proposed
nuclear fusion reactors, can directly and indirectly alter the charac-
teristics (e.g., the structure, size distribution, or volume fraétion)
of an alloy phase. Therefore, prediction of the long-term integrity of
structural alloys in an irradiation environment requires a thorough
understanding of the effects of irradiation on alloy phase stability.
The primary subject of this thesis is the characterization of radiation-~
induced precipitation in a binary Cu-3.4 at# Be alloy, under various ir-
radiation conditions., More limited investigations were conducted regard-
ing the phase stability of two other simple alloys: Cu-1% Co and Cu-1% Fe,
The alloy specimens were irradiated with 14 MeV Cu ions, which pro-

duced depth dependent displacement damage within a layer extending ~3000nm
from the specimen surface, At a depth of 1000nm, displacement damage
ranged from 0.25 to 10 dpa, at a damage rate of~'10'3dpa/sec. Irradiation
temperatures ranged from 300-525°C., Cu-Be specimens and some Cu-Co and
Cu-Fe spécimens were irradiated in the solution-annealed and quenched
condition. Other Cu-Co and Cu-Fe specimens were aged prior to irradiation

to produce a distribution of coherent precipitates. The microstructure



of irradiated specimens and unirradiated controls was examined using
transmission electron microscopy (TEM). Two different TEM specimen
preparation techniques were employed: (a) conventional backthinning,

and (b) cross sectional thinning, whereby the specimen was thinned in

a plane normal to the specimen surface, allowing the microstructure
throughout the ion range to be examined, Prior to TEM specimen prepa-
ration, the near-surface alloy composition-vs,-depth profiles were meas-
ured usiﬁg Auger electron spectroscopy (AES), to investigate the role of
radiation-induced solute segregation in the phase stability of these )
alloys,

Irradiation of supersaturated Cu-3.4 at% Be solid sblution,“ at
temperatures of 300-400°C to damage levels as low as 0,1 dpa, induced
continuous precipitation of CuBe platelets, whose morphology was similar
to X'platelets observed during thermal aging of more concentrated Cu-Be alloys.
No precipitation was observed in unirradiated control samples. The under-
saturated solid solution decomposed during irradiation at 430° and 475°C,
although the dose required to induce precipitation increased with temper-
ature. Overall, precipitate size increased with increasing temperature,
increasing dose and decreasing dose-rate, Precipitate number density
increased with increasing dose-~rate and decreasing température. In cross
sectioned samples, precipitate morphology was not strongly depth dependent,
except near the surface and near the end of ion range.

The continuous CuBe precipitation dissolved during post-irradiation
annealing, even at a temperature (400°C) within the two-phase region on
the equilibrium phase diagram. Instead , prolonzed thermal aging near
this terperature produced coarse discontinuous precipitatiﬁn at grain

bouniaries and in clusters within the grains.



The radiation-induced precipitate morphology was attributed to the
segrezation of Be solute to dislocation loops formed early during irradi-
ation, although the existence of this mechanism could not be confirmed
directly. The AES measurements detected enhanced Be enrichment at the
irradiated surface, however this Be was oxidized, and it was established
that the observed enrichment was due mzinly to enhanced Be0O formation
under irradiation.

The orincipal effect of irradiation at 350°C~500°C on the Cu-Co
and Cu-Fe alloys was loss of precipitate coherency. In cross sectioned‘
sanples, coherency loss was observed well beyond the end of the ion range,
and this was attributed to the long-range migration of interstitial defects
origirating in the irradiated zone. Frecipitate size did not change meas-
urably during irradiatidh, and no significant radiation-induced solute
segregation (at the specimen surface) was detected by AES measurements,
s¢ it was concluded that the Fe and Co solutes did not interact strongly
with the irradiation-induced defects. Void formation was never observed,

except in one Cu-Fe specimen.



CHAPTER I

INTRODUCTION

Structural materials within proposed nuclear fusion or fast-
fission reactors will be exposed at high temperatures to intense
radiation from energetic neutrons or charged particles. In crystal-
line materials under such conditions, atomic collisions displace
atoms from their lattice sites and cause localized disruptions in the
microstructure of the material. Mobile point defects - vacancies and
interstitials — are created. These defects are responsible for a
variety of processes which, by altering the microstructure and the
microcomposition, change the engineering properties of the material.
Radiation induced changes in the physical properties of pure metals
result from excess concentrations of point defects, and from the
formation of defect clusters such as voids and dislocation loops.
Reactor structural materials, however, will generally not be pure
metals, but multicomponent, multiphase alloys, in which the radiation
effects are more complex. In addition to defect cluster formationm,
point defects may interact with alloying elements and alter the sta—
bility of an alloy phase. For instance, the growth rate of a pre-
cipitate, the relative volume fraction of an alloy phase, or the
structure of a phase may be different under irradiation than under
exposure to high temperatures alone.(l’z) To predict the long term
behavior of an alloy under irradiation, it is therefore necessary to
understand the various mechanisms by which irradiation can affect

.phase transformations in alloys.



Methods and Objectives

The objective of this study was to characterize, by experimental
methods, the precipitation process in a simple alloy under irradi-
ation, to try to improve upon the understanding of the solute/point-
defect interactions responsible for such phase changes. For reasons
outlined below, several Cu—base binary alloys were chosen as the sub—
jects of this research: Cu-3.4 at% Be, Cu-l at% Co, and Cu-l atZ% Fe.
When this investigation was begun several years ago, few systematic
studies of alloy phase stability under irradiation had been per—
formed. In light of the complexity of the subject, relatively little
experimental data was available in the literature, particularly with
regard to Cu—base alloys. To determine the best path to follow, pre-
liminary irradiation experiments were performed on each of the above
alloys. Irradiation was found to greatly accelerate the rate of
decomposition of the Cu—-3.4 at% Be solid solution. In contrast, the
precipitation process was found to be very sluggish during thermal
aging of the supersaturated solution in the absence of irradiation,
and the resulting equilibrium precipitation had a very different mor—
phology than the radiation-induced precipitation. The characteri-
zation of radiation—induced precipitation in the Cu-3.4 at% Be alloy
was the primary subject of this study. Also, an attempt was made to
determine whether radiatiominduced point—defect fluxes cause segre-
gation of the Be solute at defect sinks. This work involved the
measurement of solute concentration vs. depth profiles near the

surface of the irradiated specimens. Since the surface is an

-



unsaturable point defect sink, it was assumed such measurements might
provide insight with respect to compositonal changes at internal
sinks, which might aid in the explanation of the radiation—induced
precipitation. The nature of the defect clusters that formed in the
irradiated alloys was also of interest in this study. 1In éonnection
with this, a brief, preliminary investigation of radiatiominduced
defect—cluster formation in high purity Cu was performed.
Displacement damage was produced in the specimens by irradiation
with 14 MeV Cu ions, using the University of Wisconsin tandem Van de
Graaff accelerator. Heavy ion irradiation produces a large concen—
tration of displaced atoms in a relatively short time, although the '
damage is confined to the near—surface region (~ 3 microns) of the
specimen. Temperatures during irradiation ranged from 300°C to
525°C, corresponding to 0.4-0.6 of the melting point of the alloys, a
possible operating temperature range for reactor materials. Ion
fluences ranged from about 9 x 1014 to 3.5 x 1010 ion/cm2 at a flux

O12 ions/cmz-sec. These fluences produced maximum

of about 3.5 x 1
damage doses of 1 to 42 displacements per atom (dpa). Depending on
the experiment, the alloy specimens were either irradiated in the
solution annealed and quenched state, or else were aged before ir-
radiation to produce a desired precipitate distribution. Following
irradiation, the alloy specimens were analyzed by Auger electron
spectroscopy, to measure the near surface alloy composition. Speci-

mens were then thinned for analysis in the electron microscope, to

study the microstructural changes produced by irradiation. Some



specimens were electroplated with Cu, then were thinned in a plane

perpendicular to the specimen surface, allowing examination of the

microstructure along the entire path of the incident ions. To the

author's knowledge, this study represents the first application of

the cross sectioning technique to the study of precipitation phenome-

na in ion—bombarded alloys.

Copper Base Alloys

Dilute copper base alloys were used in this study for several

reasons:

a)

b)

c)

d)

The effects of irradiation on the base metal — high purity copper
- have been well characterized, and the metallurgical and physical
properties of copper and its alloys have been widely studied, so a
good data base exists on these materials.

No previous systematic studies of the irradiation phase stability
of Cu base alloys have been performed. Most other phase stability
studies have centered on Ni-base alloys, stainless steels, or
refractory metals.(l’z)

From a practical standpoint, Cu alloys are easy to work with;
e.g., the cross—sectional thinning technique for electron mi-
croscopy analysis can be used on these alloys because the speci-
mens can be easily electroplated with copper.

The Cu-Be, Cu~Co and Cu—Fe systems have interesting character—
istics for the study of irradiation phase stability. The Cu—Be

system is complex, containing several intermetallic compounds.(3)

The Be solute atom is undersize, and is expected to interact



strongly with point defects. In Cu~Co and Cu~Fe the solutes are
similar in atomlic size to Cu, and the equilibrium phase diagrams
of the system are Simple.(3) The relative atomic size of the
solute is of interest because 1t plays an important role in
several theories of irradiation phase stability.

The Organization of This Paper

Before the experimental methods and results of this study are
presented, a brief literature review is given of the theory of radi-
ation damage and of previous experiments that pertain to this work.
Radiation induced phase changes in alloys have their origins in the
displacement events produced by irradiation. Therefore, Chapter II
summarizes the theories of point defect formation under irradiationm,
the agglomeration of point defects into voids and dislocation loops,
and the effects of alloying elements on defect cluster formation.
Theoretical models of alloy phase stability under irradiation are
then reviewed in Chapter III. An attempt is made in these chapters
to give a unified account of the origins of, and the inter-relation-
ships among the various types of microstructural changes and local-
ized compositional changes that have been observed in irradiated
metals and alloys. In Chapter IV, the metallurgy of the Cu—Be, Cu-Co
and Cu-Fe alloy systems is discussed. The equlibrium phase diagrams
of these systems are described, and studies of phase changes in the
dilute Cu-base alloys, caused by conventional driving forces such as
thermal activation and deformation, are reviewed. The reason for

this metallurgical review is that, to understand the effect of radi-



ation on phase'transformations in a particular alloy, it is necessary
to thoroughly understand the behavior of the alloy under the con-
ventional driving forces that are also acting on the material as 1t
is irradiated. Finally, in Chapter V, some previous experiments on

alloy phase stability under irradiation are reviewed.
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CHAPTER II

THEORY OF POINT DEFECT PRODUCTION AND

DEFECT CLUSTER FORMATION UNDER IRRADIATION

A. Primary Defect Production

The primary defect produced in a metal by energetic radiation is
the Frenkel (vacancy-interstitial) pair, which forms when the inci-
dent radiation transfers sufficient energy to a lattice atom to dis—
place it from its lattice site. For particulate radiation, both the
number of Frenkel pairs and their spatial distribution along the path
of the incident particle depend strongly on the nature and energy of
the particle. Fast neutrons, for instance, have relatively small
elastic and inelastic collision cross sections, so neutron—lattice
atom interactions energetic enough to produce primary knock—on atoms
(PKA's) are relatively widely spaced. Typically,.a fast neutron dis—
sipates its energy over a path length that is on the order of centi-
meters. A PKA produced by these collisions may receive much more
energy than that necessary to displace it, in which case it initiates
displacement sequences of its own. The PKA becomes immediately ion-
ized as it collides with other lattice atoms, dissipating its energy
both through electronic collisions that do not result in further dis-
placements, and through elastic nuclear collisions, which may produce
higher order knock—-on atoms. The collision cross section is large
for these knock—-on atoms, so the entire PKA energy is dissipated in a

very localized region. These concentrated pockets of vacancy and



interstitial defects are termed collision cascades or displacement
spikes, and will be discussed in detaill later.

If the metal is irradiated with ions rather than neutrons, as in
this study, the primary defects are likewise generated within dis-
placement cascades, but the spatial distribution of the cascades
themselves is compressed. The incident ion interacts much more
strongly than the neutron with the lattice atoms, so the initial ion
energy is dissipated over a path length of microns rather than centi-
meters. Displacement damage therefore occurs only in the near—
surface region. The displacement cascades are closely spaced and in
fact may overlap. Another characteristic of ion radiation is that
the concentration of displacements increases along the path of the
incident ion, because the nuclear collision cross section increases
as the ion velocity decreases. The displacement rate near the end of
the range of the ion may be an order of magnitude greater than at the
surface. In contrast to neutrons or ions, high energy electrons
(.5 = 5 MeV) produce only one or two displacements per nuclear colli-
sion, so isolated point defects rather than displacement cascades are
formed. The range of such electrons is on the order of millimeters.

The radiation effects that ultimately occur in the metal depend
in part on the total number of Frenkel pairs produced during irradi-
ation. For this reason, and to provide a basis of comparison between
radiation damage experiments, the dpa (displacements per atom) is
commonly used as the basic measure of radiation damage. A dose of 1

dpa administered to a certain volume of atoms indicates, on the
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average, each atom in that volume has been displaced from its lattice
site once during irradiation. In addition to dpa level, there are
several qualitative criteria, regarding primary defect production,
which must be considered in interpreting the radiation effects and in
correlating the results of different experiments; a) the initial
spatial distribution of the vacancies and interstitials, which af-
fects their probability of recombination; b) impurities that are
introduced co~incidentally with the defect production; and c¢) the
damage rate. Damage rate effects will be discussed later, since they
influence the behavior of defect cluster formation. This section de-~
scribes the method by which the dpa profile is calculated for an ion—
bombarded metal, and also discusses the effect of the initial spatial
distribution of the displaced atoms on primary defect survival.

Dpa calculation

The distribution of the displacement damage in a material bom-
barded with monoenergetic ions is determined as follows: a) The
energy loss due to electronic excitation and to nuclear collisions of
an average lon 1s calculated as a function of depth, X, into the
metal; from this calculation the range of the ion is also found.

b) Energy dissipated through nuclear scattering at a depth x is then
converted into atomic displacements at x, using a suitable formula.

The most widely accepted model for determining energy loss of an ion
is based on the theoretical work of Lindhard, Scharff, Schiott (LSS),

and others. (176)
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Application of this theory to radiation damage calculations has
been discussed previously (e.g., see Kulcinski et al.(7)), but is
outlined here. LSS theory separates the scattering into a quasi-
elastic part that describes particle deflection or ion-atom scatter—
ing, and an electron~excitation part that contributes only to the
energy loss. The theory is based on a universal nuclear—stopping
cross section calculated from a Thomas-Fermi statistical model of the
atom. It is applicable to many ion-target combinations over a wide
energy range, using only a small number of parameters. The target is
assumed to be amorphous.

LSS(S) uses a screened-coulomb potential to describe the ion-
target atom interaction, with a screening radius a = 0.8853 a, (Z%/3
+ 25/3)—1/2, where a, is the Bohr radius. For the case of ions col-

liding with atoms at rest, this leads to the use of dimensionless

parameters for the ion range, R, and initial ion energy, E, respec-

tively:
_ 2 2 :
p = RNM, b4ya Ml/(Ml + Mz) 2.1)
e = EaMZ/ZIZZeZ(Ml + Mz) . (2.2)

In the expressions for a, p and €, the subscripts 1, 2 denote the
incident ion and target atom, respectively; M is the atomic mass; Z
is the atomic charge; and N is the target atom density. Using an
extrapolated perturbation method for scattering in the screened
Coulomb potential, Lindard obtains a universal differential scatter-

.1ng cross section for the nuclear collisions:
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2 dt

wa 172
2t3/2

do =

£(e7°7) (2.3)

where tl/2 = ¢ sin (6/2), and is the center-of-mass scattering angle.

The function f(tllz), which depends on the screening function, was
calculated numerically by Lindhard.(s) Winterbon et al.(g) later ob-

tained an analytical approximation for this function:

4/9.-3/2

£el/?y = 1.309 176 @ + 1.9:479) ) (2.4)

In dimensionless form the nuclear stopping cross section is given by

(de/do) = | - 12
€ dp)n = [ dx f(x)/e , where x =t . (2.5)
o

LSS theory assumes the electronic stopping is proportional to

ion velocity(1-3), i.e. in reduced form,
(ds/dp)e = k/e (2.6)

where k is a constant that varies slowly with Z; and Z, (usually

0.1 < k € .2). TFor self ion irradiation(S) k = 0.133 22/3 A-l/z;

for
Cu on Cu, k = .157, Equation (2.6) is valid only if the incident ion
energy is less than 25 Z?/3 A; (ReV); therefore, for Cu on Cu the ion
energy must be less than 141 MeV. There is experimental evidence
that Eq. (2.6) overestimates the electronic stopping for heavy ions
incident on copper. Narayan et al.(g-ll) bombarded copper specimens
with 1 MeV protons and alpha particles, and with high energy Ni and
Cu ions (4 MeV — 58 MeV), then studied the damage regions in cross

section to compare the range of the observed displacement damage with

the range predicted by LSS theory.
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In the 1 MeV proton—irradiated specimens, the range of the ions
as indicated by the cutoff in the defect clusters, and the overall
profile of the damage distribution, was in good agreement with that
predicted by LSS theory. The agreement with theory was not as good
for the Cu and Ni ion bombarded specimens. The experimental damage
profiles were compared with calculated E-DEP-1 damage energy pro-
files, using various forms for the electronic stopping. From this
the correct electronic stopping powers as a function of energy were
deduced. LSS theory, with the LSS predicted values of the propor—
tionality constant k, consistently underestimated the peak damage
position for Cu and Ni ions incident on copper. Disagreement was
greatest (~ 25%) for low energy ions, but improved to with a few
percent of the observed results for the highest energy ionms. Ag}ee*
ment with LSS calculations was obtained by reducing the wvalue of the
proportionality constant k in the electronic stopping formula. For
the higher energies it was necessary to use an electronic stopping

1/2 _ C to obtain agreement. Hence,

power of the form de/dp = ky ¢
the electronic stopping of the Cu and Ni ions in copper is not pro-
portional to the ion velocity as predicted by LSS theory.

The total stopping cross section is simply the sum of Egs. (2.5)

and (2.6), so the average path length of the ion is

o = [ del(de/dp)_+ (de/ap) 17 . (2.7)

O —m

Lindhard, Scharff and Schiott(S) calculated the variation of p with

€, for various values of k. From these curves, and using Egs. (2.1)
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and (2.2), the range—energy relationships for most fon-target combi-
nations (within the valid energy range) can be estimated. In
practice the projected range is usually of more interest than the
path length, although for heavy ion irradiation these quantities are
very similar. It should be noted that Eq. (2.75 represents only the
range of an average particle, while in reality there is a distri-
bution of ranges due to straggling. The spatial distribution of the
injected atoms is often represented as a normal Gaussian distri-
bution.

The displacement rate in a region dx at depth x in the target
can now be determined if the total energy loss through nuclear
elastic collisions in dx is known. The average energy, E'(x) dissi-
pated (to a PKA) by the incident ion x is found by the methods just
discussed. However, only a portion of E'(x) results in displace-
ments, the remainder being lost through electronic excitation as the
PKA slows down. Lindhard et al.(4) derived a relatively simple ex-
pression relating E'(x) to the energy available for displacements,

SD (X):
Sp(x) = E'(x)/I1 + kg(e)] (2.8)

where g(e) is a universal function that + 0 as ¢ + 0, and g(e) + ¢

for € » 100, A numerical approximation to g(e) was derived by

Robinson(lz):

g(e) = 3.4008 ¢1/6 3/4

+ 0.40244 ¢ +e . (2.9)
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Several models have been proposed(13) for calculating the number
of displacements from the deposited nuclear energy. Using the modi-
fied KinchinPease model of Torrems and Robinson(14) the displacement

2 -1

rate (dpa/sec) at x, for an incident particle flux ¢ cm “ sec = on a

target of atomic density N, is
N (x)(dpa/sec) = (o/M) (B (D)/2Z) - (2.10)

The factor B is the displacement efficiency, which depends on the
form of the interatomic potential. Computer simulations(14) of dis-
placement cascades in cubic metals have indicated that g ~ 0.8. The
effective displacement energy, Ej, is the average energy that must be
transferred to an atom to displace it from its lattice site. Ej
varies by a factor of 2-3 with crystallographic direction. The value
used in Eq. (2.10) is obtained by multiplying the minimum displace-
ment threshold energy, Ej, by a factor of 5/3 to compensate for the
directional dependence. In copper, Makin(ls) found Ej to be 20-25
eV, therefore Egj is about 33 to 40 eV. The value of E; is not criti-
cal in high energy ion bombardment because most displacements occur
at energies much greater than Ej.

Manning and Mueller(l6) have incorporated the Lindhard slowing
down theory into a computer code, E-DEP-1, which calculates the
energy deposition and the injected ion distribution as a function of
depth. Brice(17) has also developed a code based on LSS theory,
which is more sophisticated than E-DEP-]1 in that the energy trans-

ported by recoil atoms is calculated. The electronic stopping can be
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calculated by a semi-empirical three—factor formula, therefore calcu-
lations involving light—ion irradiation (e.g., C or N) can be per—
formed at mich higher energies than allowed by LSS theory. The Brice
code is used in this work to calculate the damage—energy deposition
profile, and the distribution of implanted ions, for 14 MeV Cu ions
incident on a copper target.

Spatial Distribution of the Damage

The dpa level alone is not an accurate measure of radiation
damage, since long-term radiation effects are caused by the residual
defects that remain in the lattice after the annealing of the dis—
placement event. The number of surviving defects depends strongly on
the initial spatial distribution of the displacements. It was ex~
plained earlier that neutron and ion irradiation produce displacé*
ments in the form of highly localized displacement cascades. Since
the cascade forms and anneals too quickly for experimental obser—
vation, most information on the interstitial and vacancy behavior
within the cascade has come from computer simulation studies (e.g.,
summarized in 01ander(18)). These studies indicate that immediately
after formation, the displacement cascade probably exists as a vacan—
cy rich core surrounded by an interstitial rich shell. This highly
unstable configuration remains for ~ 10"13 sec, followed by an
annealing period of about a microsecond, during which relative sta-
bility is achieved. The proximity of vacancies and interstitials
within the cascade leads to spontaneous recombination of a large

fraction of the initial displacements. The remaining defects either
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(19), remain behind as

escape, or, if the temperature is not too high
immobile clusters (residual vacancy clusters are much more likely to
remain than interstitial clusters). Cluster formation further re-
duces the number of free defects, and also provides nuclei for
secondary defects such as voids and dislocationAloops. In a Monte
Carlo simulation of a 20 KeV cascade at 525°C, Doran@0) found that
only about 20% of the defects did not recombine during the anneal;
only 7% of the vacancies survived as monovacancies while the re-
maining 13%Z existed as immobile clusters of three or more.

It is possible to measure the number of free defects that escape
to the matrix, and the number of defects that become incorporated
into observable clusters. Blewitt et al.(21) measured resistivity
changes in fast neutron irradiated, disordered CujAu specimens to
determine the fraction of vacancies that escaped the cascades. Comr
pared to KinchimPease model estimates, only ~ 2% escaped, while ~ 8%
escaped if compared to experimental estimates of the number of ini-
tial defects in the cascades. Narayan et al.(g—ll) measured cluster
size distributions in copper following room temperature irradiation
with 1 MeV H' and Hé++, and with 5-58 MeV Cu or Ni ions. Only ~ 1%
of the displaced atoms theoretically produced by the light ions were
retained as visible defect clusters, while 4-6%Z were retained after
the heavy ion irradiations. Some defects, of course, are lost
through recombination and through capture at sinks, so those retained

as clusters represent only a fraction of those that escape the cas-—

cades.
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B. Defect Cluster Formation

At sufficiently high tempgratures ¢ 0.3 Tmp) where both vacan-
cies and interstitials are mobile, defects that escape recombination
within the displacement cascades diffuse throughout the matrix.
During steady—state irradiation, a dynamic baiance is quickly es-
tablished between the defect generation rate, and the rate at which
defects are lost through mutual recombination in the matrix and ab-
sorption at sinks (e.g., free surfaces, grain boundaries, dislo-
cations, and defect clusters). The theoretical steady—-state con-
centrations of vacancies and interstitials, C, and C;, respectively,
are usually found by solving a pair of simultaneous equations that
describe the production and loss of the defects in terms of chemical-
reaction rate theory. Since the rate theory formalism is also used
to model the growth of defect clusters, the determination of C, and
C; is deferred until then. The point to be made here is that the

vacancy and interstial concentrations under irradiation are always

greater than the thermal equilibrium concentrations, C;qv, so the
b
material is supersaturated by an amount
s, . =c¢, /cfd (2.11)

i,v i,v i,v

where the subscripts i, v refer to the interstitials and vacancies,
respectively. Under certain conditions a fraction of the defects
precipitate into clusters —= vacancies into dislocation loops or
voids, and interstitials into dislocation loops —— which alter the

physical properties of the material. The type and concentration of
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clusters that form and their growth characteristics depend on many
factors — temperature, irradiation variables, microstructure of the
material, applied stress, etc. One property change of particular
interest is macroscopic swelling caused by void formation. If inter—
stitial atoms condense into dislocation loops or are incorporated
into dislocation networks, while vacancies condense into dislocation
loops, then the macroscopic volume of the material remains unchanged.
However, if vacancies condense into three—-dimensional voids rather
than planar loops, net swelling of the material occurs. The techno—
logical importance of swelling has caused much of the theory of de-
fect cluster formation to center on void formation. This section
summarizes the accepted theoretical models of void and dislocation
loop formation under steady-state irradiation, with the aim of
identifying the many physical processes involved in these phenomena.
The evolution of a void or dislocation loop can be separated
into two phases — nucleation and growth. The former refers to the
statistical process of the agglomeration of point defects into
clusters that are unstable below some critical size. The growth
phase, which is better understood than nucleation, refers simply to
the growth of stable clusters with time. Although both nucleation of
new clusters and growth of stable clusters often occur simultaneously
during irradiation of a material, for modeling purposes it is neces-
sary to treat cluster formation as a sequential process of nucleation

followed by growth.
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Nucleation of defect clusters under irradiation is fundamentally
different than traditional nucleation, such as precipitation of a
second phase in an alloy, because the impingement of defects of oppo—
site types can cause either growth or shrinkage of a cluster.(zz)
Therefore, classical nucleation theory cannot bé directly applied to
void or dislocation loop formation. In the classical case, the pre-
cipitate cluster grows by the addition of a single étom, and shrinks
by the emission of an atom.(23) During irradiation, however, when
large concentrations of both vacancies and interstitials are present,
a vacancy cluster, for example, grows by the addition of a vacancy or
by the emission of an interstitial (which is rather unlikely), and
shrinks by the opposite process. Experiment has shown that the
presence of gas atoms and other impurities can greatly influence the
nucleation rate, so three or more species must often be taken into
account when modeling the nucleation process. Also, classical nuclei
draw from a population of atomic species that is initially fixed,
while irradiation induced defect clusters form from defects that are
created continuously.

Void Nucleation

The nucleation of stable vacancy clusters in general requires
that three conditions be satisfied simultaneously: a) a substantial
vacancy supersaturation must exist; b) the vacancies must be highly
mobile; and c) either a net excess flux of vacancies must impinge
upon the cluster, or the clusters must be structured so that vacam

cies rather than interstitials are preferentially absorbed. The
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supersaturation and mobility requirements are satisfied during ir-
radiation between ~ 0.3-0.6 of the melting point of the metal, pro-
vided that high concentrations of defect trapping sites do not exist.
The third requirement depends strongly on the microstructure of the
material. There are a number of possible mechaﬁisms by which nucle-

(24),

ation may occur a) homogeneous nucleation of vacancies and
interstitials only; b) heterogeneous nucleation on an immobile gas
atom or gas atom cluster; c¢) nucleation in which mobile gas atoms
precipitate simultaneously with vacancies and interstitials;

d) development of a vacancy cluster directly from the vacancy rich
core of a displacement cascade; and e) nucleation in the presence of
surface active impurities. In homogeneous nucleation, clusters form
as the result of random encounters of vacancies and interstitials
that are migrating throughout the matrix. Small clusters of éne de—
fect type that happen to form are easily annihilated when opposite-
type defects impinge on them, or when defects of the same type are
emitted. Only a small fraction of all embryonic clusters will absorb
enough defects of the same type to grow beyond some critical size, X.
This size is dependent on energy considerations and other parameters;
beyond it, growth rather than annihilation of the cluster is likely.
Heterogeneous nucleation occurs in a similar manner, except the
clusters form on impurities or structural defects where cluster for-
mation is favored relative to that in the matrix. Nucleation theory,

then, is aimed at determining the rate (clusters/cm3 sec) at which

clusters surpass the critical size.

-
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Similar theories of homogeneous nucleation of voids in the
absence of gas or impurity atoms were developed simultaneously and
independently by Katz and Wiedersich(zz’zs) and by Russe11(26). Théy
extended and generalized the ideas of classical nucleation theory by
considering void formation in the presence of arbitrary supersatu—
rations of vacancies and interstitials, where the void distribution
is not in equilibrium with either defect, as is the case during ir-
radiation. The nucleation rate is expressed as a flux of clusters
between adjacent size classes in a one—dimensional phase—-space, where
the size of a cluster is characterized by its vacancy content.(26)

The flux between clusters containing n and (n + 1) vacancies, respec-'

tively, is:
J =8 (n)p(n) - aln+ Dp(n+1) - g(n+ pln+1) (2.12)

where p(n) and p(n + 1) are the numbers of clusters containing n and
(n + 1) vacancies respectively. B,(n) is the rate of vacancy capture
by a cluster of size n, Bi(n + 1) the rate of interstitial capture by
a cluster of size (n + 1), and o, (n + 1) is the rate of vacancy emis-
sion by that cluster. The interstitial emission rate is small enough
to be neglected. The vacancy emission rate, oy, is obtained by ap-

plying detailed balancing(27)

principles to voids that are in equili-
brium with each other. This implies that the supersaturated vacan—
cies are in equilibrium with the voids and with the interstitial

populations, so the interstitial concentration, C;, is very low. At

equilibrium the voids are found to exist in a Maxwell-Boltzmann
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distribution, given by the function
o o
p (n) = N_ exp(- 4G _/kT) (2.13)

where AGg is the free energy of formation of a void of size n and Nj
is the atomic site concentration. AGg depends on the void size, the
void—-matrix surface energy, and on the vacancy supersaturation. De-
tailed balancing yields the following expression for ay(n + 1), which

is then inserted into Eq. (2.12):
a(n+1) =8 (n)p°(n)/p°(a+ 1) . (2.14)

The defect capture rates By and B, are derived from diffusion theory,
assuming the clusters are neutral, spherical sinks.

An expression is obtained for the steady—state void nucleation
rate, Jk, which is superficially similar to the classical equation.

According to Russell,(26'28)
= ' -— 1
Jk Z BkNo exp( AGk/kT) (2.15)

where By 1s the rate at which vancancies impinge on the critical
nucleus. The factor AG& is the activation barrier for nucleation,
which depends on the defect arrival ratio Bi/BV, and on AGg. Z' is
analogous to the Zeldovich factor, and is a function of the second
derivative of AG) evaluated at the critical nucleus size. Another
factor of interest in the theory is the incubation time,

T = (ZZ'ZBk)_l, the time necesséry for steady—state nucleation to

become established.
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Powell and Russell,(zg) and Katz and Wiedersich(zs) evaluated
the nucleation rate and the incubation time using parameters typical
of nickel or stainless steel in a breeder reactor environment. The
capillarity model(26) was invoked in estimating AGg, which was then
used in determining the activation barrier AG; for the nonequilibrium
case. Both Jy and 1 were found to be extremely sensitive to the de-
fect arrival rate ratio, Bi/Bv’ and to the vacancy supersaturation,

S At 500°C, increasing Bi/Bv from 0 to 0.99 greatly broadened the

ve
activation barrier, decreased J, by several orders of magnitude, and
increased 1 by a factor of ~ 10% at constant supersaturation.(zs)

The critical cluster size also increased sharply as Bi/sv +> 1, al-
though the increase became less dramatic as S increased. At

Bi = Bys nucleation could not occur since each incoming vacancy was
matched by an incoming interstial. When the defect arrival rate was
held constant but S, was increased by a factor of 10, the nucleation
rate increased by at least several orders of magnitude. However, the
incubation time t decreased by only the amount that S, was increased,
indicating that 1t is much more dependent on the interstitial involve-
ment than on the vacancy supersaturation. The behavior of the void
nucleation rate with respect to Bi/Bv implies that in a real materi-
al, voids form only 1f mechanisms exist that ensure Bi/Bv <1l.e It is

(27) that one such mechanism is the bias of dislocation

well known
sinks for interstitials; i.e. the effective capture-radius of a dis-

location for an interstitial atom is somewhat larger than for a

vacancy, therefore more interstitials than vacancies are captured.
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This reduces the interstitial concentration in the matrix, so a net
excess number of vacancies flows to voids. Although most nucleation
theories(22—33) have assumed that voids are neutral sinks, calcu-
lations by Mansur and Wolfer(34), and by Wolfer et al.(35'36) have
shown that small, bare voids possess a strong interstitial bias due
to an image force interaction. This would keep Bi/sv > 1 and pro-
hibit void nucleation and growth. Because segregation of impurity
atoms to voids has been observed experimentally and predicted theo-
retically, these authors suggested that an impurity surface coating
may be necessary for a void to nucleate. Calculations(34) have indi-
cated that a void coating greatly reduces the interstitial capture
efficiency of a void. Furthermore, the impurities lower the acti-
vation barrier to nucleation by reducing the void-matrix surface
energy.

Subsequent void nucleation theories focussed on nucleation in
the presence of gas atoms or other impurities. Inert gases, particu-
larly helium that is ion implanted or generated by transmutation re—
actions, are known to enhance void formation. The theoretical treat-
ment depends on the mobility of the gas atoms relative to the mobili-
ty of the vacancies.(27’30) Katz and Wiedersich(31’37) developed a
model that viewed the nucleation process as the sum of independent,
parallel nucleation processes, i.e. homogeneous nﬁcleation as de-
scribed above, and heterogeneous nucleation on a pre-existing distri-
bution of single immobile He atoms or He atom clusters. Assuming the

He to be immobile allows the growth of the cluster to be determined
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only by the number of vacancies it contains, since the cluster re-
tains the number of gas atoms it started with. When insoluble gas
atoms are incorporated into a vacancy cluster, the formation energy
of the cluster must be described in terms of both the number of gas
atoms, X, and vacancies, n, that the cluster contains. Therefore,
the activation barrier to nucleation is described by a surface in
(n,x) space, and the critical nucleus size corresponds to the saddle
point on that surface. Insoluble gas atoms contained within a vacan~
cy cluster stablize the cluster against annihilation by intersti-
tials, because the addition of a interstitial requires work to com~
press the gas. The void nucleation rate can thereby be greatly en—

(23) showed a 102 to 104-fold increase in the

hanced. One calculation
nucleation rate, relative to homogeneous nucleation, for 10 ppm He in
stainless steel at 500°C, where Bi/Bv = 0.98 and S, = 103 to 104.

In reality, even gases such as helium are not completely im
mobile in a metal in the temperature range where voids form. Com
plete immobility would in fact preclude the existence of gas clusters
as assumed in the above model. If the gas or impurity atoms have
limited mobility ~— on the order of that of a vacancy — the nucle-
ation process consists of a simultaneous precipitation of vacancies,
interstitials and foreign atoms. Russell(zg) found that under such
conditions an analytical expression for the nucleation rate cannot be
obtained and numerical methods must be used. An analytical solution

exists only if the impurity is very immobile, or if it is so mobile

that the cluster reaches equilibrium between vacancy captures. An
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attempt was made by Wiedersich, Burton and Katz(32)

to numerically
determine nucleation rates in the case of intermediate helium mobili-
ty. However, thelr results greatly overestimated the nucleation rate
because of a mathematical error(33) that was made in deriving the
helium arrival rate.

Russe11(24’33) has recently developed a comprehensive theory
describing void nucleation via a critical point/nodal line formalism.
The most probable behavior of a void containing n vacancies and x
impurity atoms is given by a velocity in the (n,x) plane, which
equals the sums of jump frequencies times unit jump vectors. The
jump vectors (Fig. 2.4) represent the physical processes involved in
nucleation and have the same meaning as in previous theories. Radi-
ation resolution of an impurity or gas atom in the void is included

in this theory, represented by the resolution parameter K;. The

velocities of a cluster in the (n,x) plane are

. _ ,01/3 _ _ ,0.1/3
n an a, Bin (2.16)
x =83 - o - xC (2.17)
X X X
where the n1/3 factor accounts for the dependence of the defect cap-

ture rate on the void size. The impingement frequencies B and the
emmission rates a are derived as in previous theories(22’25’26) (Eqs.
2.13, 2.14)., Hence, the velocities (Eq. 2.16) and (Eq. 2.17) become

dependent on AG®(n,x), the free energy of forming an (n,x) cluster in

the metal.
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Russell proceeds by inserting the appropriate value of AG®%(n,x)
into the velocity equations, thereby obtaining equations for the
nodal lines where n and x are equal to zero. The nodal lines divide
the (n,x) plane into various regions, and intersect at so-called
critical points. A qualitative understanding of void nucleation
trends as a function of vacancy content and impurity atom content is
obtained by examining the location of the critical points and the
direction of the velocity vectors that characterize each region. The
nucleation rate is calculated using the equations that were derived
in previous theories.

Several interesting results of Russell's analysis are: a) under
conditions that may exist during neutron irradiation, or during heavy
ion irradiations of He doped samples, spontaneous void nucleation may
occur. Voids may develop from elementary point defects without
passing over a nucleation barrier; b) under certain conditions, meta-
stable gas—containing embryos may exist that cannot grow spontane-
ously, but which may serve as heterogeneous void nucleation sites, or
which may contribute strongly to the overall sink density of the ma-
terial; ¢) dissolved gases may greatly enhance void formation by
reducing the void-matrix surface energy, but they cannot lead to
spontaneous nucleation; d) synergetic effects between inert gases and
surface active solutes may greatly enhance the nucleation rate.

Still another approach to nucleation is a unified formulation

(36)

developed by Wolfer et al. , which describes both nucleation and

growth., The void size variable, x, is assumed to be continuous (for



29

x >> 1), which leads to a Fokker-Planck equation for the evolution of

the void size distribution
3af(x,t) /3t = -3/3x {F(x) - 3/ax D(x)} £(x,t) (2.18)

where f(x,t) is the size distribution function,-F(x) is the drift
force, and D(x) is a space dependent diffusion coefficient. Here the
critical void size %" is defined by F(x) = 0, and void growth occurs
when F(x) > O,

Void and Loop Growth

A vacancy cluster that surpasses the critical size will continue
to grow if the conditions prevail that allowed void nucleation in the
first place, i.e. vacancy mobility and supersaturation, and net ab-
sorption of vacancies by the void. Void growth generally occurs at
irradiation temperatures between about 0.3 to 0.5 Tmp’ and is heavily
dependent on the purity and microstructure of the material. The most
successful and widely used model of void growth or dislocation loop
growth is based on the formalism of chemical reaction rate theory,
where physical processes that are actually discrete in space and time
are modeled as if they occur continuously and homogeneously through-
out the material. In this theory, the rate of change of the point
defect concentrations or the growth of a defect cluster is expressed
through conservation equations, which describe each relevant physical
processes in terms of an appropriate reaction rate coefficient. The
basic rate equations for void and loop growth are presented in this

section. Recent reviews of the application of rate theory to void

-
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swelling, by Mansur(38) and by Brailsford and Bullough(31), have been
used as a guide.

The rate theory approach was first applied by Harkness and
L1(40) in 1971, and was further developed by Wiedersich(hl) and by
Brailsford and Bullough(42). The growth rate of a void of radius r,
is determined by the net flux of vacances per unit void are per unit

(38)

time,
_ v _ 5V e _ sV
dr _/dv = (/r ){z (xr D C_ -2z (r )b C (r ) z;(r ),C,}(2.19)

where Dv,i are the vacancy and the interstitial diffusion coeffi-
cients, respectively, Z:,i are the capture efficiencies of voids for
vacancies and interstitials, respectively, and Q@ is the atomic
volume. The term containing Cs(rv) is the thermal vacancy emission
rate of the void. Cs(rv) is the thermal vacancy concentration at a
void of radius ry, colry) = CS exp(—(Pg - 2y/ry)a/kt), whére Cs is
the bulk thermal vacanéy density, Pg is the gas pressure in the void,
and y is the void-matrix surface tension. The vacancy and intersti-

tial concentrations Cv, respectively, are found by solving two

i
coupled conservation equations for the defects. For a homogenized
medium under irradiation, where defect trapping is not important, the

point defect concentrations at steady—-state are given by

dc /dt =G -RCC,-KC =0 (2.20)
v v v 1l v Vv
dCi/dt = Gi - Rcv_ci - KiCi =0 . (2.21

.The effective vacancy generation rate is Gv = G + G%, where G
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accounts for vacancies produced directly by irradiation, and G¢
accounts for vacancies re—entering the matrix due to thermal re-
emission by the sinks. Since thermal emission of interstitials is
negligible, the interstitial generation rate is just G. R, the re-
combination coefficient, can be expressed as 4mr, (D; + D), where r,
is the radius of the point defect recombination volume.(38)

Most of the physics of the rate theory model lies in the re~
action rate constants K, and Ky, which describe the loss of vacancies
and interstitials, respectively, to sinksf There are j types of
sinks, such as voids, dislocations, etc., which are modeled as

j.

distributed throughout the continuum, so Kv =1I Kg, and Ki =1 Ki

The rate constant for a specific type of sink,Jj, is expressed as
Ki,v = Sg,v Di,v’ where Si,v’ the sink strength, is itself composed
of three multiplicative constants.(38) The sink strength is ex—
pressed as the product of a geometric parameter gj, a sink capture
efficiency Zj, and a multiple sink correction factor md. Here gj
describes that property of a sink that defect absorption is propor—
tional to, such as dislocation line length; zJ 1s the ratio of the
point defect current of the real sink to that which would occur if
the sink was a perfect absorber of point defects and created no
stress field that interacted with defects; finally, md accounts for
interactions thay may occur between sinks. The strength of a parti-
cular type of sink for a given type of point defect is determined by

solving a diffusion problem for a discrete sink in an effective sink-

containing medium.(39’42’43) To accurately model a material under
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irradiation the time evolution of the microstructure must be com
sidered. The overall sink strength of the material changes with dose
because new sinks form (e.g., the voids and dislocation loops them
selves) and because saturable sinks (e.g., sessile dislocations,
coherent precipitates, solute atoms) can accommédate oﬁly a finite
number of defects.

Interstitial dislocation loops form over a much wider tempera-
ture range and at lower doses than voids. In general, they precede
voids and help provide the bias necessary for void formation, and
they are more stable than voids at high temperature. The growth of

an interstitial loop of radius r; is given by(38)

2 1
a {Zi(rl)DiC

1 e 1
dr, /dt ¢ F 2,0y C (xr) -z (D C} (2.22)

where Cs(rl) Cs exp('(Yf + E; - 0a)/kT) is the thermal equilibrium
vacancy concentration at the loop, Yf denotes stacking fault energy,
o is the hydrostatic stress and a is the lattice parameter. The
first and second terms in Eq. (2.22) indicate that the loop grows
both by interstitial capture and by thermal vacancy emission, respec—
tively, while the third term denotes loop shrinkage by vacancy cap—
ture. Wolfer and Yoo(**) have shown that for small (ry £ 50 &) dis-
location loops the bias factor for interstitials, Z%, is significant-
ly greater than that for vacancies, Z%; therefore, the interstitial

dislocation loop is an inherently stable structure. This theoretical

prediction is borne out by numerous experimental observations of
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continuous interstitial loop growth during irradiation, as discussed
in the following section.

The growth of a vacancy dislocation loop is given by an expres—
sion similar to Eq. (2.22), except the sign of each term is reversed.
Thus, the vacancy loop shrinks by interstitial éapture and by vacancy
emission, and since Zi > Zi for small loops, the vacancy‘loop is
inherently very unstable. Under equal point defect generation rates
the vacancy loop cannot nucleate and grow unless a mechanism exists
to relieve the interstitial bias. However, there is extensive evi-

(45) that vacancy loops, which are observed in irradiated

dence
metals, skip the nucleation step and form directly from the collapse
of the vacancy-rich center of the displacement cascade. At about
room temperature and below, where vacancies are immobile, this is the
only way vacancy loops can be created. At temperatures above the
onset of void formation vacancy loops anneal quickly after forming,

due to thermal vacancy emission.

C. Effects of Alloving Elements on the Nucleation and Growth of

Defect Clusters

Alloying elements affect the delicate balance that exists be—
tween the processes of point defect generation, annihilation at
sinks, ahd cluster formation. The complicated nature of these
processes coupled with the unique properties of a given alloy system
prohibits the formulation of a general theory. However, specific
effects can be modeled and then incorporated into the theoretical

framework that has been presented in the previous sections. This
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discussion is restricted to materials whose total impurity concentra-
tions are less than several atomic percent, e.g., a dilute binary
alloy.

There are three general ways that solute or impurity atoms can
influence the formation of voids and dislocation loops. First,
foreign atoms may interact directly with defect clusters to change
their nucleation and growth characteristics. The effects of surface
active impurities in reducing the free energy of void nucleation,
gaseous impurities in stabilizing void nuclei, or a solute shell in
changing the bias of small voids or loops, have been discussed in the
previous section. The influence of such impurities on the growth
rates of voids or dislocation loops is found through the growth Egs.
(2.19) and (2.22). An impurity—induced change in the void surface
energy, Y, or in the loop stacking fault energy, Ygg¢, alters the
growth rates through the thermallvacancy emission terms in these
equations. Another phenomenon in which impurity atoms interact
directly with the defect clusters is the enrichment of the solute
concentration (not necessarily formation of a precipitate shell)
around a void or loop due to solute segregation.(46—57) The mecha-
nisms responsible for solute segregation are discussed in detail in

(49) was the first to hypothesize that the

the next chapter. Anthony
presence of an enriched solute shell could alter the growth rate of a
void by changing the vacancy diffusion coefficient and the vacancy

chemical potential in the zone around the void. Alteration of the

surface energy of the growing void could change the vacancy

.-
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concentration in equilibrium with the void, thereby inhibiting void
growth. In addition, solute—solvent size differences that generate
stresses near the solute shell could influence the magnitude of the
vacancy current impinging on the void. Brailsford(SI), and Mansur
and Wolfer(38’52) found that a solute shell aroﬁnd a void could
change the void capture efficiency, Zz’i, for a vacancy or inter—
stitial. Brallsford assumed the diffusion coefficient for vacancies
in the shell, Ds, was different from that in the matrix Dy. There-
fore, for a shell of thickness §, the capture efficiency of a void of
radius r,, for a vacancy becomes Zz(rv) = (1 + 8/r )/ + DVG/Der),
where Zz(rv) equals unity for an uncoated void.

Mansur and Wolfer(sz) found that differences between the elastic
constants of the solute shell and the matrix produce an energy barri-
er to the incorporation of point defects. This results in a capture
efficiency given approximately by ZX,v(rv) = ((ry/r) + eri,v/(rc +
)2

6)° wy v), where r, = r,. Here w; _ is the transfer velocity of the
3 ’

c v
defect at the void, given by wiy = (Di,v/a) exp(—Ei’v/kT), a is the
lattice parameter, and Ei,v is the largest positive value of the
repulsive interaction energy. Since E is proportional to the square
root of the point defect relaxation volume, the larger repulsion of
the interstitial makes Zg much smaller than Zz; i.e. interstitial
capture is inhibited so void growth is enhanced.

The second general mechanism by which foreign atoms may influ-

ence void and loop growth is by changing the concentrations of free

vacancies and interstitials in the matrix. For instance, if the
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impurity atoms sufficiently disrupt the crystallographic perfection
of the metal, the initial configuration of the displacement cascades,
and hence the number of free defects that escape the cascades may be
changed.(38) In this process, focussing sequences that help trans-—
port interstitials away from the vacancy rich core of the cascade are
disrupted, thereby enhancing point defect recombination within the
cascade. Another direct means of reducing the point defect con~
centration in the matrix is point defect trapping, which is discussed
below 1in detail.

A third, indirect, mechanism of solute atom influence is solute
interaction with other structures or impurities within the crystal
that play a role in point defect cluster formation. For instance,
solutes may tie-up active impurities such as oxygen or hydrogen that
would influence void or loop formation. Solute atoms may interact
with defect sinks, such as dislocations, and change their bias or
capture efficiency, which in turn alters the concentration of free
defects available for cluster formation. Since the cluster growth
rate is proportional to the difference between the impinging vacancy
and interstitial fluxes, small changes in these flux levels may re-
sult in large changes in the cluster growth rate.

Point defect trapping is considered an important mechanism for
influencing the irradiation behavior of an alloy by reducing the

(47,48,58-60) The trapping is

vacancy and interstitial populations.
the result of an affinity (which can be described by a binding

energy) between a point defect and a solute atom, a solute atom
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cluster, or a coherent precipitate. These structures often have
different specific volumes or different electronic properties than
the matrix, which produce localized strain fields or electrostatic
fields that can interact with, and enhance the recombination of,
point defects. By increasing the fraction of point defects that
recombine in the matrix relative to those captured at sinks, the free
defect concentrations available for other processes, such as void
nucleation and growth, are reduced. Large reductions in void swell-
ing following impurity additions to pure metals have often been
attributed to point defect trapping (e.g., Refs. 44, 62); however,
there have been relatively few direct observations of trapping, or
direct measurements of binding energies. Blewitt(6l) has shown,
through measurements of the annealing kinetics of dilute copper
alloys irradiated at low temperatures, that a strong interaction
exists between interstitial copper atoms and certain types of solute
atoms. In alloys containing 1 at% of the undersized solutes Be or
Si, interstitials remained trapped at temperatures more than 100°K
above the normal Stage I annealing temperatures. Similar concentra-
tions of the oversized solutes Au or Zn affected Stage I annealing in
a less drastic manner than Be or Si, while Ni impurities, which are
similar in size and electronic structure to the Cu atoms, did not
affect the annealing kinetics.

Several theoretical models have accounted for the effect of
trapping on void growth either by modifying the recombination

term(éz) in the point defect conservation equations (Eqs. 2.20 and
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2.21), or by deriving an effective vacancy diffusion coefficient(60)

that accounts for the delay in diffusion when vacancies are trapped
for a time. In the former case Harkness and Li(62) found that a com
centration of 0.1%Z solute having a high interstitial binding energy,
could increase recombination by a factor of ~ 105, and reduce void
swelling by about 40%. 1In the latter case Schilling and
Schroeder(60) found that by impeding diffusion, vacancy trapping
Increased the threshold temperature for the onset of swelling, with
the amount of increase dependent on the defect—solute binding energy.

(38,39,47,48,59) the free—-defect

In more sophisticated trapping models
conservation equations have been modified to include trapping, and
additional conservation equations are written for each trapped de-

fect. The model discussed here, due to Monsur and Yoo(47)

, assumes
solute~defect complexes are 1mmobile, and describes a given type of
trap by its concentration C., trapping radius, capture radius for a
free—defect of the opposite type, and by its binding energy for point
defects, EE or EB. With appropriate corrections this theory is valid
for solute concentrations up to several percent.

If one type of vacancy and interstitial trap is assumed to exist
in the material, then the quasi-steady state rate theory equations

describing the conservation of free vacancies, free interstitials,

trapped vacancies or trapped interstitials are respectively:
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dc
v

o _ _ -1.1 _ 1
dt 0 Gv RCin chv + Tv Cv CvRiCi
(2.23)
t 1 1
cvkv(c c, ci)
dc
i . _ _ -1.1 _ 1
T —o-ci RC,C_ Kici+TiCi CiRva
(2.24)
t 1 1
Ciki(C c, ci)
dc -
—"=0=Ck(c"-c1—cl)—rlcl-CRC1 (2.25)
dt vV v i v Vv ivyw
1
dc
i 4 t _ 1 _ 1y _ -1.1 _ 1
—d—t——o ciki(c cV ci) rici cvRici (2.26)

In Eqs. (2.23) and (2.24) the first three terms describe free defect
production, loss through recombination of free-defects in the matrix,
and loss through annihilation at sinks, respectively (see Eqs. 2.20
and 2.21), The fourth terms describe release of point defects from
traps, where Ty, 1 denote the mean time a defect is trapped, and Ci,i
are the trapped vacancy or interstitial concentrations, respectively.
The fifth terms describe recombination of a given free defect with
the opposite type of trapped defect, where Ri,v are the recombination

coefficients. The final terms describe loss of free defects due to
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trapping of impurities, where C' is the trap concentration and kv,i
the capture coefficients. The concentration difference (ct - C% -
Ci) accounts for the fact that a fraction of the traps are occupied
by vacancies and interstitials, and hence are unable to capture free
defects. The size of a trap is included in the recombination coeffi-
cient Ri,v’ and trap-defect binding energies are contained in the
mean trapping times, Ti,v*

Mansur and Yoo solved the above equations to examine the effects
of trapping by individual solute atoms on the fraction of defects
recombining the matrix (i.e. not being removed at sinks), and ulti-
mately on the void nucleation and growth rates. They used parameters
appropriate to nickel, and established reasonable upper and lower
limits of the effects of trapping (EB = .5 eV, EE = 1.7 eV) versus no
trapping (EE = EE = 0). In general, the fraction recombining de-
creased with temperature, but increased with dose rate and solute
concentration. However, at a given temperature the importance of
recombination vs. loss to sinks was very dependent on the magnitude
0l0 2

of the total sink strength. For a sink strength of 1 cm ©, re—

combination was dominant over most of the temperature range, but it
was dominant only below ~ 430°C for a sink strength of 5 x 1011 en™2,
The difference between the strong-trapping and no—~trapping cases was
greatest at low temperatures (300-400°C), at high solute concentra-
tions, and at low dose rates. This last point is important in corre-

lations between reactor irradiations and ion—simulation work, since

the results show trapping to be more important during reactor ir-

-
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radiations. Trapping has a drastic effect on the void nucleation
rate, since 1t both increases the height of the free energy barrier
to nucleation, and increases the size of the critical nucleus. In-
creasing EB from O to .5 eV decreased the nucleation rate by 6 orders
of magnitude. The effect of trapping on the void growth rate, dr/dt,
is to reduce the magnitude of dr/dt and also to compress the tempera-—
ture range over which dr/dt is positive. These void nucleation and
growth calculations illustrated an asymmetry between the effects of
vacancy and interstitial trapping. Whereas a vacancy binding energy
EE of 0.1 eV noticeably reduced nucleation of growth rates, intersti-
tial binding energies had an effect only when E? > 1.25 eV. The
theory shows that interstitial trapping is effective only when EE is
greater than the difference between the vacancy and interstitial
migration energies, which is ~ 1.2 eV in Ni. Further work by
Brailsford(48) has shown this asymmentry to be dependent on the size
of the trap; while it exists for individual solute atom traps, it
does not exist for large coherent—precipitate traps.

Recently workers(54—56) have examined the effect of point—defect
trapping on void growth in alloys where solute segregation also
occurs; that is, in alloys where the solute—defect complexes are
mobile and therefore the alloy composition does not remain spatially
uniform during irradiation. The main result was than any suppression
of swelling that results from trapping is reduced when solutes are
swept from the matrix by segregation mechanisms. Lam et 31(55) have

shown that when strong solute—interstitial binding exists, solute
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trap depletion from the matrix 1s greatest at temperatures below the
peak swelling temperathre, while at higher temperatures segregation
is reduced. Therefore, swelling will remain suppressed at higher
temperatures but not at lower temperatures, so the swelling peak will
shift to lower temperatures. When solute-vacancy binding is domi-
nant, whether the matrix becomes enriched or depleted of traps de-
pends on the magnitude of the binding energy, therefore the swelling

behavior depends on the binding energy.
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CHAPTER III

THEORETICAL MODELS OF ALLOY PHASE STABILITY UNDER IRRADIATION

Numerous experiments(1-6) utilizing analytical techniques such
as transmission electron microscopy have shown that energetic irradi-;
ation can alter the size distfibution and structure of second phase
particles, enhance their nucleation rate, or cause their complete
dissolution. Irradiation can also cause enhanced ordering or dis—
ordering of ordered phase and can even lead to the fo;mation of nonm
equilibrium phases that are stable only under irradiation. In
general, the microstructural changes produced by radiation can be
classed as either "radiation—enhanced” changes where the approach to
equilibrium 1is accelerated, or "radiation—induced” changes that
revert to equilibrium when the radiation ceases.(7) From the view—
point of the basic radiation damage processes described previously,
the sources of these changes are: the collisions of primary knock—on
themselves, including the "mixing”™ processes occurring within the
collision cascades; the defect currents that result from the flow of
point defects to sinks; and the presence of excess defect concentra-
tions in the matrix, i.e., vacancies and interstitials that escape
from the cascades, and anti-structure defects in ordered phases.
Various phase stability effects arising from these processes can be

categorized roughly as follows:
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. Irradiation

Direct collision effects Indirect effects
* precipitate dissolution // \\\

disorder " defect currents " defect concentrations

recoil " ; ' ‘
* bulk order/disorder * solute segre- * enhanced diffusion
* amorphization gation * metastable ppt.

* flux instabili- formation
ties * chemical vacancy

effects
* free energy changes

During the past 5 years, a number of theoretical models have
been developed to describe alloy phase changes under irradiation. As
of now, no general theory exists because of the complexity of the
problem. Instead, each model applies to a specific situation, incor-
porating one or more of the atomistic mechanisms listed above. The
models emphasized in this chapter describe two important processes:
i) the radiation induced transport and redistribution of solute
atoms, which can cause decomposition of undersatruated or super—
saturated solid solutions; and ii) changes in the size distribution
or the structure of second phase particles. These models attribute
the radiation induced changes to kinetic processes. Another point of
view discussed briefly in this chapéer argues that phase changes can
be caused by the effect of the point defect supersaturations on the
thermodynamic free energy of the alloy. Finally, a model concerning
the stability of ordered phases under irradiation is discussed. This

is important because many intermetallic phases (e.g., CuBe) are
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ordered. A more complete overview of theoretical and experimental

attempts to understand irradiation phase stability is given in recent

review articles.(1—4’7'10)

A. Solute Transport and Redistribution Under Irradiation

i

1. Radiation Enhanced Diffusion

An increase in atomic diffusion rates due to irradiatiom
produced point defect supersaturations is a basic effect of irradi-
ation.(ll_la) Radiation enhanced diffusion can accelerate any
process that depends on diffusion, such as the growth of second phase
particles. Experiments with irradiated alloys(2’11_13) have shown
that radiation enhanced diffusion can incréase the precipitation
rate, the ordering rate in ordered alloys, or the clustering rate of
solute atoms. Since the approach to equilibrium is accelerated, many
complex commercial alloys with non—equlibrium microstructures could
evolve under irradiation to equilibrium microstructures having un—
known or undesirable properties. Radiation enhanced diffusion often
occurs simultaneously with other radiation damage processes, there—
fore many of the phase stability models discussed in this chapter
incorporate radiation enhanced diffusion.

In substitutional alloys, the predominant diffusion mechanism is
vacancy migration. The diffusion coefficients of solute and solvent

atoms are of the form
D =CV. d (4.1)

where Cy 1is the vacancy concentrations, V. the effective jump fre-

-
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quency, and d the jump distance.(ll) The increase in Cy that occurs
during irradiation therefore results in a proportional increase in
the diffusion coefficient. The enhanced diffusion coefficient is

D' = D, + Dg, the sum of the irradiation and thermal diffusion co-
efficients, respectively. The behavior of D. depends on the irradi-
ation flux and on whether defects are lost mainly through mutual
recombination or annihilation at sinks, which in turn depends on
temperature and sink strength. Dienes and Damask(ll) developed a
simple model of radiation enhanced diffusion by substituting into Eq.
(4.1) the value of C, obtained from the point defect conservation
equations (2.20 and 2.21). The dependence of D' on temperature and
sink strength divides D' into several regimes:

i) At high temperatures (> 0.5 T,), thermal diffusion dominates;
thus, even for high dose rates (~ 1072 dpa/sec) D' is unaltered
by irradiation.

ii) At intermediate temperatures where defect loss is dominated by

annihilation at sinks, the rate equations yield C, = G/KV, where
G is the point defect generation rate and K, is the sink
strength. Hence, D' = G/K + Dg, so the diffusion coefficient
is independent of temperature (provided G/K, >> Dg) and is
linearly dependent on the radiation flux. Measurements of the

ordering rate vs. temperature in reactor irradiated a—brass(ll)
agreed with this theoretical prediction.

ii1) At lower temperatures and/or for low sink strengths, defect loss

is predominantly through mutual recombination. Hence, D' is
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proportional to the square root of G, and D' decreases with
inverse temperature. If mutual recombination and loss to sinks
both contribute to defect loss, D' is still proportional to
Gi/z, but the decrease in D' with 1/T occurs with a different
activation energy.
Thus, depending on the displacement rate, irradiation can greatly
enhance the diffusion coefficient of an atom. The temperature at
which enhanced diffusion becomes important depends on the materials
parameters and on the displacement rate.

2. Solute Transport Due to Interactions With Defect Currents

A coupling between solute atoms and irradiation—produced defects
migrating to sinks provides a mechanism for the transport, or re-
distribution, of solute atoms, resulting in the enrichment or deple-
tion of solutes in the vicinity of a sink. Solute segregation at
defect sinks can cause precipitation at the sink, when the solute
concentration exceeds the equilibrium solubility limit. In addition
to inducing precipitation, solute segregation can alter the surface
properties of a material, affect the mechanical properties because of
segregation to grain boundaries and dislocations,(ls) and affect the
formation of point defect clusters through the mechanisms described
in the previous chapter.

The segregation of solutes due to vacancy currents or current—
gradients generated near voids and other sinks was first postulated
by Anthony(16) in 1972, and was observed experimentally by Okamoto et

al. 17) 45 1973, Since then, a good deal of theoretical(1826)

-

and
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experimental work‘27—40) has been devoted to understanding the mecha-
nisms of solute segregation, and to determining the role it plays in
the irradiation behavior of metals. It should be noted here that
radiation induced segregation is a non—-equilibrium process, which is
unrelated to so-called equilibrium Segregation.(54) The latter
occurs only at surfaces and interfaces, and is dependent on thermo-
dynamic properties such as the relative heats of vaporization of the
solvent and solute. Whereas equilibrium segregation produces solute
concentration gradients in only the first few atomic layers of a sur—
face or interface, radiation induced segregation can produce solute
concentration gradients within the bulk.

Current theoretical models link radiation induced solute segre-

gation to the formation of mobile defect—solute complexes(zo’zz"l),

(15,25,26)
b ]

and/or to so-called inverse Kirkendall effects arising

from differences in the diffusion rates of solute and solvent atoms
when migrating via a vacancy or interstitial mechanism. Anthony(16)
suggested two mechanisms for kinetic segrégation due to vacancy flow.
The first was a preferential exchange of a substitutional alloying
element with vacancies, leading to a preferential flow of this ele-
ment opposite to the vacancy flow, thereby depleting this element
near the defect sink. The second mechanism was the dragging of an
alloying element toward a sink due to a strong binding between a
vacancy and the alloying element. Johnson and Lam(zo) developed a

detailed phenomenological theory of solute segregation in dilute

alloys based on a similar solute drag concept. However, they

-
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considered the transport of solutes by both vacancy and interstitial
mechanisms, through the formation of stable, mobile i-s (inter—
stitial-solute) or v-s (vacancy—-solute) complexes. Vacancies are
assumed to bind to nearest neighbor impurities only, with a binding
energy HBS, and migrate via nearest neighbor jumps. Interstitial
transport is much more complicated. The self interstitials are as—
sumed to exist as <100> dumbbells that migrate via 90° rotation
steps. Johnson and Lam postulate that two types of i-s complexes
form an "a" type and a "b" type, which have different configurations
within the fcec unit cell, and therefore different binding and migra-
tion energies. The "b" complex is effectively immobile (it only
migrates around the impurity), so interstitial-solute transport oc—
curs by migration of the "a" complex. For the interstitial transport
mechanism to work, solute atoms must replace interstitial solvent
atoms by thermal activation, to form so-called mixed dumbbell com-
plexes. This is likely only if the solute is undersize with respect
to the solvent. The binding energies of both v=s and i—s complexes
are dependent on the solute-solvent size differences.

The reactions that can occur between the various species are
described in terms of chemical reaction rate theory, with each re-
action assigned a forward, and (if appropriate) a reverse reaction

rate constant, K Each rate constant is characterized by one or

j.
more activation energies, i.e., point—defect migration energies, or

binding and migration energies of defect—solute complexes. The

binding energies of the defect—solute complexes are, in general, not
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well known, so the exponential dependence of the rate constants on
the binding energies could cause large uncertainties in the behavior
predicted by the theory.

The Johnson—Lam model produced a set of coupled, space and time
dependent rate equations describing the conservation of solute atoms,
vacancies, interstitials, and v-s and i-s complexes. To study the
dependence of solute segregation on various irradiation and materials
parameters, these equations were solved numerically(zo) for a thin
foil geometry subjected to a uniform point defect generation rate.
The materials constants used were appropriate for a dilute (.1%) so-
lution of Zn in Ag. At a dose rate of 10'-3 dpa/sec, segregation of
Zn to the foil surface occurred in the temperature range of ~ .2 to
.6 Tmp, with a maximum near the middle of this range. At low temper—
atures, reduced vacancy mobility leads to enhanced reombination, thus
reducing the defect flux gradients necessary for solute transport.

At high temperatures, solute—defect binding is weak, and large diffu-
sion coefficients prevent the build-up of solute concentration
gradients.

Other predictions of this model included solute redistribution
even at very low doses (10"3 dpa), and dose rate effects. Reducing
the defect production rate from 10‘3 dpa/sec to 10_6 dpa/sec im
creased the magnitude of the steady state segregation and shifted the
maximum about 150°C downwards. This behavior was attributed to the
increased probability of long range migration of point defects to

sinks as the dose rate decreased. Finally, segregation was studied
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as a function of the binding energies of the v-s and i-s complexes.
The value of the interstitial binding energy was dominant in deter—
mining whether solute enrichment or depletion occurred at a surface.'
If the interstitial binding energy was positive, enrichment occurred,
while depletion occurred for negative binding eﬁergies.

The Johnson-Lam model was extended to study segregation to
spherical sinks (voids) by solving the rate equations for spherical
geometry.(4l) These calculations indicated that surfaée enrichment
is dependent on the curvature of the void surface. Enrichment at the
void surface was negligible for very small voids, rose to a maximum
for larger voids (~ 200 A), then decreased slowly to an infinite-
radius limit. Solute depletion in the matrix, however, rose mono~
tonically with void radius. Steady—-state void surface enrichment was
greatest when the i-s migration energy equaled the migration energy
of the vacancy.

Spatially varying defect production rates, due to ion bombard-
ment, have also been shown to cause segregation.(23) During ion
bombardment, the driving force for segregation is the gradient in the
defect flux, due to the spatially varying damage rate and the flow to
sinks. The ion bombarded surface becomes enriched in solute when i-s
interactions dominate, or when v—s interactions dominate and the v-s
binding energy is Z .1 eV, Surface depletion occurs if v—s inter—
actions dominate and v-s binding energies are 5 .05 eV,

Theories of solute redistribution in concentrated binary alloys

have been developed by Marwick(26) and by Wiedersich et al.(zs) In
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concentrated alloys (i.e. at concentrations where a solute atom tends
to have other solute atoms as nearest neighbors), the vacancy is, on
the average, surrounded by one or more solute atoms, so the concept
of v—s binding becomes meaningless. A different approach must be
used. Marwick has ascribed the segregation of major alloying ele-
ments to an inverse Kirkendall effect, based on a vacancy diffusion
mechanism. This approach allows the concept of defect—-solute binding
to be neglected. The normal Kirkendall effect occurs in an alloy
where composition gradients initially exist. A net vacancy flux
through a "marker plane” is established if the two desegregating comr
ponents have different partial diffusion coeffecients. Under irradi-
ation the reverse process occurs; in an initially homogeneous alloy,
a vacancy flux imposed by irradiation establishes an atomic flux,
causing segregation of the alloy components. The behavior of a given
solute is governed by its relative partial diffusion coefficient;
faster diffusing components become depleted at sinks while slower
diffusing components become enriched. If the effect of interstitials
is assumed to be neutral, the inverse Kirkendall mechanism can quali-
tatively explain the surface enrichment of slower diffusing elements
such as Ni in ion-bombarded Fe-Cr—Ni alloys.

The theory of Wiedersich et al.(zs)

of segregation in a concen—
trated binary A-B alloy allows transport of the constitutent atoms by
either vacancy or interstitial mechanisms and the concept of v-s

binding is abandoned. However, the idea of strong attraction between

interstitials and undersized solute atoms is retained, based on
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experimental evidence. Segregation behavior is expressed in terms of
the partial diffusion coefficients of the defects and alloy com
ponents. The relation between the vacancy concentration gradient and

(15)

the steady state concentration gradient of component A is

o} of b, O,
VCA - (DB Dirr + DA Dirr) (;;.— ;TJ VCV (3.1
o A 1B B B

where D%’B are the partial diffusion coefficients of an interstial
diffusing via A and B atom exchanges, respectively; Dif; are the
radiation enhanced diffusion coefficients for the A and B atoms, and
a is a thermodynamic factor. The direction of segregation of comr
ponent A therefore depends on the difference between the ratios of
the partial diffusion coefficients of A and B via the vacancy and
interstitial mechanisms respectively.

Precipitation due to solute segregation is of particular inter—
est in the present study. The Johnson~Lam model simply predicts that
precipitation of a second phase will occur at a defect sink when the
solute enrichment surpasses the equilibrium solubility 1imit.(23’24)
According to Russell,(lo) such precipitates must represent a phase
that appears on the equilibrium phase diagram at that temperature.
That is, solute segregation can only shift the phase diagram lateral-

ly, but cannot create phases not normally appearing in the alloy

system in the absence of irradiation at that temperature.

-



58

Martin(42) has recently derived a simplified model for radiation
induced precipitation based on the Johnson—Lam concept. Using the
vacancy and interstitial balance equations and an equation for the
flux of undersize solute to a sink, Martin obtains an expression for
the steady-state solute enrichment at the sink. Several conclusions
from this model are: a) for a given temperature and solute content,
the steady—state enrichment increases with dose rate. Hence, a solid
solution stable at low dose may decompose at high dose; b) the solu-
bility limit under irradiation is a function of the sink density,
which changes during the course of irradiation; c¢) solute segregation
can increase but cannot decrease the composition range over which a
given phase exists. It can produce precipitation in a single phase
region, but cannot dissolve precipitates to revert a normally two-
phase alloy to a single phase.

Cauvin and Martin(43) have utilized the defect—solute-coupling
idea to account for the homogeneous nucleation of precipitates in
solid solutions under irradiation. As in solute segregation theory,
solute—~defect interactions are assumed to cause localized solute
enrichment and precipitation; however, defect sinks need not be
present for precipitation to occur. Because of long range inter—
action between solute atoms and point defects, local heterogeneities
in the solute concentration can produce potential wells for the de-
fects. An analysis of the point defect continuity equations in the
presence of an attractive potential shows that defects drift down the

potential and recombine at the bottom of the well. A coupling
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between the defec; current and the solute atoms would cause either
growth or decay of the initial heterogeneity. If solute atoms are
dragged with the defect current into the well, the solute concentra-
tion would be enhanced and precipitation would occur; but if solute
atoms are transported against the defect curren£, the initial solute
concentration would disappear. A repulsive defect~solute interaction
would lead to the opposite behavior. Although the mathematical de-
tails remain to be worked out, this theory could, in principle, be
applied to either coherent or incoherent precipitation.

Evidence for this mode of hqmogeneous nucleation was found in an
Al1-1.9% Zn solid solution irradiated with 1 MeV electrons at tempera—
tures well above the solvus temperature. There was no spatial corre-
lation between the precipitate and the defect sinks, as solute segre-

(20)

gation theory requires. Also, the incoherent Zn precipitates

were undersize with respect to the matrix (8§ < 0), so they would be
unstable according to the theory of Maydet and Russell.(49)

B. Precipitate Size and Structure Changes Under Irradiation

Nelson, Hudson, and Mazey(s) (NMH) carried out extensive heavy
ion irradiation and transmission electron microscopy of Ni-Al alloys
and Ni-base PEl6 alloys, which normally contain y' precipitates.
During room temperature irradiations these coherent precipitates dis—
appeared after doses of ~ .1 dpa, while at elevated temperatures the
precipitates either dissolved completely or became finer in size and
more numerous. NHM developed a model describing precipitate size

change as a competition between growth aided by radiation enhanced

-
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diffusion, and shrinkage due to either recoil dissolution or disorder
dissolution. Recoil dissolution occurs when a collision cascade
intersects the precipitate-matrix interface, causing some atoms to be
ejected from the precipitate surface into the matrix. This is analo—
gous to ejection of atoms at external surfaces due to sputtering,
hence the flux of recoil atoms can be estimated using sputtering
theory.(44) Since the energy spectrum of sputtered atoms is strongly
peaked at low energies (< 100 eV),(AS) ejected atoms would be de-
posited very close to the precipitate surface, and a significant
fraction would diffuse back to the precipitate. NHM estimated the
flux of recoil atoms from a precipitate to be ¢ ~ 1014 ¢
atoms/cmzsec, where G is the displacement rate (atoms/sec). The
recoil-dissolution rate of a spherical precipitate of radius r is

then
av/dt = =(1/N) buto (3.2)

where N is the atomic concentration.

An alternative mode of precipitate shrinkage, disorder dissolu-
tion, is pertinent to ordered coherent precipitates and is a much
more efficient means of dissolution than recoil-dissolution. Here,
the disordering effect of the collision cascade destroys the ordered
precipitate lattice, creating localized regions of high free—energy
and hence high solubility. At sufficiently high temperatures, diffu-
sion allows small disordered regions within the particle to reorder,

but regions near the particle surface lose solute by diffusion to the



61

matrix. NHM assumed that only displacements in a shell of thickness
L at the coherent particle surface results in loss of solute atoms,
where L ~ 100 A is the cascade size. Only a fraction, f, of such
solute atoms escape to the matrix, hence the disorder dissolution

rate of a spherical precipitate is
2
dv/dt = -4mr"LfG . (3.3)

According to NHM, ordered incoherent precipitates would not undergo
disorder dissolution because diffusion across the interface is un—
likely.

The precipitate growth rate from a supersaturated solution is

taken as
dv/dt = 3D'csr/p (3.4)

where D' is the enhanced diffusivity, cg the solute concentration in
solution, and p the atomic fractioﬁ of solute atoms in the precipi-
tate. The net precipitate growth rate is found by combining Eq.
(3.4) with either Eq. (3.2) or (3.3), using the solute conservation
condition ¢, = (4/3)nr3pn + ¢, where ¢, is the total solute con-

centration and n the precipitate number density. The result is
dr/dt = -yG + (3D'ct/4pr) - D'r’n (3.5)

where y is ~ 1014/N for recoil dissolution or Lf for disorder dis-
solution. NHM argue that Eq. (3.5) shows that all precipitates reach

an equilibrium size dictated by dr/dt = 0, in contrast to thermally
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activated precipitate behavior where there is no maximum precipitate
size because of coarsening.

Although the NHM model is based on sound physical concepts, it
neglects the increased solubility of small precipitates(s’lo) (which
could cause complete dissolution of small precipitates), and it fails
to predict the correct thermal behavior (coarsening) when the dis—
placement rate, G, is set to zero.(7’46) Wilkes(7) shows that the
assumptions made by NHM in deriving Eq. (3.5) allow the equation to
predict only that precipitates shrink under irradiation until a
steady—state matrix solute concentration is attained. The steady-
state precipitate size will, in general, not be uniform, instead the
final size distribution will reflect the initial distribution before
irradiation, which fixes the size of the diffusion cell surrounding
each precipitate. The final particle size distribution cannot be
predicted from the analysis of NHM.

A theory of precipitate size redistribution during irradiation,
which is based on the physical ideas of the NHM model and on a sta—
tistical theory of precipitate coarsening by Lifshitz, Slyozov and
Wagner, has recently been proposed by Baron et al.(46’48) The theory
derives an expression for the precipitate size distribution function,
f(R,t), during irradiation. It shows that the steady-state size
distribution under irradiation, f_, is characterized by a maximum
particle size R .., and by a solute supersaturation in the matrix,
Ao Both R .. and A, are related to the irradiation conditions

through the NHM(S) concept that at steady—state, the rate at which
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solute diffuses to a precipitate equals the rate at which solute is
lost ffom the precipitate by irradiation dissolutién. Once f (R),
A,, and Rm;x are known, other quantities such as the steady-state
precipitaté volume fraction and the precipitate concentation can be
easily found. The theory shows that regardless of the starting
conditions, the same steady state values of R .., A,, etc., are ob-
taineh; hence the solute supersaturation in solution and the maximum
particle size can increase or decrease during irradiation, depending
on the initial state of the alloy. However, irradiation always leads
to a supersaturation of solute in the matrix. When the displacement
rate is set to zero, this theory, unlike the NHM model, predicts
coarsening (where a maximum particle size does not exist). Factors
such as solute segregation that may affect phase stability are not
taken into account in Baron's theory.

In a precipitate stability theory developed by Russell et
al.(49_51) the strain energy created when an incoherent precipitate
absorbs excess vacancies is a major factor in determining whether the
precipitate grows or dissolves under irradiaton. The interfaces of
incoherent precipitates act as efficient sinks for point defects,
allowing the defects to enter into the precipitation reaction. Key
quantities in this theory, which determine whether particles are
stabilized or destabilized under irradiation, are Bi/Bv’ the relative
arrival rate of interstitials and vacancies to the particle, and §,
the volumetric misfit of the particle relative to the matrix. As

discussed previously, in a material where dislocations act as
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significant defect sinks, the bias of dislocations for interstitial
defects causes neutral sinks, such as incoherent precipitates, to be
subjected to a net excess vacancy flux (Bi/mv <1). If the precipi-
tate phase is undersized (§ < 0) with respect to the matrix, elastic
strain energy will prevent the precipitate fromrgrowing unless it can

emit vacancies into the matrix to relieve strain.(lo) However, the

excess vacancy flux under irradiation will force the particle to
absorb vacancies, creating strain that is relieved if the particle
emits solute atoms. If the precipitate is oversize (§ > 0) with
respect to the matrix, the opposite behavior occurs, so growth of the
precipitate is enhanced. To determine the conditions that govern
precipitate stability, Maydet and Russell(49) used a nodal line/
critical point analysis like that used by Russell(sz) in analyzing
void nucleation. The matrix and precipitate are assumed to be sub—
stitutional solid solutions dilute in solute and solvent, respec—
tively. A spherical incoherent precipitate is then characterized by
the number of solute atoms (%) and excess vacancies (n) it contains.
An oversized precipitate needs n > 0 to relieve strain energy, while
an undersized precipitate needs n < 0. The particle's behavior under
irradiation is found by analyzing a pair of equations describing the
particle's motion in the (n,x) phase space, which is the result of
five different mechanisms acting on the particle (Fig. 4.1). The
particle moves in the x-direction by capturing or emitting solute
atoms, and moves in the n-direction by emitting or capturing vacam

cies, or by capturing interstitials. Its motion in the (n,x) plane

-
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is given by
dx/dt~= Bx(n,x) - ax(n,x) (3.6)
dn/dt = BVGn,x) - av(n,x) - Bi(n,x) 3.7)

where the emission and capture rate notation is explained in Fig. III.
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Figure III.1. Phase space for
particle trajectories, showing
capture and emission processes.
By=solute capture rate,xy=so0l-
ute emission rate, & =vacancy
capture rate,y=vacancy emis-
sion rate,R j=self interstitial
capture rate (from Ref. 49).
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Figure III.2. Schematic illustra-
tion of nodal Tines, critical
point, and particle trajectories
(from Ref.49).

The stability of a precipitate can be determined once the

emission and capture rates are known and the initial conditions have

been specified.

Application of the principle of detailed balancing

to a system of equilibrium precipitates, in the absence of intersti-

tials, allows the emission rate to be expressed as
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a X(nij,x) = B,

., (%) exp((l/kT)(aAGo(n,!l'!)/ax)) . (3.8)

’

Here AG%(n,x) is the free energy change on for;ing a precipitate
particle from a solid solution supersaturated with vacancies and
solute atoﬁs:
26°(n,x) = -xkT 1n S_ - nkT 1n S_ + G6ne?) B2 /3
(3.9)
+ QEx(8 - n/x)2/9(1 -v) .

This equation was derived by Russell(so) using the capillarity model,
and links the kinetic parameters (BV,BX) with thermodynamic para-
meters. The first two terms reflect the solute and vacancy super—
S

saturation, S the third accounts for surface energy, y, and the

X? \'Ad

fourth is due to the strain energy associated with a particle having
either more or fewer vacancies than necessary to make it strain free.
In the last term, @ is the atomlic volume of a precipitate atom,
§ = (Q- Qm)/Qm is the volumetric misfit of the precipitate where Q
is the atomic volume of a matrix atom; E is Young's modulus and v is
the Poisson's ratio.

Use of Eqs. (3.6-3.9), and calculation of the capture rat;s Bis
By» and B, via kinetic considerations allows particle motion in (n,x)
space to be determined. Although individual trajectories could be
calculated, Maydet and Russell used nodal line analysis (solving Egs.
3.6, 3.7 for n = 0, x = 0) to observe trends in the precipitate be-
havior over the entire (n,x) plane. Critical points, where the nodal

lines intersect, separate regions where particles grow from regions

.where particles are unstable (Fig. 3.2). The solute content and
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radius of a critical size precipitate are respectively

x = 32108 /2(84) | (3.10)

*

r = -2vyQR/A¢ (3.11)
where

Ap = KT 1n S (S,(1 - 8;/8,))% = (kT 1n S,Q1 - g,/8))2/4B .

(3.12)

The quantity A¢ is an irradiation—modified potential function that
predicts whether or not incoherent precipitates of a particular phase
will be stable under irradiation in a particular matrix. If A$ < O,
then a critical size, x*, exists, above which precipitates grow and
below which they shrink. If A¢ > O, the precipitate is always um
stable. The former condition usually applies for oversize particles,
while the latter usually applies for undersize precipitates. Re-
garding phase stability, A4 effectively shifts the thermal free
energy up or down, which may cause the dissolution of phases seen
normally in the absence of radiation, or it may bring about phases
that would not normally be seen.

One limitation of Maydet and Russell's model is that it does not
normally apply to coherent precipitates, although it may partially
apply to semi-coherent particles, depending on their ability to
capture point defects. The theory does not include solute segre-

gation effects, which could either reinforce or cancel point defect
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effects. The direct effect of cascades (recoil dissolution) was not
included in the model because it was assumed to be unimportant for
incoherent precipita;es. Also, it has been noted(7) that the volume
misfit strain surrounding a precipitate can be accommodated by pris—
matic dislocation loop punching, which requires much less energy than
the dissolution of an existing precipitate. Dislocation loop punch-
ing has been observed, for instance, around incoherent precipitates
(53)

in several copper base alloys.

C. Thermodynamic Theories of Phase Stability

Several workers(55—57) have taken a purely thermodynamic rather
than a kinetic approach to radiation induced phase stability, by com
sidering the change in free energy of an alloy due to the super—
saturated point defect concentrations. Wilkes et al.(55) suggested
that the potential energy introduced by these defects could shift the
free energy curve of one phase relative to another, and hence alter
the composition of the phases. However, the contribution to the free
energy from the defect supersaturations has been shown to be only ~ 1
J/mole at best, which is normally several orders of magnitude less
than the free energy differences between various alloy phases.(7’10)
Indeed, Kaufman et al.(56) have performed detailed caluclations of
the free energy changes needed to eliminate the sigma phase in M316
stainless steel and in W-75% Re under irradiation at high tempera-
tures, and found these changes to be between 103 and lO4 J/mole. 1In

another detailed calculation, Bocquet and Martin(57) have treated a

binary (A,B) alloy under irradiation as a ternary (A,B,defect) alloy
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in constrained equilibrium. They used a variational method to calcu-
late free energy surfaces. The analysis produced specific require-
ments that radiation induced precipitation must follow if the source
of the precipitation is the supersaturated point defect concentra-
tions. However, actual alloys in which irradiation induced precipi-
tation has been observed experimentally do not adhere to these
requirements; therefore it was concluded kinetic processes rather
than static thermodynamic processes are responsible for irradiation
induced precipitation.

D, Stability of Ordered Phases

In an ordered alloy phase, irradiatiomproduced defects include
the usual vacancies and interstitials, and also anti-structure de-
fects produced mainly be replacement reactions (due to the mixing
effect of the cascades and to focussed collision sequences). Anti-
structure defects ae atoms that sit on the wrong sublattice of an

ordered compound, destroying local order and thereby increasing the
internal energy of the alloy. Because replacements may outnumber

(58) the potential

displacements by up to three orders of magnitude,
energy associated with the presence of large numbers of anti-
structure defects may be sufficient to degtabilize an ordered equi-
librium phase. This idea is the basis of a model by Wilkes et
al.(7’58’59) of the effects of irradiation on the stability of
ordered alloy phases. In this model, the ordered state is charac-

terized by the Bragg-Williams long range order parameter, S, which

equals unity for a completely ordered lattice and zero for a

-
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completely random lattice. Steady-state irradiation displaces the
alloy from an equilibrium state with an order parameéter Se» to a
steady state with order parameter S, where the free energy is higher
than at equilibrium. The stability of the ordered phase is deter—
mined by: a) calculating the value of S as a function of Ses for a
given radiation dose rate. Here the instantaneous ordering rate,
dS/dt, is viewed as a competition between irradiation disordering due
to replacements, and thermal reordering, which is accelerated by
radiation enhanced diffusion; b) determining Ses using one of the
established theories; and ¢) calculating the resulting increase in
the free energy of the partially disordered phase. By knowing the
free energy curves for neighboring equilibrium phases, and using
tangent~line analysis, one can then determine whether the ordered
phase is stable with respect to the neighboring phases at a specific
temperature and dose rate.

This model has been applied to the binary alloy systems Ti—Co,
Nb-Rh, and Ti—Ru(Sg), which contain an ordered intermetallic phase,
and to the ordered compound Cu3Au.(58) In the case of the first two
systems, irradiation rates up to 1073 dpa/sec altered the solid solu-
tion solvus line somewhat but did not destabilize the ordered phase.
However, in Ti-Ru the strongly ordered TiRu phase was completely
eliminated at steady-state dose rates of 10~/ dpa/sec, for low and
intermediate temperatures. In general, it was concluded that ordered

phases having very high ordering energies, free energies similar to
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adjacent phases, and approximately equi-atomic compositions were most

likely to undergo radiation induced destabilization.
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CHAPTER IV

METALLURGY OF THE CU-BE, CU—-CO AND CU-FE SYSTEMS

To identify phase changes that are caused by irradiation, and to
understand the mechanisms responsible for such changes, familiarity
with the behavior of the alloy in the absence of irradiation is es-
sential. The equilibrium phase diagram of an alloy system defines
the conditions of temperature and composition under which a particu-
lar phase is stable. Often, an equilibrium phase is preceded in its
formation by one or more metastable phases, which do not appear on
the equilibrium diagram. In this chapter, the phase diagrams of the
Cu-Be, Cu~Co and Cu~Fe systems are presented, and previous experi-
mental studies of the precipitation reactions that have been observed
in these Cu—base alloys are reviewed.

A. Copper-Beryllium

Phase transformations in Cu-Be alloys containing 0.5 to 2.5 wt%
Be (3.4 to 16 at% Be) have interested many workers in the past(1_14),
who studied the precipitation reactions using x-ray diffraction,
optical metallography, electrical resistivity techniques and trans-—
mission electron microscopy (TEM). The Be atom is undersize and is
quite insoluble in Cu, having a volumetric misfit of —26.5%.(15) The
Cu-Be equilibrium phase diagram (Fig. IV-1) indicates that a super—
saturated copper base Cu—-Be solution eventually decomposes into a
mixture of a—Cu solid solution and intermetallic compound, y-CuBe.
Early x-ray studies by Guinier and Jacquet(l) and by Guy et al.(z)

.determined the equilibrium structure of the CuBe precipitate, while
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(3,4) revealed that the equilibrium phase does not

subsequent studies
form directly, but is preceded by a series of metastable transition
structures.

Many details of the structures and transformation mechanisms of
the metastable phases and the y phase have been elucidated by trans-

(6-14) ' Tpe subject of most of

mission electron microscopy studies.
these studies has been Cu—Be containing approximately 2 wt%Z Be (~ 12
at% Be), which is a commercially important, high strength alloy.
Precipitation processes in less concentrated Cu-Be alloys have not
been extensively explored. Because of the relative complexity of the
CuBe precipitation sequence, there is considerable disagreement among
several of the TEM studies. However, comprehensive papers by
Bonfield and Edwards(12’13), and most recently by Rioja and

(14), have clearly documented the precipitation process.,

Laughin
In Cu-2 wt% Be that has been solution annealed and quenched,
thermal aging produces continuous precipitation in the matrix and
discontinuous precipitation at grain boundaries. The relative re-
action rates of the discontinuous and continuous modes of precipi-
tation, as well as other details of the phase transformations, depend
on the aging temperature, the aging time, and the quenching method
(i.e., downquenching directly to the aging temperature, vs. quenching
to room temperature then reheating to the aging temperature). The

decomposition of the 2 wt% Be supersaturated matrix proceeds via the

following sequence of metastable precipitates:
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supersaturated solution + equiaxed Be clusters

+ G.P. zones +» y" » y' .

The superlattice structure, habit plane, and orientation relationship
with the matrix of these precipitates were determined by analysis of
selected area diffraction patterns, and by dark field and weak beam
imaging.

The first phase of the continuous precipitation sequence, equi-

(14) after aging

axed Be clusters, was observed by Roija and Laughlin
the quenched alloy at room temperature for 10 minutes. Further aging
at temperatures above about 175°C produced G.P. (Guinier—Preston)
zones, which are disc-shaped monolayers of Be atoms, ~ 100 A in di-
ameter, lying on {100} planes.(6’8-10’l4) The G.P. zones give rise
to continuous streaks in <100> directions in the electron diffraction
patterns, and their geometric arrangement causes the "tweed” pattern
observed in TEM images of mildly aged Ci—-2 wt% Be alloys.(g)
Wilkes(s’g) reported an apparent G.P. zone solvus at ~ 320°C, since
G.P. zones were not found when the alloy was directly quenched to
temperatures above 320°C. However, Bonfield and Edwards(lz) did ob-
serve G.P. zones in alloys directly quenched and then aged at temper—
atures ranging to 425°C. 1In a study of the Cu-1/2 wt% Be alloy used
in the present work, Wilkes(s’g) observed only scattered G.P. zones

surrounded by dislocation tangles, in contrast to the dense array of

zones found in higher concentration alloys.
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Formation of the metastable y" phase has been reported only
under certain conditions, otherwise the G.P. zones evolve directly
into the y' phase. Roija and Laughlin(14) postulated that the y"
phase forms only if the G.P. zones have grown to a maximum size. The
phase is detected by the formation of diffuse spots near +2/3{200}
reciprocal lattice positions on the electron diffraction pattern.
Geisler et al.(a) proposed that the y" structure is bc monoclinic
with a = b = 0.254 nm, ¢ = 0.324 nm and 8 = 85°25"'; while Shimizu et
al.(lo) proposed a bc tetragonal structure with a = 0.253 nm,
¢ = 0,29 nm.

The y' precipitate that forms in the matrix is a semi-coherent
platelet whose structure and habit plane vary. At early stages the

habit plane of the y' is the {112} family of matrix planes, and its

0.256 nm.(4»14)

structure is bc tetragonal, with a = 0.27 nm and ¢
As the y' grows, its c axis expands to the value ¢ = 0.27 nm, its
habit plane evolves to the {113} matrix planes, and it has an ordered
bece CsCl-type structure.(10’12’14) During its growth, the relation-

ship of the y' with the matrix changes from:
(112) 1(120)_, , [110] w[oO1] |,
a Y a Y
to  (IT3) 10130) , , [110] pfoo1] , .

The continuous y' precipitation in the matrix has not been observed
to transform directly into the equilibrium y phase. Instead, the
equilibrium phase forms only after the cellular precipitation that

.originates at the grain boundaries has swept through the grain.
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Bonfield and_Edwards(l3) have studied the discontinuous precipi-
tation, termed yI, that forms at grain boundaries. Low temperature
aging (200°C) produces blocky nodules ~ 150 nm in length at the grain
boundaries, and at somewhat higher temperature lamellar yI grows into
ad joining grains. The yl is a metastable phase having the same
structure and orientation as mature Yy' precipitates (CsCl structure
with a = 0.27 nm, and habit plane close to {113}a). At temperatures
above about 425°C, the discontinuous cells grow quickly and soon
engulf the grains, consuming the y' precipitates. Prolonged aging
(e.g., 800 hrs. at 425°C) was required to transform the metastable yI
into the equilibrium y phase. The equilibrium precipitate has the
same structure and lattice parameter as the y', but can have two
different crystallographic orientations. According to Rioja and
Laughlin(IA), Y platelets that form after the y' phase have the Bain

orientation:
(110)au(100)Y . [IOO]au[IOO]Y

while y phase that forms directly from the supersaturated a matrix
(at high aging temperatures such as 500°C) has a Kurdjumov—Sachs

orientation:
(111) pQo1) , [110] p[1111 .
a Y Qa Y

B. Copper—Cobalt

Unlike the Cu-Be system, the Cu—Co system contains no stable

intermetallic phase (Fig. IV-2). The solubility of Co in Cu is

-
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small, falling from 5.6 at% at 1110°C to less than .1%Z at 500°C. A
coherent, cobalt-rich (~ 90% Co) spherical precipitate forms initally
in the copper—rich alloy. The equilibrium structure of this
precipitate is fcc above 340°C and hcp below, although the fcc
structure is usually retained at temperatures below 340°C. Because
the cobalt atom is slightly smaller than the copper atom (it has a
volumetric misfit of -3.8%)(15) the elastic strain field around the
coherent precipitate increases as the particle grows, so eventually
coherency is lost.

(16-19) 14 magnetic tech—

Workers using electron microscopy
niques(zo) have measured various properties (size distributions,
shape, coherency state, etc.) of the Co precipitate after aging
treatments. In a TEM study of 3.1% Co alloys aged at 600 to 700°C,

Phillips(16)

showed that the coherency loss is a gradual process. -In
the microscope, the strain field-contrast of the spherical coherent
precipitate produced a circular image crossed by a line of no con
trast which became striated as interfacial dislocations nucleated
during aging (to compensate for lattice mismatch as the particle
grew). Particles reached diameters of 500-600 A before full coher-
ency was lost.(16’17) Fully incoherent particles tended to develop
{111} faces and become octahedral in shape. Phillips also noted
that, although most of the precipitation occurred within the matrix,

discontinuous precipitation was observed at some grain boundaries in

all specimens examined.
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Servi and Turnbull(ZI) studied the precipitation kinetics of.'
alloys containing 1-2.7% Co and successfully interpreted their
results in terms of classical nucleation theory. They quenchea
solution—-treated specimens directly to temperatures below the equi-
librium solvus, then measured the degree of pre;ipitation as a
function of time. One result of interest here is that the precipi-
tation kinetics of dilute Cu~Co alloys are very rapid; in many cases
the equilibrium precipitate concentrations and volume fractions were
attained within minutes.

C. Copper—Iron

The copper—iron system is analogous to the copper—cobalt system:
the Cu~Fe system is amenable to the use of magnetic techniques to
measure precipitation properties; the phase diagram shows no stable
intermetallic phases; the solute, Fe, is quite insoluble (less than
.1%2) in copper below ~ 500°C; and there is only a slight mismatch
between the copper lattice and the fcc iron lattice, so precipitates
are initially coherent. Coherency is lost as the particles grow to
diameters greater than 500 to 600 A(ZZ) Although electron micro-
scopy(23) has shown these particles to be spherical, x-ray evidence
has indicated that the precipitate initially forms as coherent plate-
lets on the {111} aﬁd {100} matrix planes.(24)

According to the Cu-Fe phase diagram, the Fe precipitate is
stable in the fcc paramagnetic form above ~ 835°C, while the bcc
ferromagnetic form is stable at lower temperatures. This allotropic

transformation has been the subject of much of the previous research
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on Cu-Fe alloys.(22-27) In alloys that were quenched from solution
temperatures to approximately room temperature, then aged, the re-
sulting fcc precipitate remained stable even at cryogenic tempera-—
tures.(24) Denney(24) found that no amount of thermal aging in the
range 550-800°C produced the bcc precipitate in-a quenched 2.4%
alloy. Mechanical deformation was necessary to produce the ferro—

(24’26), which transformed by a martensitic

(25)

magnetic bce structure
reaction. However, Boltax noted that some bcc ferromagnetic
precipitates formed in 3.25% Fe alloys that were cooled slowly from
1050°C. Two distinct stages in the precipitation sequence were
detected. Above 850°C a coarse, fcc precipitate formed that trans-
formed spontaneously to the bcec state below 850°C. Precipitation
continued below 850°C with the formation of fine fcc coherent parti-
cles that were stable at room temperature.

Boltax(zs)

studied the precipitation kinetics for quenched
alloys between 200-700°C. The kinetics of’Fe precipitation appear to
be several orders of magnitude slower than for Co in copper. There
was evidence for stress assisted nucleation of precipitates on dislo~
cation loops that formed during quenching, rather than homogeneous
nucleation as observed in Cu-Co.

The degree of misfit of a solute in a solid solution is an
important parameter in several theories of alloy phase stability
under irradiation. However, for Fe dissolved in Cu, a review of the
literature reveals disagreement over whether Fe is oversize or under—

(29,30)

size in Cu solid solution. Several x-ray studies and a simple
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calculation(31) indicated Fe is slightly undersize, while other pre-

cision x-ray measurements(32’33) showed that the addition of Fe to

pure Cu increased the lattice parameter of the solution.
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CHAPTER V

REVIEW OF PREVIOUS EXPERIMENTS

A. Dislocation Loop and Void Formation in Copper

In copper, as in other metals, the characteristics of void and
dislocation loop nucleation and growth are governed by many factors:
the nature and energy of the incident radiation; the fluence and the
flux; the specimén temperature during irradiation; and the specimen
purity and original microstructure. A thorough summary of previous
studies of void and loop formation in copper has been published else-
where by the author(l), and only a brief summary is given here.

High Purity Copper

Void swelling has been observed in high purity copper irradiated
with neutrons(2-4'13), ions(z’g-lz), and electrons(lg-zz), at temper—
atures in the range of 220°C-550°C. Within and below this tempera-
ture range, interstitial and vacancy dislocation loops formed on
{111} planes.(s-a) In heavy~ion bombarded copper, Glowinski and co~

(9-12) observed void swelling over a relatively narrow temper—

workers
ature range (400°C-550°C), at dose rates of 1073 - 1074 dpa/sec.
Void formation was sensitive to the concentration and type of gas in
the copper. Voids nucleated and grew in annealed, nomr-degassed Cu
irradiated with 500 KeV self ions at a dose rate of 2 x 1074 dﬁa/sec,
and temperatures of 400 to 500°C. A relatively sharp peak in the
swelling‘vs. temperature curve occurred at 450°C.(10) Void size in~

créésed with temperature, from a mean diameter of 300 A at 40C°C to

900 A at 450°C, while void density remained about the same. Below
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the temperature of the onset of swelling, only vacancy loops and
black spots were observed. Above the maximum temperature for swel-
ling no radiation effects were observed.

The effect of an increase in dose-rate was to shift the temper—
ature range of swelling to higher temperatures. Compared with
neutron irradiations(4) that occurred at a dose-rate of 2 x 1077
dpa/sec, the peak swelling temperature for the ion bombarded speci-
mens (at 2 x 1074 dpa/sec) was increased by about 115°C. An order—
of-magnitude increase in the ion bombardment rate to 2 x 10'3 dpa sec
shifted the swelling range upward by 50°C; that is, the onset of
swelling occurred at 450°C and peak swelling was observed at 500°C.
In this higher dose~rate case, vold size increased while void density
dropped by a factor of 10, as temperature increased from 450°C to
530°c. |

If the Cu was completely outgassed prior to ion bombardment,

(1)

voids did not form. In one study , specimens outgassed at 700°C
in high vacuum, then irradiated at 450°C to a maximum dose of 30 dpa,
contained some black spots and vacancy loops, but no voids, inter—
stitial loops, or dislocation networks. It was assumed that the high
vacuum annealing removed residual gases necessary for void nucle-
ation. To precisely determine the effect of gases on void formation,
Glowinski et a1.<10’12) implanted vacuum degassed Cu with various
concentrations of oxygen, helium, or hydrogen, then irradiated the

samples at 450-550°C to 30 dpa. Voids did form- in Cu implaﬁted with

oxygen or helium, in contrast to Cu that had been degassed but not
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implanted with O and He. (It was assumed that O and He enhanced void
nucleation by stabilizng small vacancy clusters.) Swelling did not
occur in specimens pre—implanted with hydrogen, and the hydrogen
appeared to have no effect at all on the irradiated microstructure.
The importance of dislocations in void nucleation and growth was
verified in both neutron and charged particle irradiation experi-
ments. A minimum dislocation density was necessary for void nucle-

ation(ll’ls)

» and there was a direct correlation between void number
density and dislocation density.(ll) Voids were almost always nucle-
ated near interstitial loops or dislocation lines, on the compression
side of the dislocation, and void growth was influenced by the prox—
imity of a dislocation.(g-ll) These observations contribute to the
evidence that dislocations act as biased sinks absorbing inter—
stitials in preference to vacancies, thereby creating an excess of

vacancies that precipitate into voids.

Copper Alloys

Defect-cluster formation in binary Cu—base alloys is dependent
on the type of alloying element, and on the concentration of this
element in solution vs. the concentration tied up in precipitates.

If precipitates exist in the specimen during irradiation, the pre-

cipitate structure (e.g., coherent vs. incoherent) can influence the
fate of migrating point defects, and therefore determine whether de-
fect cluster formation is enhanced or suppressed. Since the precipi-
tate structure, size, and concentration (and hence the concentration

of solute) can evolve during irradiation, the effect of the alloying
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element on void and loop formation depends strongly on the experi-
mental conditions. In view of the complexity of this situation,
relatively few studies of defect cluster formation in Cu alloys have
been performed.

Several studies of radiation damage in Cu-Be alloys have been
reported, but voids have not been observed. Makin(14) irradiated
Cu-l.2 atZ Be at 250°C, up to a dose of 100 dpa in the high-voltage
electron microscope (HVEM), but did not observe voids. Kinoshita and
Mitche11(15,16) irradiated Cu~1l.3 at% Be and Cu—-6 at% Be, at 280- |
430°C, to various doses in the HVEM, and no voids were observed, al-
though precipitates formed under irradiation (discussed in the next
section). In a low temperature, low dose (40°C, 5 x 107 n/cmz) re-
actor irradiation of Cu-Be alloys (10-4 % Be to 1% Be) Ipohorski and

Brown(17)

noted only that the addition of Be decreased the concentra-
tion of interstitial loops.

No studies of void formation in Cu—Co alloys have been reported
in the literature, although one study of void formation in HVEM ir—
radiated Cu~l.5 wtZ Fe has been reported recently. Takeyama et
al.(ls) aged the Cu-Fe alloy for various lengths of time, to produce
specimens containing coherent, semi-coherent, or incoherent precipi-
tates, then irradiated the specimens at 250°C to a maximum dose of 10
dpa. At a given dose, swelling w;s greatestvin the samples aged for
the longest time (containing incoherent precipitates), and swelling

was lowest in as—~quenched samples or in samples aged for only a short

time to produce a high concentration of coherent precipitates. In.
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as~quenched samples swelling was zero until radiation—induced pre-
cipitates formed, at which time void swelling began to increase
linearly with dose. Voids nucleated at the site of coherent or semi-
coherent interfaces only after an interstitial dislocation loop had
grown around the precipitate. In samples sufficiently aged to conm
tain incoherent precipitates, voids formed on dislocations near the
particle or in the matrix. The experiment indicated that the sup~
pression of void swelling decreased (because of decreased point de-
fect trapping) as the Fe solute concentration decreased, or as the
concentration of coherent precipitates decreased.

Other studies of the effect of nongaseous impurities on defect
cluster formation in Cu produced the following results: the addition
of 30 ppm carbon to Cu that had been doped with helium or oxygen sup~
pressed the formation of both voids and dislocation networks.(lz)
(Carbon, like beryllium, is an undersize solute in Cu and is expected
to trap interstitials). The addition of 1% ca(l4) or 12 Ag(14’20)
(oversize solutes) either had no effect, or increased void swelling
in HVEM irradiated Cu, depending on the irradiation temperature. In
reactor irradiated Cu, solutes that lowered the stocking fault emergy
(1-5% Ge or Al) suppressed void formed, relative to high purity
Cu.(4) Finally, Ni solute concentrations of a few percent reduced
void swelling, while Ni concentrations of 10-202 completely elimi-
nated swelling.(20-23) There is almost no atomic-size misfit between

Ni and Cu, and Ni and Cu are completely soluble in one another at

equilibrium. It was suggested, however,(zz) that the suppression of
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void growth in Cu-Ni is caused by the formation of nomequilibrium Ni

clusters during irradiation, which trap interstitials.

B. Phase Stability of Copper-Base Alloys Under Irradiation.

Among the earliest studies of the effects of irradiation on
solids were those concerned with the phase stability of copper—base
alloys.(24_28’36-38) Since that time, a number of researchers have
studied the effects of irradiation on precipitation in copper—base
alloys containing Be(27-34’15’16), Fe(35'40), or Co(33,41-44) Many
of these irradiations, however, were performed at temperatures below
100°C, instead of at temperatures above about 200°C, where both
vacancies and interstitials ére mobile. Damage was produced using
fission spectrum neutromns or high energy electrons; no heavy ion
experiments have been performed. Since electron microscopy was not
available to the early workers, the radiation effects in thosé
studies were cﬁaracterized by measuring changes in physical and me-
chanical properties of the samples (electrical resistivity, tensile
strength, hardness, magnetic properties), which were sometimes diffi-
cult to interpret in terms of microstructural changes witﬁin the
sample. Detalls of previous studies in Cu-Be, Cu-Co and Cu-Fe are

summarized in Table V-l.

Copper—Beryllium

Early studies by Billington and Siege1(27) and by Murray and

Taylor(zs)

reported large increases in the resistivity and hardness
of supersaturated Cu-Be alloys (~ 13 at% Be) after neutron irradi-

ation at ambient temperatures. These increases were much greater
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than those observed in pure metals or stable alloys irradiated under
similar conditions. Samples were irradiated either in the as—
quenched state, or after various aging treatments. Changes were
greatest in the quenched alloys, i.e. those containing the greatest
initial Be concentration in solution. The changes were similar to
those observed in Cu~Be aged for many hours at 100°C, suggesting that
radiation enhanced the formation of Be particles or clusters. Later
experiments by Yoshida et al.(29-32) showed indirectly that such
resistivity increases were due to enhanced formation of G.P. zones

(Be atom platelets). In two cases 31,32)

, the intermediate precipi-
tate, y', also formed during irradiation. Radiation enhanced diffu—
sion was thought to have been responsible for these effects. Post—
irradiation aging(3o’31) of these alloys at about 250°C (5 to 2000
min.) dissolved some G.P. zones and enhanced precipitation of the y'
phase.

Kinoshita an@ Mitche11(15’16) have recently reported on precipi-
tation produced during HVEM irradiation of a Cu-6.l at%Z Be super—
saturated solid solution and a Cu—l.3 at%? Be undersaturated solid
solution. Irradiation at 350°C and 430°C enhanced the precipitation
kinetics of the supersaturated alloy, as y—CuBe precipitates formed
heterogeneously at dislocation sites and homogeneously within the
matrix. The undersaturated alloy was irradiated at 340-410°C, well
above its solid-solution solvus temperature of 280°C, yet CuBe pre;

cipitates also formed within the matrix and at dislocations. While

precipitation at dislocations in the undersaturated alloy was assumed
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to result from radiatiominduced segregation of Be interstitials, the
cause of the homogeneous precipitation within the matrix was not
clear. In both of the alloys, the crystal structures of the precipi-
taﬁes were the same as commonly observed in aged Cu-13 wt% Be, how—
ever the morphology of the precipitates was different.

Copper—Ilron

In copper-base Cu-Fe alloys a metastable, coherent precipitate
(fcc Fe, spherical) forms initially upon aging. This precipitate is
paramagnetic. The equilibrium precipitate is a nomcoherent, ferro-
magnetic structure (bcc Fe), whose concentration in the alloy can be
measured using saturation magnetization techniques. Denney(36) first
used such techniques to study the effect of 0.5 MeV electron irradi-
ation on a 2,4% Fe alloy that had been aged to contain large precipi-
tates. He reported that irradiation caused an fcc—to-bee allotropic

(37) also measured a de—-

transformation in some precipitates. Denney
crease in the ferromagnetic precipitate concentration following 9 MeV
;4 bombardment at room temperature, and concluded that some particles
dissolved due to recoil dissolution. In a more comprehensive study
of this alloy, Boltax(38’39) measured electrical resistivity and mag-
netization changes in fast—neutron irradiated specimens. The speci-
mens had been aged at 300°C to 700°C for intervals up to 104-minutes,
to grow coherent precipitates of various concentrations and size
distributions. In those specimens aged at the lower end of this

temperature range (which contained a high concentration of small
[§]

precipitates), a significant resistivity increase was observed
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following irradiation. This was thought to have resulted from pre-
cipitate dissolution by action of the displacement cascades. Mag-
netic saturation measurements of many of Boltax's specimens suggested
that some coherent, paramagnetic precipitates had been transformed
into incoherent, ferromagnetic precipitates during irradiation.

In a later study, Gould and Vincent(40) used a sensitive
M8ssbauer spectroscopy technique to measure changes in the clustering
and precipitation behavior of Fe atoms, as a function of heat treat-
ment and fast neutron exposure. Competing processes - irradiation
aging vs. precipitate dissolution - were observed during irradiationm,
the exact behavior being strongly dependent on the initial particle
size distribution. Small Fe atom clusters that formed in as—quenched
samples, and very large precipitates in aged samples, were particu-
larly subject to enhanced aging during irradiation. However, inter—
mediate size particles were more subject to dissolution, which inm-
creased with particle size up to a critical diameter, whereupon ir—
radiation aging began to predominate. This behavior suggested that
medium size particles were broken into small Fe clusters by displace-
ment spikes.

Copper—Cobalt

Like the Fe precipitate in copper, the Co precipitate is magnet—
ic, so precipitate concentrations and size distributions can be
measured by magnetic saturation techniques. Piercy(41) irradiated a
number of Cu-2% Co samples, each of which were aged under different

conditions to produce different initial precipitate size
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distributions. Measurements of the precipitate size and concentra-
tion before and after irradiation indicated that precipitate density
decreased in those specimens containing particles smaller than ~ 25 A
in diameter. Precipitate density increased, but size decreased, in
samples containing larger particles. No explanation for this behavi-
or was given. Blaise(42) observed the competing processes of en—
hanced precipitation and precipitate dissolution in supersaturated
Cu-1Z Co solutions irradiated at 40 to 210°C. Compared to specimens
subjected to identical thermal conditions, more precipitation oc-
curred in the irradiated alloys, and partcle size distributions were
different.

(35,43, 44)

Several workers used transmission electron microscopy

to investigate radiation—induced coherency loss in Co precipitates in

(43) observed

aged, dilute Cu—-Co alloys. In an HVEM study, Woolhouse
that dislocation loops migrated to metastable coherent precipitates
(100-560 A diameter), causing them to become incoherent. Later it
' was suggested that this coherency loss resulted from strainrelief

provided by free interstitials produced by irradiation.

C. Solute Segregation

Radiatiominduced segregation of alloying elements can alter the
properties of surfaces, interfaces, and other point defect sinks, and

can cause precipitation of a second phase at these features. Solute

segregation has been observed at external surfaces(és-sz)

(53-57)

, and near

(55)

internal sinks such as voids » grain boundaries and dis-

location loops.(sa) A variety of techniques were used to detect and
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measure the segregation: transmission electron microscopy (TEM) to
observe strain fields around voids caused by precipitate
shells(53’59); auger electron spectroscopy (AES) combined with sput-

(45’48’50), secondary ion mass spectrometry(46’47) (SIMS), and

tering
nuclear reaction techniques(ag) to measure solute concentration pro—
files near external surfaces; and energy dispersive x-ray analysis
(EDAX) to measure concentration gradients near internal
sinks.(54’56_58)

In copper base alloys, little data on solute segregation is
available. Bartels and co-workers(33’34) detected a decrease in the
bulk solute concentration in very dilute Cu—-Be alloys (17-180 ppm
Be), following irradiation with 3 MeV electrons at 7°C to 137°C, and
they attributed this decrease to the segregation of Be interstitials
at point defect sinks. Their analysis indicated that the mechanism
of segregation was the diffusion of tightly bound mixed-dumbbell,
solute~interstitial complexes. Takayama et al.(57), using EDAX,
measured solute profiles around voids and grain boundaries in Cu-2
at? Fe and Cu~2 atZ Ag, which has been irradiated in the HVEM at
250°C. The oversize Ag solute appeared to be depleted at grain
boundaries and void surfaces, while the Fe solute (approximately the
same size as Cu) was enriched. This behavior was attributed to
solute segregation, although there were also unexplained spatial
variations in their concentration profiles.

Because measurements of solute concentration gradients near

internal sinks are relatively difficult to perform, measurements at
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iomrbombarded external surfaces have provided much of the current
data on solute segregation behavior. This data, most of which was
obtained from Ni-base solid solutions, is summarized in Table V-2.
It 1is ciear from these studies that the solute-solvent atomic size
difference plays an important role in determining whether a solute
becomes enriched or depleted near a sink. Solutes that are oversize
in Ni-base solid solutions (Al, Ti, Mo, Mn, Au) became depleted near
the irradiated surface, while undersize solutes (Be, Si) became en-

riched. Rehn et al.(48)

used AES combined with sputtering to measure
the concentration profiles of Al, Ti, or Mo solutes (1% bulk con~
centration) in Ni foils. The foils had been irradiated with 3.5 MeV
N1t tons to ~ 11 dpa at 510 to 620°C. 1In each case, the solute con~
centration was markedly depleted in the near—surface region (0-50
nm), while at greater depths it was slightly enriched. Marwick and
Piller(46), using SIMS analysis, observed surface depletion of the -
oversize solute Mn in a .15 at? alloy irradiated with 75 KeV Nit 1fons
aty500°C. Strong solute-depletion also existed well beyond the end
of range of the ions (40 nm), but a sharp Mn peak was measured near
the peak damage region. Low temperature irradiation (-8.5°C to 23°C)
caused enrichment of the oversize Al, Cr, Mn, and Ti solutes at the
surface, but depletion ~ 20 nm below the surface. The surface déple-
tion following high temperature irradiations was linked to a vacancy

transport mechanism, while the low temperature surface depletion was

- ascribed to a,weak interstitial-solute attraction. Vacancies are
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immobile at the lower temperatures, so only interstitial atoms could
participate in solute redistribution.
In contrast to oversize solutes, Be and Si became enriched at

fon-bombarded surfaces(43,4750)

and depleted in the matrix. Rehn et
a1, (48) irradiated Ni-1 atZ Si at 385°C to 660°C to determine the
temperature dependence of segregation. Segregation was most pro-
nounced between ~ 530°C to 600°C, where a surface film of the y'
precipitate Ni3Si formed. At the maximum segregation temperature

(~ 560°C) the Ni3Si layer was more than 10 mm thick; the Si com
centration then dropped abruptly to almost zero between depths of 50-
175 mm, then returned slowly to the bulk value. Piller and
Marwick(47) also observed strong surface enrichment of Si in Ni
following Ni ion irradiation at 500°C and room temperature. Since
vacancies are immobile at room temperature, this segregation indi-
cated a strong Si-interstitial interaction that resulted in a fast-
diffusing Si-interstitial complex.

Rehn et al.(48)

gttempted to measure Be depth profiles in ion

irradiated Ni~l at? Be, using AES analysis, but overlap of the Auger
transition lines of Be and Ni prevented this measurement. Using low
energy proton—Be nuclear reactions however, Pronko et al.(49)
measured Be profiles in Ni-.7Z Be foils that had been irradiated at

625°C with 3.2 MeV Ni ions. The Be concentration was doubled within
50 mm of the surface, and was depleted within the next 300 mm inter—

val. (Thermal-equilibrium segregation was detected in non—irradiated

regions of the foil.) °

[
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The dose dependence of radiation induced segregation was inm
vestigated by Rehn et al.(50) 45 Ni-1%Z si irradiaped at 525°C and
600°C. The most striking finding was pronounced Si enrichment at the
surface after an ion dose of only .05 dpa. As dose increased the
rate of segregation rapidly decreased; e.g., the Si surface comr
centration increased to 1l at% after a dose of .05 dpa, but rose to

only 20% after a dose of 1 dpa.
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CHAPTER VI

EXPERIMENTAL METHODS AND APPARATUS

A. Specimen Preparation

Four different specimen materials were irradiated in this study:
Cu-3.4 at% Be, Cu-l at% Co, Cu~l at% Fe, and high purity Cu. The
impurities contained in these materials were determined by the sup~
pliers and are listed in Table VI-l. The Cu-Be alloy, which was from
the same stock used by Wilkes(l’z) in studies of precinitation ki-
netics, was in the form of a billet, from which 0.3 mm foils were cut
using a diamond saw. The Cu—Co and Cu~Fe alloys were prepared by
Materials Research Corporation using high purity (MARZ grade) stock,
and were received in the form of cold~rolled strips about 1 mm thick.
Portions of these strips were annealed at 840°C in a hydrogen atmos—
phere, quenched into water, then were cold~rolled to a final thick-
ness of about 0.3 mm. The high purity Cu was also obtained from
Materials Research Corporation, as MARZ grade, 0.25 mm sheetstock.
Irradiation specimens were cut from the stock materials to a size of
either 10 mm x 6 mm or 10 mm x 12 mm, depending on the specimen
holder that was used for irradiation.

The pre-irradiation heat treatment of a specimen depended on the
type of specimen, and on the objectives of the irradiation experi-
ment. Before heat treating, all specimens were cleaned by electro-
polishing in a solution of 67% CH30H-33% HNO5 at =30°C. Specimens
were then solution annealed at 800°C-900°C for about 1-1/2 hours, in

an Hy atmoshpere. The annealing was carried out in a vertical,
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TABLE VI-l. Impurity Analysis of the Specimen Stock Material#

Element High Purity Cu Cu~l wtZ Co Cu~l wtZ Fe Cu=-.5 wt% Be

c 6 6 6.1 *k
H < 1.0 <1 <1 okl
o] , < 5,0 5.1 5.3 6
N < 1.0 <1 1.1 k%
Ag .50 o5 o5 8
Al 1.0 1.0 1.0 : 20
Ca .40 .40 A -
Co < .10 9900. .13 -
Cr .30 .36 .31 1
Fe .80 .96 9800. 100
Pb ) .70 .70 o7 20
S «50 ' «S1 52 -
Si .30 .33 .3 100
Zn 1.50 1.5 1.5 -
Mg * * % 200
Sn * * * 80
Mn * * * 20
Ni * * * 3
cd * * * 1

# parts per million, weight
** not analyzed
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stainless steel tube, through which high purity Hy gas flowed, and
which was heated within an electric furnace. The specimens were
suspended at the center of the furnace tube, within a stainless
steal-mesh cage that was released into a distilled water quenching-
bath at the end of the anneal. Annealing temperatures were monitored
with a chromel-alumel thermocouple that was positioned inside the
specimen cage.

Thermal aging of alloy specimens, and outgassing of some of the
high purity Cu foils, were performed in an ultra-high vacuum furnace,
at pressures in the 1078 - 1079 torr range. The specimens rested in
a tantalum holder, which was heated by thermal radiation and by
electron bombardment. Specimen temperatures were monitored by
chromel-alumel thermocouples spot-welded to the tantalum holder. The
input line voltage to the furnace power supplies was precisely regu-
lated, which prevented the aging temperature from fluctuating more
than + 2°C after steady state was attained. A gas analyzer (Varian
Associates, Model VGA-100) mounted on the furnace allowed residual
gases in the system to be identified. Details of the ultra high
vacuum furnace have been described previously by W. J. Weber.(3)

Because of the importance of clean specimen surfaces, the speci-
mens were again polished after heat treatment, before being loaded
into the irradiation target chamber. During quenching of the Cu-Be
foils after annealing in the vertical furnace, a thin BeO0 film formed
on the foils, which was removed by mechanical polishing. The am

nealed Cu-Be specimens were mounted on polished steel blocks using
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double-sided adhesive tape, then were ground on abrasive paper (#240~
#600), and were finally polished in a vibratory metallographic
polisher using a 3 ym alumina slurry. ’Following the mechanical
polish, a mirror—like surface was obtained by electropolishing each
specimen in the 33X HNO3-67% CH30H electrolyte at -30°C. Approxi-
mately 0.025-0.05 mm were removed from each Cu-Be specimen surface by
this polishing procedure. The Cu, Cu—Co and Cu-Fe specimens were
also electropolished in this manner, but they were not mechanically
polished. Clean specimens were stored in a dry argon atmosphere
before and after irradiation.

B. Irradiation Facility

All specimens in this study were irradiated with 14 MeV copper
ions in the University of Wisconsin Heavy-Ion Irradiation Facility.
This facility was used successfully for several previous radiatiom—

(3-6) and has been described in detail elsewhere.(’)

effects studies
The main contribution of the author to this facility (in addition to
minor improvements) has been a redesign of the specimen holder and
specimen heater within the target chémber, as described below.

~ The energetic heavy-ions that produce damage in the specimens
are accelerated by a tandem Van de Graaff electrostatic accelerator
(High Voltage Engineering Corporation, Model EN). A schematic of the
accelerator facility is presented in Fig. VI-1, In this study, the
Cu negative ions that were injected into the accelerator were pro—

duced within a negative ion source (SNICS type) developed by Billen

and Richards.(s’g) This source is simple in design, and was found to
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be extremely reliable. Basic components within the source are a
negatively biased cylindrical cathode (copper), a helical tungsten
filament coaxial with the cathode, and a Cs reservoir. Cs atoms that
are surface ionized on the hot filament bombard the cathode and
create Cu ions by sputtering. Negative Cu  ions, which form within
the source by charge—exchange reactions with Cs atoms, are extracted
from the source, pass through a selecting magnet, then are deflected
90° (by an electrostatic mirror) into the tandem accelerator. The
ions are accelerated into the high voltage terminal, which is oper—
ated at a positive potential V. Collisions with N9 gas molecules in
a gas—stripper canal within the terminal convert the energetic nega-
tive ions into positive ions of charge nq, where n is an integer and
q is the electronic charge. Because of the random nature of the
stripping process, the beam of positive ions emerging from the high
voltage terminal contains # mixture of charge states (n has several
values). Therefore, an ion of charge state nq exiting the accelerator
has acquired an energy of

E=qV(l +n) . (6-1)
In this study, the accelerator terminal was operated at a potential
of 3.5 MV, and 14 MeV Cu."”3 ions were directed into the target
section. Copper ions of other charge states and energies were also
produced, but were prevented from entering the target chamber. The
charge state selection was accomplished mainly with a quadrupole lens

that is positioned on the high energy beam line.
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The target chamber and its vacuum system were originally de-
signed and built by Smith and Lott.(4’7) Figure VI-2 shows in detail
the components comprising the target section. This entire section
lies ~ 1/2° off the tandem accelerator axis, to prevent neutral atoms
and low z ions from impinging upon the target. The heavy ion beam is
deflected into the target section using a large analyzing magnet. A
three-stage vacuum system on the target section provides a high
vacuum within the target chamber (pressures in the 1072 torr range
can be achieved), even though the vacuum in the accelerator beam line
is several orders of magnitude poorer. The first and intermediate
pumping stages incorporate a 200 £/sec diffusion pump and a 400 %/sec
orbitron ﬁump, respectively. The target chamber is separated from
the intermediate stage by a low—conductance series of 6.5 mm Ta
aberatures, and is pumped by a large orb-ion pump. The composition
of residual gases in the target chamber can be determined with a gas
analyzer (Varian, Model, VGA-100) that is mounted on the chamber.

Several diagnostic devices are mounted on the target section to
measure the intensity and the charge state composition (energy
spectrum) of the beam. Faraday cups for measuring total beam current
are located at the entrance to the target section, at the entrance to
the speeimen chamber.and behipd the specimens at the rear of the tar—
get section. During irradiations in this study, total beam current
at the target chamber entrance has been typically 100 to 130 nA. The
size of the beam that strikes the specimen is defined by a Ta mask

containing a mm dia. hole centered on the beamtube axis. To measure
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the charge—state distribution a gold film is inserted into the beam
path; the eneréy of particles scattered 90° from the beam axis is
measured with a solid state detector, then converted into the initial
particle energy using the Rutherford scattering formula. Energy

u+3 state

spectra produced by the technique have shown that when the C
is selected using appropriate lens and magnet settings, over 99Z of
the total beam consists of Cu'd ions.

The target chamber is a vertical, stainless steel tube (14.6 cm
I.D.), containing side ports for the diagnostic devices and for entry
and exit of the heavy—ion beam. A specimen holder assembly is
mounted through thé top flange of the target chamber, and a fufnace,
for heating specimens during irradiation, is mounted through the
bottom flange. In this study, the specimen holder and the heater
were redesigned, such that a sample was heated only during the ir—
radiation, while other samples in the holder remained at lower
temperatures to prevent thermal aging and annealing. For practical
reasons, eight specimens were loaded into the target chamber at one
time, and these could be irradiated in a one-day run. In the old
design of the specimen holder( 7), all eight of the samples were
mounted in a row on a single 2 cm x 8 cm tantalum plate, which was
attached to a vertical-motion feedthrough that allowed samples to be
moved successively into the path of the heavy-ion beam. éhe furnace
in that design was constructed of 0.025 mm Ta foil, which was rolled
into the shape of a tube 4 cm in diameter by 13 cm, and which was

heated by passing an electrical current through it. The furnace was

EY
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mounted vertically, concentric with the target chamber, and it conm—
tained a pair of ]l cm diameter holes for passage of the ion beam.
During irradiation the specimen holder was suspended within the
furnace and was heated by thermal radiation. The disadvantage of
this design was that the specimens were heated en masse, therefore
the temperature history of an individual specimen could not be con-
trolled. At an irradiation temperature of 500°C, the temperatures of
the hottest and coolest samples in the holder differed by only about
40°C. Since the irradiation of an entire set of 8 samples typically
reéuired 10 to 20 hours, an individual sample was often exposed to
high temperature for many hours before and after its irradiation.
Such pre-irraaiation heating could cause significant thermal aging,
while post-irradiation heating could alter or anneal out any irradi-
ation induced changes in the alloy microstructure. Because of the
time required to design, construct and test the new system, however,
the old system was used for the irradiation of the first three sets
of specimens in this study (the high purity Cu; the Cu~Co; and the
first set of Cu-Be specimens).

The specimen holder assembly and the furnace that were designed
for this study are shown in Figs. VI-3 to VI-6. The heating elements
of the furnace are a pair of 0.025 mm tantalum sheets (4 cm wide by
10 cm long), which sit parallel to each other, but are separated by a
gap of 1.3 cm (Figs. VI-4 and VI-5). The tantalum sheets are ohmic-
ally heated, and they each contéin a 0.7 cm hole for passage of the

ion beam. During ion bombardment, an individual specimen is
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Figure VI. 5. Drawing showing top and cross sectional views of the

specimen heater.
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positioned in the gap between the Ta sheets, and is heated by thermal
radiation as it is bombarded with Cu ioms. .

The construction of the furnace is as follows: each end of each
heating element is clamped between a pair of stainless steel arcs,
which constrain the heating elements into cylindrical~sections that
are concentric with the target chamber, and which subtend an angle of
40°, The positon of the top end of each element is fixed by stain-
less steel posts, which support the’steel arcs and which serve as
electrical current leads. However, the bottom ends of the Ta ele-
ments are not fixed, to prevent buckling of the thin sheets because
of thermal expansion. Electrical current is carried to the lower end
of each element by flexible Cu braid. Heat shields constructed of
0.025 mm Ta sheet (not shown in the the figures) are affixed to the
stainless steel support posts to decrease thermal radiation loss.

The entire heater assembly is supported on a 14 cm diameter steel
baseplate, which is mounted on a 1.9 cm diameter Cu electrical feed-
through that penetrates the bottom flange of the target chamber.

Each specimen is mounted on an individual tantalum holder (Fig.
Vi-4(b)), which is suspended between the heating elements during ir-
radiation. The specimen is covered by a Ta mask containing a 3 mm
hole, which defines the area on the specimen exposed to the ion beam.
(Small marks were inscribed on the sa;ples to record the location of
the beam spot.) The mask-specimen~back plate assembly is clamped

tightly to the holder to provide good thermal contact, and specimen
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temperature is monitored with a chromel-alumel thermocouple that is
located in a well, directly behind the irradiated area of the sample.

Each of the eight individual specimen holders is attached (at
45° intervals) to a 10 cm diameter stainless steel plate, creating a
carousel arrangement (Fig. VI-3), which is suspended above the heater
(Fig. VI-6). This specimen holder assembly is attached to a feed-
through that allows both rotational and vertical positioning of the
holders. Rotational motion is provided by a commercial rotary, high
vacuum feedthrough (Varian), while vertical motion is provided by a §
cm 0.D. brass screw assembly, which surrounds a stainless steel
bellows. Vertical motion is necessary because opposing specimen
holders differ in length, to allow visual aligmment of the holder in
the irradiapion position. A specimen is aligned with respect to'the
ion beam by sighting on the back of the thermocouple well, using a
alignment telescope that is mounted rigidly behind the target
chamber, on the beam axis.

The new specimen holder design performed well with respect to
temperature measurement and control. The relatively small angle sub-
tended by the furnace, combined with the thermal radiation shields,
prevented excessive heating of specimens not in the irradiation posi-
tion. Listed below are typical steady-state temperatures of all
speci;ens in the carousel, T; through Tg, when the temperature of the

. s
specimen in the irradiation position was 500°C (T3) and 300°C (Ty),

respectively:
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Specimen Holder: T Ty T4 Ty, Ty Tg Ty Tg
Temperature °C: 177 259 500 239 165 166 159 165

103 99 96 100 105 151 300 139

At high irradiation temperature (500°C) even the specimens adjacent
to the heater (Ty and T;) remained at least 240°C below the tempera-
ture of the specimen in the furnace (T3). The estimated accuracy of
the absolute temperature measurement was +5°C.

Instantaneous measurement of the beam current striking the
sample during irradiation is obtained from a picoammeter connected
between one of the thermocouple feedthroughs (which are in electrical
contact with the specimens) and ground. The carousel is isolated
from ground by a ceramic coupling. Beam current was integrated
electronically throughout the irradiation to obtain the total ion
fluence. There were problems in measuring the absolute beam current
on target in this study, at temperatures greater than about 400°C.
Poor suppression of secondary electrons emitted from the beam spot
contributed to this problem, but extraneous currents also were
measured, which were temperature dependent and (to a lesser extent)
time dependent, and which were not well understood. Therefore, the
actual intensity of the ion beam passing through the 3 mm mask aper—
ture into the target chamber was periodically measured using the rear
Faraday cup, and this value was correlated with the apparent beam
current measured directly off the thermocouple leads. The estimated

error in the absolute fluence measurement is +20%.
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C. Post-Irradiation Analysis

Irradiated specimens were analyzed using two techniques ——
transmission electron microscopy (TEM) and Auger electron spectro-
scopy (AES), each of which had different objectives. Transmission
electron microscopy, the primary technique, was used to examine and
to characterize the microstructure within all of the irradiated
specimens. Auger electron spectroscopy, combined with ion-
sputtering, was used to profile the elemental composition of the
near—surface region of many of the alloy specimens, to determine
whether radiatiominduced solute segregation occurred. In addition,
unirradiated portions of many of the alloy specimens were examined
with these techniques. The unirradiated regions served as a control
specimens, since they experienced the same temperature history as the
irradiated region.

C-l. Transmission Electron Microscopy

Because of the shallow depth of the damaged region, and the nom
uniformity of the displacement damage within this region (with re-
spect to depth), special techniques are required to prepare heavy—ion
irradiated specimens for TEM analysis. Transmission electron micro-
scopy requires thin, electromtransparent foils, therefore irradiated
specimens must be prepared such that thin—sections (< 500 nm) are ob~
tained from the damage zone. Also, the nonuniformity of the dis-
placement damage with depth requires that the location of the thin
section, relative to the original specimen surface, be known. In

this study, two different speciment preparation methods were used -
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backthinning and cross sectioning - as explained schematically in
Fig. VI~7. The backthinning, or conventional, method allows the
examination of only a narrow depth interval (Ax) in the damage zone,
and the remainder of the zone is destroyed. The cross sectioning
method is more complicated, because the irradiated foil is first
electroplated and wafered, then a thin section is obtained in a plane
parallel to the path of the incident ions. Using the cross sectiom
ing method, the entire depth of the irradiated region can be imaged,
however, providing data over an entire range of displacement levels
and displacement rates.

Backthinning Method

In backthinned, or conventionally thinned samples, a thin
section was obtained at a depth of about 1000 mm into the damage
zone. Thié was accomplished in three steps: (a) the irradiated
sample was first electropolished in an electrolyte composed of 67%
CH30H-33%Z HNO3 at =42°C, to remove a nominal thickness of 1000 nm.
The actual depth removed was determined using an optical interference
microscope, which measured the step height between electropolished
areas of the specimens and areas that were masked from electro—
chemical attack; (b) a 3 mm diameter disc, centered on the 3 mm
diameter irradiated region, was ‘punched from the oversize specimen
(with the irradiated surface face—down to protect it from the impact
of the punch); and (c) the irradiated side of the 3 mm disc was
masked with a commercial protective lacquer, and the disc was thinned

from the reverse (unirradiated) side in a commercial, twin-jet
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electropolishing machine (E. A. Fischione, Model 120) until perfo-
ration occurred. The very thin foil bordering the perforation was
then suitable for TEM analysis. The electrolyte uged in the jet
polisher consisted of 25% H3P0,-25% CoH50H-50% Ho0 at a temperature
of -10°C-to -15°C. The thickness of 1000 nm nominally removed in
step (a) was chosen because the displacement vs. depth profile is
relatively flat near this depth, minimizing the effect of errors in
the step—height measurement. This measurement error was estimated at
+300 nm, yielding an uncertainty of #25% in the displacement dose
assigned to the thin section. (The displacement profile for 14 MeV
Cu on Cu is shown in Fig. VII-1,)

Cross Sectioning Method

The cross sectioning method of TEM specimen preparation was
first applied to ion-bombarded specimens by Spurling and Rhodes(lo),
who studied proton irradiated stainless steel. This method has since
been used by Narayan and his co-workers(11-13) in the study of pure
copper irradiated at room temperature, and by Whitley(s) in a study
of void formation in heavy-ion bombarded nickel. In the present
study, all of the puré Cu samples were cross sectioned, as were about
40% of the Cu—-Be, Cu~Co and Cu-Fe samples. A good deal of experimen—
tation, mainly by trial and error, was required to develop a TEM
specimen preparation procedure that yielded usable thin specimens,

i.e. specimens that were uniformly thinned throughout the irradiated

region. The procedure that evolved 1s outlined here:
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(a) Immediately before electroplating, the irradiated specimen was
electropolished very briefly in the CH40H-HINO4 electrolyte at
-44°C, which dissolved 50 nm + 20 nm from the surface. This
removed the surface oxide and carbon contamination (which was
several monolayers thick, according to AES measurements) that
inhibited strong bonding between the specimen and the electro—
deposited copper.

(b) A thick layer of Cu (2-3 mm) was electrodeposited onto both
sides of the clean specimen, encapsulating the irradiated
region. The electroplating was done in an aqueous solution
containing 55 grams/liter HySO4 and 178 grams/liter CuS04, at a
curfent density of approximately 100 mA/ cm? (see Fig. VI-8).
When the specimen was first immersed in the plating bath, the
plating current was reversed for several seconds, which removed
50 nm + 20 nm from the foil surface. This procedure, combined
with the electropolishing in (a), resulted in the dissolution of
100 + 30 nm from the irradiated zone.

(¢) The elecﬁroplated specimen was mounted in an epoxy resin and
cross sectioned into 0.25 mm wafers using a low—speed diamond
saw. A 3 mm diameter disc, centered on the interface between
the plating and the irradiated region of the sample, was then
punched from each wafer,

(d) The 3 mm disc was thinned until performation occurred, in the
twin—jet electropolishing machine. A successfully thinned

specimen perforated at the plating/specimen interface, and a

o
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portion of thin foil surrounding the perforation intersected the

damage zone.

Successful thining required that the specimen be centered with
the electrolyte jets, that the plating adhere coﬁpletely to the
specimen, and that the copper plating, the damage zone of the speci-
men, and the annealed specimen material beyond the damage zone
electropolish at equal rates. The main problem encountered was the
tendency of different regions of the 3 mm cross sectioned disc to
electropolish at different rates (because of differences in the
microstructure of these regions), producing the perforation away from
the interface, or causing nonuniform thinning of ;he interface
region. In an effort to obtain uniformly thinned cross sectioned
specimens, several different electrolytes were tested under a variety
of electropolishing conditions. The most successful procedure was to
first dish the specimen by jet—polishing for ~ 45 sec in 20% HNO4-80%
CH450H at =30°C and 45 volts, then continue thinning until perforation
occurred, in a solution of 25% C,H50H-25% H3P0,~50% H,0 at -14°C.
Occasionally, an ion milling device (which eroded a specimen by
sputtering with 6 KeV Ar ions) was used to extend the thin area in
specimens where the perforation did not form initially at the inter—
face. A TEM micrograph of a cross sectioned, annealed, unirradiated
Cu specimen is presented in Fig. VI-9, which shows that the electo-
plating itself did not significantly alter the near—surface region of

the specimen.
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L g . ELECTROPLATING
\Y \ APPARATUS

Figure VI.8. Apparatus for preparation of transmission
electron microscopy specimens.

COPPER DECIMEN
PLATING I g 'C‘_OP"?ER ECIMEN

Figure VI.9. A transmission electron micrograph showing the
microstructure of a cross sectioned, unirradiated, annealed Cu
specimen. The mottled background results from slight surface

etching.
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Thinned specimens were examined, using conventional TEM imaging
technqiues, in a JEOL 100B transmission electron micfosCope modified
to operate at 120 KeV, which was equipped with a double~tilt specimen
holder. Dynamical two-beam diffraction conditions, with s 2 0, were
usually used when in the bright field mode. Selected area dif-
fraction, along with centered dark-field imaging, were employed for
identification and characterization of precipitates. Specimen thick~
nesses were measured by depositing small, superimposed carbon com
tamination spots on both surfaces of the foil, using the microscope
in the scanning-transmission (STEM) mode. The specimen was then
tilted about one axis to an angle of 6 = 35° to 45°, and the dis-
placement between the centers of the contamination gpots was obtained
as t = d/sin 6. The uncertainty in the thickness measurement was
estimated at #20%Z. Precipitate and void sizes and concentrations
were measured from TEM micrographs using a Zeiss particle size
analyzer.

c-2. Auger Electron Spectroscopy

Following irradiation, but prior to TEM specimen preparation,
many of the alloy samples were analyzed using Auger electron spectro-—
scopy (AES). Since AES is a surface analysis technique, depth pro-
files of the elemental composition of the near-surface regions of
alloy specimens were obtained by combining AES analysis with sputter
etching. The energy spectra of the Auger electrons were recorded in
the conventional manner, as dN(E)/dE vs. E, where E is the Auger

electron energy and N(E) is the number of electrons detected at that
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energy. The concentration of an element was correlated with the
measured amplitude of the differential peak of a characteristic Auger
transition, for that element.

The measurements were performed oﬁ a commercial Auger/ESCA
system (Physical Electronics Industries, Model 548), using a 3 KeV
primary electron beam to excite Auger transitions. The beam diameter
was 0.2 mm, beam current was 30 pA, and a peak—to-peak modulation
energy of 3 eV was used. In the usual procedure, two specimens at a
time were mounted on an aluminum pedestal, which was introduced into
the high vacuum chamber on a vacuum—feedthrough probe. (The Cu-Be
specimens from Run #5 were mounted on the carousel holder to allow
degassing before analysis.) In either case, each specimen was
covered with a tantalum or stainless steel mask, containing a 3 mm
diameter hole that was centered on the region to be anlayzed.

Sputter etching was accomplished with a beam of either 5 KeV
Ar+, 2 KReV Af+ or 2 KeV Xe+. After iﬁtroduction of the high purity
Ar or Xe, the pressure in the chamber was 5 x 107> torr (otherwise it
was ~ 5 x 1079 torr). Thg sputtering rate under a given set of
conditions, close to the point of contact of the primary electron
beam, was determined'by masking off part of the specimen, and then
measuring the resulting step—~height in an interference microscope.
The resolution of interference fringes limited this method to step
heights > 100 nm. Absolute sputtering rates (for several different
Ar ion energies and beam focus conditions) were also measured by

O

recording the time required to sputter through a 250 nm Ni film
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deposited on a Cu foil, while the Auger spectrum of the target was
recorded in the multiplex mode. From the measured values of the Ni
sputtering rates, the Cu sputtering rates were obtained using
published values of the Cu/Ni sputtering-yleld ratio*) (v, /ty, =
0.67 for low energy Art bombardment). The estimated uncertainty in
the abslute sputtering rate was %25%, although the estimated un—
certainty in the relative sputtering rate (from sample~to—sample) was

*5%. ~ .
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CHAPTER VII

RESULTS OF EXPERIMENTS ON THE Cu=-3.4 AT% Be ALLOY

The experiments that constitute this thesis were performed in
two stages. First, a set of each type of material -- pure Cu, Cu-3.4
at% Be, Cu-1% Co, and Cu-1% Fe —- was irradiated, and the effect of
irradiation on the microstructure of each material was surveyed.
Based on the results of these experiments, radiation—induced precipi-
tation and Be surface-segregation in the Cu-Be alloy were studied in
detail. All results of the Cu-Be experiments are reported in this
chapter, while results of the survey irradiations of the other ma-
terials are reported in the following chapter.

The preliminary experiments on Cu-3.4 at% Be revealed that the
principal effect of irradiation was to induce continuous precipi-
tation of CuBe platelets within the damage zone (the region traversed
by the high energy ions) under certain conditions. 1In contrast, no
precipitation of any kind was observed in regions of the specimens
masked from éhe heavy ion beam. The experiments described here were
designe& primarily to define the temperature range over which
radiation—induced precipitation occurred, and to explore how the
microstructure evolved with increasing damage dose. In addition,
experiments were designed to compare the precipitation process under
irradiation with the precipitation process in unirradiated, thermally
aged Cu-3.4 atZ Be.

In part A of this chapter, the results of transmission electron

microscopy (TEM) analysis of the radiation induced precipitation are
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reported. First, measurements of the variation of precipitate size
and density with temperature are presented, and the effect of irradi-
ation temperature on precipitate morphology is described. The‘radi-'
ation induced CuBe precipitation in cross sectioned specimens is then
characterized with respect to depth in the damage zone, and the ef-
fects of damage dose and dose-rate on precipitate size and density
are described. Following this, results of post—irradiation heating
experiments are reported. These experiments proved that the radi-
ation induced precipitation was unstable at an aging temperature
somewhat below the equilibrium solvus temperature. Finally, results
of thermal aging studies of unirradiated Cu—3.4 at% Be samples are
given, and the precipitate morphology produced by aging is compared
with that produced during irradiation.

A second radiation effect reported here is the enhanced enrich-
ment of Be (and the formation of BeO) near the irradiated surface of
the Cu—-Be specimens. Using Auger electron spectroscopy (AES) comr-
bined with sputter-etching, the near—surface composition of specimens
irradiated under various conditions was profiled. These results are
reported in part B of this chapter.

In the Cu-Be studies, twenty—eight Cu-3.4 at? Be specimens were
irradiated with 14 MeV Cu ions, at temperatures ranging from 300°C to
525°C, and at ion fluences of 8.8 x 1014/cm2 to 3.5 x 1010/cm?
(corresponding to 0.25 to 10 dpa damage at 1 micron depth). The
irradiation parameters and methods of post—irradiation analysis for

i

each of the Cu~Be specimens are indicated in Table VII-1, All
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TABLE VII.1. Irradiation Parameters and Methods of Post-
irradiation Analysis for Cu-3.4 at% Be Samples
s & = 5 2 TEM
- = ~ wy \d
o - o 0 Q (V] [¢1] (72}
4] o o f— —le—Q e = o o o
| = | . — S < Qg O (o] (8] (8] <3} t O [72]
[+3] o= [«3] T VO [~ R i i —a N L =2 7, I Se Dy
£ (SN =) o Qo - QO = QD O 0 XX N x o (70 2 Q —
(=] QVE - s Eunm E S r=- | S Q) v o Q o«
3 3 Qo3 - OO0 QIO O Cr— O 1= I~ S o Y g
= L= e SO Vi = o e e L = WO wn <
2 T51-00-1 475 9.2 3.2 4.4 X X
2 T51-00-2 475 0.92 0.32 2.8 X X
2 T51-00-3 430 4.6 1.6 2.6 X X
2 T51-00-4 430 0.92 0.32 3.1 X X
2 T51-00-5 400 4.6 1.6 2.4 X
2 T51-00-6 400 0.92 0.32 2.3 X
2 T51-00-7 350 4.6 1.6 2.6 % X
2 T51-00-8 350 0.92 0.32 2.3 X X
5 T51-00-9 475 5 1.75 3.1 X X
5 T51-00-10 430 0.5 0.175 4.1 X X
5 T51-00-11 430 0.25 0.088 4.1 X { X
5 T51-00-12 400 0.5 0.175 4.3 X X
5 T51-00-13 400 0.25 0.088 4.3 X X
5 T51-00-14 375 5 1.75 4.3 X X
5 T51-00-15 375 1 0.35 4.2 X X
5 T51-00-16 350 10 3.5 4.4 X X
6 T51-00-17 430 3 1.05 3.2 X
6 T51-00-18 475 8 2.8 4.0 X X
6 T51-00-19 475 8 2.8 4.3 X X
6 T51-00-20 400 2 0.70 4.1 - - X
7 T51-00-21 525 10 3.5 3.1 X X
7 T51-00-22 525 2 0.70 3.4 X X
7 T51-00-23 500 5 1.75 3.5 X X
7 T51-00-24 400 5 1.75 3.9 X X
7 T51-00-25 350 2 0.70 3.7 X
7 T51-00-26 300 10 3.5 3.7 X
7 |751-00-27 | 300 5 1.75 4.0 X
7 T51-00-28 300 2 0.70 3.9 X
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specimens were solution annealed prior to being mounted in the target
chamber of the accelerator. Specimens 1 to 8, however, were irradi-
ated in the old (linear) specimen holder and were therefore sub jected
to some thermal aging both before and after irradiation, the effects
of which are discussed later. The average ion flux for specimens 1-8
was 2.8 x 1012/cmzsec, corresponding to an average dose-rate of 7.4 x
1074 dpa/sec at a depth of 1000 nm into the damage zone. Specimens
9-28 were irradiated in the carousel specimen holder at an average
dose-rate of 1.1 x 1073 dpa/sec at 1000 nm, and were heated only
during irradiation.

The calculated displacement damage vs. depth profile that is
used as a reference in this work is shown in Fig. VII-l. This pro-
file, which applies to 14 MeV Cu ions incident on a pure Cu target,
was generated from ion energy-deposition data calculated with the
Brice codes COREL, RASE4, and DAMGZ.(I) The energy deposition data
was converted to the dpa profile using the modified Kinchin-Pease
model(z) with a displacement energy of 34 eV, asvdiscussed in the
first section of Chapter II. The maximum displacement damage occurs
at a depth of about 2300 nm from the target surface, and the total
depth of the damage zone is about 3200 nm. The degree of displace-
ment damage at the peak~damage depth is about 16 times greater than
at the specimen surface, and about 4.4 times greater than at a depth
of 1000 nm. Effects of alloying elements were not included in the
calculations, since impurity effects (in dilute alloys) were con-

sidered insignificant compared to experimental uncertainties.
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A. Radiation Induced Precipitation in Cu-3.4 at¥% Be

A-l. Precipitate Morphology and the Effect of Irradiation

Teggerature

Specimens of the Cu-3.4 at% Be alloy, initially solution an—-
nealed and quenched, were irradiated at temperatures of 300, 350,
375, 400, 430, 475, and 525°C, with the ion fluences listed in Table
VII-l. These irradiation temperatures are plotted in Fig. VII-2 on a
segment of the equilibrium phase diagram of the Cu-Be system, which
indicates that the Cu-3.4 at% Be solid solution is undersaturated
above ~ 420°C and supersaturated below ;his temperature. Trans-
mission electron micrographs* in Fig. VII-3 1llustrate the typical
microstructure of (supersaturated) specimens irradiated at 300, 350,
375, and 400°C, to doses of 5-10 dpa.** In all specimens irradiated
at these temperatures, the supersaturated solid solution deéomposed
into a mixture of ac, solid solution, and platelets of the inter—
metallic compound CuBe. Ihe precipitate structure was identified
using standard electron diffraction analysis and dark-field imaging

techniques,(4) as described in detail later. The displacement

*Unless otherwise indicated, TEM micrographs shown in this chapter
were obtained in the bright field mode, using two-beam diffraction
conditions with s ¥ 0, where s is the deviation from the Bragg
angle. The principal diffraction vector, §, and the nearest zone
axis (in square brackets) are drawn on or near each micrograph.
Specimen thicknesses were typically 300~450 nm.

**In the present section, results in two groups of specimens are
described: high dose specimens irradiated to 5-12 dpa, and low dose
specimens irradiated to 1/2-1 dpa. This approach is justified be-
cause the precipitation process was much less dependent on dose than
on temperature.
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Figure VII.2. Copper-rich end of the Cu-Be equilibrium phase diagram,
redrawn from Hanson(3). The black dots indicate the temperatures at
which Cu-3.4 at% Be alloy specimens were irradiated.

fringes exhibited by the precipitates under certain imaging condi-
tions indicate that the platelet faces are semi-coherent with the
matrixe In all irradiated specimens, the precipitation was con-
tinuous, i.e. distributed uniformly throughout the matrix. (The
apparent spatial nonuniformity of precipitation at 300°C in Fig. VII-
3 results from spatial variations in the diffraction contrast of the
foil.) Close examination of specimens irradiated below 400°C, how-
ever, revealed that precipitates often formed in clusters of 2 or 3,
with each precipitate lying on a different habit plane. Discontinu-
ous or cellular precipitation, which nucleates at grain boundaries in
the aged Cu-13 at? Be(s’s) alloy, for instance, was never observed in
the irradiated Cu-3.4 at% Be alloy. Precipitate-free zones 100 ~ 200

nm wide were occasionally observed on one or both sides of grain
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boundaries, but often the continuous precipitation formed ad jacent to
grain boundaries also.

The microstructural detail of specimens irradiated at 300°C-
400°C is shown in Fig. VII-5. Other than the precipitation, the
matrix is quite free of radiation damage. The (350°C, 2 dpa) speci-
men contains blackspots smaller than 10 nm, which may be either pre-
cipitate nuclei or point-defect clusters. The precipitate density
(and strain contrast) in the 300°C specimen is so great that other
detail is obscured. In the (375°C, 1 dpa) and (400°C, 0.5 dpa)
specimens, some blackspots, but few dislocation loops or tangles, are
present in the matrix. In higher—dose specimené irradiated at 400°C,
blackspot-type damage was visible in dark-field images from matrix
reflections. Irradiation did no; produce voids in any of the Cu-3.4
atZ Be spécimens.

While precipitation formed readily during irradiation of the
supersaturated alloy, no precipitation of any kind was observed in
regions of the specimens masked from the heavy—ion beam. ‘Examples of
the microstructure of the unirradiated alloy, which experienced the
same temperature history as the irradiated alloy, are shown in Fig.
VII-6. Later in this chapter, it is demonstrated that the morphology
of the equilibrium precipitation that forms during prolonged aging of
the Cu—3.4 at% Be alloy is very different than the morphology of the
radiation—induced precipitation.

Radiation induced CuBe precipitation, qualitatively similar to

that in the supersaturated alloys, was observed in all undersaturated
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375°C  [001] 100 nm 400°C  [112]

o20""

Figure VII.5. Microstructural detail in supersaturated Cu-3.4
at.% Be alloy irradiated to doses of 0.5 to 2 dpa at the temper-
atures indicated. Zone axis is also indicated above each micrograph.
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UNIRRADIATED Cu-3.4 at.% Be CONTROL SPECIMENS

350°C

500 nm

375°C

250 nm

430°C

1000 nm
—

A
Figure VII.6. Examples of the microstructure of control
samples. Shown here are unirradiated regions of specimens #8,

#15, and #3, respectively, masked from the heavy ion beam. No
precipitation formed in these areas. Zone axis is near [011].
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Cu-3.4 atX Be specimens irradiated at 430°C, as shown in Fig. VIiI-4,
At 475°C, lath-like CuBe precipitates were observed in foils irradi-
ated to 5-8 dpa, but were not observed at lower doses. The damage
structure at this temperature consisted almost entirely of dislo~
cation tangles entwined wifh the precipitates. At irradiation
temperatures of 430°C and 475°C, the precipitation appeared to be
uniformly distributed on a large scale (e.g., several umz), but there
were localized nonuniformities in the spatial distribution of the
precipitates. Among the precipitates and dislocation tangles, there
were regions (~ 1/4 umz) free of precipitates and damage. The
general characteristics of the precipitation at 430°C and 475°C, how—
ever, are the same as in the supersaturated alloy. At 525°C, the
solid solution did not decompose at doses up to 10 dpa, and no radi-
ation effects were observed. The blackspot background on the 525°C
specimen in Fig. VII-4 resulted from micropits on the electropolished
surface of the thin foil.

Examination of Figs. VII-3 and VII-4 shows that precipitate size
increases and precipitate number density decreases dramatically with
increasing irradiation temperature. Precipitate sizes and number
densities were measured in the high dose specimens shown in Figs.
VII-3 and VII-4, and also in the low dose specimens irradiated to
1/2-1 dpa. These results are presented in Figs. VII-7 to VII-9,
Particle sizes were measured on bright field or dark field micro-

graphs by fitting an illuminated circle to the maximum precipitate
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dimension.* Size and number density measurements** were obtained
from specimens backthinned to a depth of ~ 1000 nm, and also from
specimens thinned in cross section. In the latter case, only regions
situated at depths between 500-1500 nm were selected, to avoid dis-
tortions due to surface or end-of-range effects.

The thickness of the precipitate platelets also increased as
irradiation temperature and dose increased. With respect fo temper—~
ature, the growth in the platelet thickness was proportionately
slower than the edgewise growth; however, with resbect to dose, the
reverse was true. At 300°C, the platelet thickness increased from
~4 nm at 2 dpa to 9 nm at 10 dpa. At 430°C, thickness increased
from 6 nm at 0.5 dpa, to 35 nm at 5 dpa.

The precipitate size distributions in high dose specimens ir-
radiated at 300°C to 475°C are plotted as histograms in Fig. VII-7,
On each histogram, the mean particle size (E), and the standard devi-
ation in the mean (¢) are indicated. Each histogram in Fig. VII-7
was generated by measuring the size of approximately 500 particles.

An exception is the histogram of the 400°C spec¢imen, which is based

*
Because of the inherent variation in the precipitate orientations,
the measured mean of the projected length of rectangular platelets is

somewhat smaller than the actual mean length.

**Precipitate density, Np (particles/cm3), was calculated as Np =
n/At, where n is the particle count from a given micrograph, A is the
actual area represented by the micrograph, and t is the measured foil
thickness in the region where the count was made. Errors in Np re-
sult from uncertainties in foil thickness, from undercounts due to
out~of-contrast precipitates, and from overcounts due to precipitates
that are not wholly contained within the foil.
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on the measurement of ~ 1500 particles. In Fig. VII-8, the mean pre-

cipitate size vs. irradiation temperature is plotted for both the

high dose and low dose specimens. Finally, the precipitate number

densities in the high and low dose specimens are plotted as a

function of irradiation temperature in Fig. VII-9,

The behavior, with respect to irradiation temperature, of the
mean precipitate size (d), the precipitate number density (Np), and
the shape of the precipitate size distributions for the high dose
specimens can be summarized as follows:

(a) d increases relatively slowly with temperature between 300°C and
350°C, but increases rapidly at higher temperature. Above
375°C, d increases almost linearly with temperature. Over the
temperature range studied, d increases from 19 nm at 300°C to
296 nm at 475°C,

(b) Np decreases exponentially with temperature, within the limits
of experimental uncertainty. Np decreases from about 5.5 x
1013 /em3 at 300°C to 3 x 1013/em3 ar 475°.

(¢) The relative dispersion in the size distribution increases with
increasing temperature. At 300°C the size distribution is
clustered closely about the mean, and the relative dispersion
is o/d = 0.25. At 475°C the relative dispersion increases to
0.45.,

(d) The size distribution even at 300°C is skewed toward larger
particle sizes. This asymmetry becomes somewhat more pronounced

¢

at higher temepratures.
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PRECIPITATE SIZE DISTRIBUTION vs. TEMPERATURE
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Figure VII.7. Precipitate size distributions in Cu-3.4 at % Be alloy
irradiated at 300, 350, and 375°C, to doses ranging from 5-12 dpa.
Precipitate size is defined as the length of the maximum precipitate
dimension. :
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PRECIPITATE SIZE DISTRIBUTION vs. TEMPERATURE
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Figure VII.7. (cont.) Precipitate size distributions in Cu-3.4 at% Be
alloy irradiated at 400°C, 430°C and 475°C to doses of 5-8 dpa.
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Figure VII.8.

Variation in the average precipitate

size, with temperature, in Cu-3.4 at.% Be specimens irrad-

jated at similar dose-rates.

Low dose and high dose spec-

imens experienced doses in the range of 0.5 to 1 dpa, and
5to 10 dpa, respectively.
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In the low dose specimens, irradiated at 0.5-1 dpa, the dependence
of d and Np on temperature was similar in form to that in the high
dose specimens.

A-2. Depth Dependence of the Precipitation

In cross sectioned specimens, the CuBe precipitation was studied
as a function of depth from the surface, in a plane parallel to the
path of the incident 14 MeV Cu ions. Since the displacement damage
varies with depth (Fig. VII-1), each individual cross sectioned
specimen provided a spectrum of radiation damage data, where the dpa
rate and dpa level were directly coupled. The depth dependence of
the precipitate size and number density in each cross sectioned
specimen was measured. By comparing the data from several different
specimens irradiated to different fluence levels, it was possible to
isolate some effects due only to changes in the displacement rate,
and some effects due only to cumulative displacement damage. An
attempt was also made to correlate the observed depth dependence of
the precipitation with the calculated dpa vs. depth curve.

Cross Sectioned Specimens

The characteristics of CuBe precipitation along the path of the
14 MeV Cu ions, during irradiation at 350°C to relatively high
fluence levels, are illustrated in cross sectioned specimens in Figs.

VII-10 and VII-11.* The band of precipitation in the specimen in

Fig. VII-10 was produced during irradiation at 350°C to a fluence

*
All specimens discussed in this chapter were irradiated with
approximately the same ion flux.
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level of 7 x 1013/cm? (2 dpa at a depth of 1000 nm). The interface
between the Cu plating and the Cu-3.4 at%Z Be alloy is actually lo-
cated at a depth of ~ 100 nm from the original specimen surface.
Material was removed from the original surface both by sputter-
etching during the AES analysis (Section VII.B), and by a brief
electropolish to assure adherence of the Cu plating (Chapter VI).
Between the interface and a depth of ~ 2700 nm, the CuBe precipitates
are uniformly distributed, although their size decreases and number
density increases somewhat with depth. At a depth of approximately
2700 nm, the precipitation coarsens and becomes more nonuniformly
distributed. This region of the damage zone is enlarged in Fig. VII-
10. Scattered precipitates and dislocations are present at depths up
to 3300 nm, which is just beyond the tail end of the célculated dpa
vs. depth curve. At greater depths, the microstructure is charac-
teristic of annealed solid solution: no precipitates and few dislo-
cations. Note that in the full-range micrograph in Fig. VII-10, the
apparent variation in precipitate density in the direction parallel
to the interface is due to a change in foil thickness and precipitate
contrast.

The precipitation produced by irradiation at 350°C is shown in
more detail in Fig. VII-1ll, in a specimen irradiated ‘to a fluence
level of 3.5 x 1016/cm? (10 dpa at a depth of 1000 nm). Here, the
damage zone was divided into six depth intervals, and the precipitate
characteristics were measured in each interval, using the same tech—

niques described previously. (Foil thickness was measured in five
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2

500 1000 1500 2000 2500 DPEPTH, nm
5.6 8.4 12 22 36 9 DOSE,dpa
07 1.0 15 27 4.4 LI DOSE RATE
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Figure VII. 11. CuBe precipitation in Cu-3.4 at.% Be irradiated
at 350°C with 3.5x1016 jons/cm?, and thinned in cross section.
Dark field image was obtained using (110) precipitate reflection,
which coincides with (020) matrix reflection. Zone axis is near

[oo1].
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locations.) Below the micrograph in Fig. VII-1l1l, the mean dose and
dose rate in each depth interval are indicated at the midpoint of
each interval. In Fig. VII-12, the precipitate size distributions
for each depth interval are plotted. On each histogram is indicated
1) the mean depth of the interval within the damage zone, x; 2) the
mean projected length of the maximum precipitate dimension, d; and 3)
the standard deviation in the mean length, 0. Both the mean
precipitate size and the precipitate density (Np) are plotted vs.
depth in Fig. VII-13. 1In the near-surface region, d = 48 nm, and Np
is approximately 1 x 1015/cm3, at a mean displacement level and dis-
placement rate of 5.6 dpa and 7 x 1074 dpa/sec, respectively.** The
mean displacement level and displacement rate then successively in-
crease by a factor of 1.4 to 1.8 in each of the next four depth
intervals, however, Np and d do not change dramatically. While d
decreases 25% between intervals 1 and 2, it decreases only 10% be-
tween interval 2 and 5, where the damage peak is located. At the
same time, Np increases by about 60% between the near—surface and the
peak damage regions. Near the end-of-range (interval 6), mean pre-
cipitate size increases to 74 nm, and density decreases to 3.5 x
1014/cm3. Although the average dpa level and dpa rate are comparable
in intervals 2 and 6, the values of d and Np differ by factors of 2

and 3, respectively, between the two regions. The precipitate

**The estimated uncertainty in the absolute value of N_ is +30%;
however the relative uncertainty in N_ 1s approximately #15%, due to
variations in precipitate contrast and foil thickness.
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platelet thickness remains approximately constant throughout the

damage zone, (~ 16 nm), and the precipitate volume fraction, V_, is

p?
nearly constant in intervals 2-5,

In Fig. VII-13, the depth dependence of d and Np in the specimen
irradiated at 350°C with 7 x 10%° ions/cmz is also plotted, for com
parison with the higher fluence specimen. The mean precipitate
length (d) in depth intervals 2 through 5 is similar in both speci-
mens. In the near—surface and end-of-range regions of the lower
fluence specimen, however, the increase in precipitate length is not
as pronounced as in the higher fluence specimen. The principal
difference between the two specimens is the precipitate density,
which is twice as large in the lower fluence specimen. Since the
precipitate thickness doubles (from ~ 4 nm to 8 nm) as the fluence
increases from 7 x 1015/cm2 to 3.5 x 1016/cm2, however, the total
volume fraction of precipitate is about the same in corresponding
depth intervals of either specimen (excluding near-surface and end-
of~range regions). This implies that under irradiation at 350°C to a
fluence level of 7 x 1015/cm2, steady state has been achieved re-
garding the amount of Be transformed into precipitate. Also,
coarsening of the precipitate particles is occurring during irradi-
ation to the higher fluence level, since particle thickness increases
while total particle volume is essentially constant. This behavior
must be due solely to the increase in dose, since dose rate remains
constant in a given depth interval. In the near-surface and end-of-

range regions, there is a net increase in the precipitate volume
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fraction, since both the particle thickness and length increase with
dose.

Two Cu-3.4 atZ Be specimens were also irradiated at 300°C to the
~same fluence levels as the 350°C specimens: 7 x 1015/cm2 and 3.5 x
1016/cm2. The foil thickness of the lower fluence specimen was too
large throughout most of the damage zone to permit accurate counting
and sizing of the precipitates, so a quantitative comparison between
the two 300°C specimens could not be made. The depth dependence of
the precipitation is qualitatively similar in the high fluence speci-
mens irradiated at 300°C and 350°C. The main differences between
these specimens are: (a) precipitate size is smaller but the density
is greater at 300°C (e.g., see Figs. VII-8 and VII-9); and (b) pre-
cipitation at 300°C extends farther beyond the calculated end-of-
range of the ions, as discussed later in this section.

Radiation—induced precipitation through the ion range, in a
specimen irradiated at 375°C with 1.8 x 1016 ions/cm2 (5 dpa at 1000
nm), is shown inAFig. VII-14. The mean precipitate size (projected
length of maximum precipitate dimension) and precipitate density in
five depth intervals within this damage zone are plotted in Fig. VII-
15. The relative change in the size and density with depth is more
pronounced at 375°C than at 350°C. Also, the average barticle size
within the near—surface region is larger than near the end-of-range.
The size and density change in such a way, however, that the precipi-
tate volume fraction remains relatively constant (variation of #207%)

¢

throughout the damage zone. The precipitate platelet thickness is
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~ 14 nm in this specimen, and the thickness does not measurably vary
with depth.

Figure VII-14 also contains a composite TEM micrograph of a
specimen irradiated at 525°C to a fluence level of 7 x 1015/cm2 (2
dpa at 1000 nm and 8.5 dpa at 2300 nm). Neither precipitation nor
defect clusters are present in this specimen. The large dislocations
visible in the micrograph are found throughout the specimen, and
probably result from deformation of the thin specimen during electro-
polishing.

Figure VII-16 contains composite TEM micrographs of cross
sectioned specimens, which were irradiated at 430°C and 400°C,
respectively, to relatively low fluence levels of 8.8 x 1014/cm2.
These specimens are of interest because they show how rapidly pre-
cipitation forms under irradiation at these temperatures, and pre-
sumably at lower temperatures as well (the duration of each irradi-
ation was only ~ 4 minutes). The displacement damage level is about
0.08 dpa, 0.25 dpa, and 1 dpa in the near-surface region, the 1000 nm
region, and the peak damage region, respectively. The depth depend-
ence of the displacement rate in these specimens is essentially the
same as that shown for the 350°C specimen in Fig. VII-1l. The depth
dependence of the mean precipitate size and number density is plotted
in Fig. VII-17. 1In the 400°C specimen, the precipitates exhibit two
types of strain contrast. In the 100 ~ 700 nm depth region, most
precipitate images are oval- or lens—-shaped, and contain a line of no

contrast, similar to planar dislocation loops. These particles are
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CuBe preciplitates, however, since they produce extra reflections in
the selected area diffraction pattern characteristic of the B2
structure with a = 0.27 nm. In higher dose regions, most precipi-
tates are the usual recgangular platelets, and these precipitates
have formed to a depth of ~ 2900 nm from the interface. Both the
particle density and the precipitate volume fraction increase with
depth to the peak damage region, after which they drop sharply.

After irradiation at 430°C with 8.8 x 10l4 ions/cmz, precipi-
tates have formed in the region between the interface and a depth of
~ 2500 nm. Most of these particles exhibit the lens—shaped contrast,
and the spatial distribution of the particles is nonuniform. The
mean precipltate length and the precipitate thickness remain es—
sentially constant with depth, and precipitate density increases
slightly with depth. Interestingly, the precipitates are quite
uniform in size, and few are smaller than 50 nm.

Dependence on Dpa-Level and Dpa—Rate

In a single cross sectioned sample, both the displacement rate
and the cumulative displacement level vary in the same manner with
depth, so the effects of either parameter on the precipitate charac-
teristics cannot be isolated. Comparison of several cross sectioned
or backthinned specimens irradiated to different fluence levels (at
the same temperature), however, gives some indication of the depend-
ence of particle size and density on dpa—rate and dpa-level. All

available data are plotted in Figs. VII—18/to VIiI-22, Data from
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Figure VII.18. The dependence of the mean CuBe precipitate size on the
displacement damage level in Cu-3.4 at% Be alloy irradiated with 14 MeV
Cu ions. Precipitate size is defined as the length of the maximum
precipitate dimension. ;
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cross sectioned specimens were obtained only from the interior of the
damage zone, and not from the near—surface or end-of-range regions.

Figure VII-18 shows that at fixed temperature and dpa-rate, the
mean precipitate size increases with increasing damage dose. This
dose effect is more pronounced at the higher irradiation tempera-
tures, and at lower dpa—-levels (note the semi-log scale). Precipi-
tate platelet thickness also increases with dose, as discussed in
Section VII.A.l. Figure VII-19 illustrates the evolution of the
precipitate size distribution with increasing dpa, at an irradiation
temperature of 400°C. All of the distriﬁutions are skewed toward
larger particle sizes, and the standard deviation from the mean size
increases with increasing damage dose. Figure VII-20 indicates that
precipitate number density either is unaffected or else decreases
slightly with increasing dose. The dependence of precipitate size
and density on displacement-rate is shown in Figs. VII-21 and VII-22,
In general, irradiation at the higher displacement rate, to a fixed
dpa—level, produces a finer precipitate size distribution.than ir-
radiation at the lower diplacement rate.

Comparison With the Calculated dpa vs. Depth Curve

In Figs. VII-23 and VII-24, the cross sectioned specimens dis-
cussed previously are compared with the calculated dpa vs. depth
curve. To make as accurate of a comparison as possible, the micro-
graphs in these figures were all taken at the same TEM magnification,

and the enlargement of each print was adjusted to compensate for
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specimen tilt about the axis parallel to the interface.* The most
obvious microstructural change in the low temperature specimens in
Fig. VII-23 is the transition to the coarser precipitation, which
begins at a depth of about 2700 nm, and extends beyond the tail of
the dpa curve. In the 300°C specimen, some precipitation exists at a
depth of 3600 ~ 3700 nm. In the 375°C specimen, precipitation ex—
tends to ~ 3300 nm, while at 400°C and 430°C (low fluence levels),
precipitation ends before the calculated end-of-range. Precipitate
distribution in another specimen (not shown here), irradiated at
400°C with 3 x 101 ions/cmz, was similar to that in the 375°C speci-
men. The above information shows that the depth distribution of the
precipitation depends not only on the actual damage distribution, but
also on the irradiation temperature and fluence. Therefore, an exact
correlation between the observed microstructure and the damage
distribution cannot be made.

Precipitation at the Specimen Surface

Because the free surface i1s a point defect sink, it is of inter—
est whether precipitates nucleate at the surface, or whether a
precipitate—free zone exists near the surface. Neither the back-
thinned nor cross sectioned specimens provide information on the

surface microstructure, since material was removed from the surface

*It was usually necessary to tilt the specimen during TEM examination
to obtain the desired crystallographic orientation. Cross sectioned
specimens were usually positioned within the specimen holder such
that the Cu plating interface was parallel to the y-tilt axis of the
goniometer, and tilt angles were routinely recorded. :
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during specimen preparation. One specimen, however, irradiated at
430°C with 1016 1ons/cm2, was backthinned directly to the surface, to
study the BeO film that forms during irradiation (see Section VII.B,
and Fig. VII-45), CuBe precipitates were present in the thinnest
foil near the perforation, and precipitate platelets also adherred to
the BeO film, indicating that the precipitates nucleated even at the
surface. The precipitates were the same type as found within the
damage zone, although their mean size (246 nm) was about 70% larger
than predicted by the curve in Fig. VII-18, for irradiation at 430°C
to a damage level of ~ 1 dpa; and their density (3 x 1013/cm3) was
lower, by a factor of 5, than that predicted by the 430°C curve in
Fig. VII-20.

A-3. Precipitate Structure and Crystallographic Orientation

The crystal structure of the radiation—induced precipitates was
determined by analysis of the precipitate reflections in the electron
diffraction patterns of the thinned specimens, using standard tech-
niques.(4) The habit planes of th; precipitates and the crystallo—
graphic orientation relationship between the matrix and precipitates
were identified from the electron diffraction patterns and dark-field
precipitate images, using stereographic projection techniques.(4’8)
During electron microscopy of the irradiated specimens, it was
routine practice to obtain electron diffraction patterns (DP) and
dark-field (DF) images at several different matrix orientations. To

aid in comparison of the TEM results from different specimens, the

specimens were usually oriented in the microscope such that either a
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[011], [001], or [T12] matrix direction was parallel (or near paral-

lel) to the electron beam.

The precipitate structure and orientations in every specimen
were not analyzed in detail, because of the time—consuming nature of
the task. Instead, the TEM micrographs and DP's of all specimens
were surveyed, then a detailed analysis was performed on several
representative specimens. The results of previous TEM studies of
CuBe precipitation in the Cu~2 wtZ% Be alloy (Chapter 1IV) were par-
ticularly helpful in the interpretation of the TEM results in the
experiment. The following generalizations can be made regarding the
crystallography of the radiation—induced precipitation in the Cu-3.4
at% Be alloy:

(a) Precipitates in all specimens have the ordered-bcc structure
(B2, or CsCl type) with a lattice parameter of a = 0.27 nm.
This structure is characteristic of the mature y' or the equi-
librium y CuBe precipitates.(S) There was no evidence of the
tetragonal y' precipitate, the y" precipitate, or G.P. zones
that have been observed in the precipitation sequence of more
concentrated Cu-Be alloys (see Chapter IV).

(b) The habit plane of the precipitate platelets varies between the
{112} and {113} matrix planes. This same variance in habit
planes has been reported for the metastable y' CuBe precipitate
in the aged Cu—-2 wt% Be alloy.(s)

(¢) The crystallographic orientation relation between the precipi-

tate atomic planes and the matrix planes was difficult to
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determine unambiguously. The DP's contained extra reflections
due to 1) double diffraction; 2) the intersection of streaked
reciprocal lattice points with the Ewald sphere; and 3) the
splitting of some matrix and precipitate reflections.(4) Pre-
cipitate reflections were often quite weak, so higher order
reflections were not visible on the negative, and the patterns
were incomplete. Also, precipitate reflections were often
located near, and were therefore masked by, the more intense
matrix reflections. In most cases, however, the precipitate/
matrix orientation could be described by the Bain orientation
relationship, which is obtained by superimposing the [001]
stereographic projection of the bcc precipitate on the [001]
projection of the fec matrix, such that (1_10)fcc is parallel
to (T00)bcc.
(d) Diffraction patterns from specimens irradiated to doses > 1 dpa
and containing a high density of precipitates, often contained
more than one set of precipitate reflections, possibly because
more variants of the {112}/{113} habit planes became occupied.

Within the damage zone of cross sectioned specimens, the pre-

cipitate characteristics did not change with depth.

Examples of the crystallographic analysis of precipitates in a
specimen irradiated at 430°C to 0.5 dpa are shown in Figs. VII-25 and
VII-26. The first figure contains the DP near the [001]a zone axis
of the specimen (i.e. the diffraction pattern obtained with the (001)

a~Cu matrix planes perpendicular to the electron beam direction).



"suoi3oaigada “3dd(gpp)/XE4AR(0Z0) wouy obewy praty

qjdeq (tii) -uot3odalgaa *3dd (por) woay sbewr prars-ydeq (tt) c-uswidads jo abewr piaty ybrag (L)
:ade sydeabouoiu 4dylQ ‘wu/z°Q =J9j3weded 32133°| YILM 34NONA]S 2g Sey a1elLdidady *J13eWdYds

94} UL paX3pul aue SUOL]ID|Jo4 33e3LdLId4d pue XLdjew 3yl ‘edp G°Q 03 J,0EY 3© paleLpeddl ag 431e
*GZ°IIA 34nbL4

v €-n) uL saje3Ldiosad pue (S30ds 3SusIUL) XLJJRW 4O U4dIIed UOLIIRUAILLP [L00]

. Qce 00v
020 ool 00¢
ond—-1---F
S
. o_o_moo% -,-m. bez
o -




/¥

Figure VII.26. CuBe precipitate platelets ima?ed in dark-field, and

viewed nearly edge-on. Zone axis is [110] in (a) and [013] in (b). The
directions drawn on the corresponding stereographic projections are
perpendicular to the habit planes of the platelets, therefore the habit

plane is close to {112} and {113} planes. Specimen was irradiated at
430°C to 0.5 dpa.

"
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The indexed schematic of the DP shows that the precipitate reflec—
tions correspond to the [001] diffraction pattern of an ordered bee,
B2-type lattice, with a lattice constant of 0.27 nm. The matrix/pre—

cipitate orientation relation is as follows:
[001]bcc"[001]fcc and (110)bccn(200)fcc ,

which is the Bain relation.(4’5) The extra reflections clustered
about the (lOO)bcc reflections result from double diffraction.(S)

The DF (dark-field) images in Fig. VII-25 were obtained from the
(100) and (110) precipitate reflections (the (110) precipitate
reflection lies adjacent to the (020) matrix reflection and cannot be
seen on the print of the diffraction pattern).

The information pres;nted in Fig. VII-26 shows that the habit
planes of the precipitate platelets lie near the {112} and {113}
matrix planes. Figure VII-26(a) is a DF image from the (010) pre-
cipitate spot, where the matrix zone éxis is near [011l]. Two sets of
plateiets are viewed edge-on, and the directions normal to these
platelets, drawn on a portion of a [110] stereographic projection,
lie between the projections of the (113) and (112)~type planes.
Figure VII-26(b) is a DF image from a (100) precipitate reflection,
where the matrix zone axis is near [013]a’ and several sets of plate-
lets are viewed nearly edge-on. Again, the normals to these plate—
lets, drawn on the [013] stereographic projection, show that the

precipitate habit planes lie near the {112} and {113} planes.
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Figure VII-27 shows diffraction patterns and dark-field micro-
graphs from a Cu-3.4 at% Be specimen irradiated at 350°C to about 10
dpa, and is typical of the supersaturated specimens. The DP obtained
near the [OOl]a zone axis is indexed in Fig. VII-27(a). Extra re-
flections labeled B-E correspond to the (100), (200), (T10) and
(220) planes of the CuBe precipitate (B2 structure), and they are
oriented according to the Bain relation, as described previously.
Precipitate reflections labeled A are from the CuBe (100) planes.
These reflections, along with those labeled D and E, fit the
orientation relation [OOI]CuBe"[OOI]a’ with (OIT)CuBe tilted +6°
from (be)a, which is compatible with the Bain relation. One inter—
esting aspect of the diffraction pattern is that, for an unknown
reason, the interplanar spacing of the (020) planes is ~ 5% larger
than the (200) interplanar spacing, therefore the diffraction pattern
is not symmetric.

Figure VII-27(b) shows the fle]a DP, and DF images from the two
precipitate reflections indicated. Extra reflections A and D are
from the (111) and (021) planes of the CuBe precipitate, respec—
tively, while reflection B is from the (100) CuBe plane. These re-
flections can be accounted for by the relations: [112]CuBeH[T12]a
(approximately), and [023]CuBe"[112]a’ with (TbO)CuBen(ffb)a, which
are compatible with the Bain relation. Figure VII-27(c) is a DF
image from the (loo)CuBe reflection, showing the precipitates edge-
on. The habit planes of the precipitates are again near the {112}

and {113} matrix planes, as indicated by the direction vectors.



"AL9ALIO3dSaU g pue y Suol3d914a4 *3dd wouy d4e sabeur 4 (LLL) pue (LL) afLym °suoll

~29[ 494 .pan:o_:\ (020) wouy s (L)obewr 4q -saueld agn) adA3-{LLL) pue (QOl) wou} aJe 4 pue y Su0L3d3|4
-9y "A1aALl0adsaua agn) jo saue|d (pgzz)pue (oLL)c(002)¢(001) @y 03 puodsaJuod I-g pa[aqe| SuUOLI3|4dd
931e1LdLoa4d "ILJBWAYDS BY} UL PIXdPul d4e SU0L1d9|}aJd a3e31dLdaud pue (s30ds 3sudlul)suoLlda|jaa Xrajew
3yl -edp QL IN0qe 01 J,0GE }° PIIeLpeddl 3F %IB H €-N) WOJY U4d3Fed UOLFORUSLp [Loo] (e)zz 1IA @unbLyg

r)\ﬁmb
Sy
~




Figure VII.27(continued). (b) [T12] matrix diffraction pattern(intense
reflections),with CuBe reflections labeled. DF images (i) and (ii) are
from (100) and (111) CuBe reflections, respectively. (c) [011] matrix
DP containing precipitate reflections. DF image from (001) CuBe reflec-
tion indicates habit plane of precipitates is near {113} .
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A-4, Effects of Post-Irradiation Heating

The nature of precipitates produced during irradiation can be
elucidated through post irradiation aging or annealing studies. Pre-
cipitation that is stable only under high temperature irradiation,
for instance, will dissolve, or will evolve to the equilibrium phase,
if the irradiation is discontinued while the temperature is main-
tained. Some of the Cu~3.4 at% Be specimens irradiated in this study
were aged or annealed after irradiation, and then were examined in
the electron microscope. Specimens were heated in situ within the
target chamber of the accelerator, or were heated in the high vacuum
furnace either before or after thinning. In Table VII-2, a summary
is given of the post—~irradiation heating experiments. Some infor—
mation on precipitate stability was also gained from specimens 1
through 8, which were irradiated in the linear specimen holder
(Chapter VI) and were therefore subjected to high temperature follow—
ing irradiation. To aid in the discussion of annealing effects on
specimens 1-8, their temperature history during irradiation is
plotted in Fig. VII-28,

The equilibrium phase diagram of the Cu-Be alloy system defines
the temperature below which the two—phase (aCu + CuBe) mixture is
stable, in the absence of irradiation. At equilibrium, the Cu-3.4
atZ Be alloy is a solid solution above ~ 420°C. Therefore, the pre-
cipitation that forms during irradiation at 430°C and 475°C should
dissolve when the ion beam is turned off and the irradiation temper—

ature is maintained. This behavior was indeed observed following
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post-irradiation annealing of several specimens irradiated at 430°C
or 475°C. Two specimens (#18 and #19) were irradiated identically at
475°C to a dose of 8 dpa at 1000 nm. Specimen #19 was then annealed
at 475°C for 3 hours following irradiation, and both specimens were
backthinned to a depth of 1000 nm for TEM examination. Copious pre-
cipitation was observed in the unannealed specimen (shown in Fig.
VII-4); however, the precipitation had completely dissolved in the
annealed specimen. Another example of precipitate dissolution was
specimen #1, irradiated in the linear specimen holder at 475°C to 9.2
dpa at 1000 nm. As shown in Fig., VII-28, specimen #1 remained at
475°C for 31 minutes while specimen #2 was irradiated, and it was
further annealed at 430°C for 143 minutes. Dislocation tangles but
no precipitates were observed during examination of this sample in
the TEM. Post-irradiation annealing of other specimens at 430°C
caused some precipitate dissolution, but the kinetics were of course
slower. There was no significant dissolution in specimen #3, post-
irradiation annealed in situ at 430°C for about 30 minutes. However,
most precipitates dissolved in specimen #17, annealed at 430°C for 24
hours after irradiation. These examples demonstrate the nonequi-
librium nature of the CuBe precipitates that formed during irradi-
ation at 430°C and 475°C.

While dissolution of the radiation induced precipitation at
temperatures above 420°C was expected, a surprising discovery was
that the continuous precipitation also dissolved after prolonged

aging at 400°C. This was observed in specimens that were irradiated
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at 300, 400, and 430°C, then were aged at 400°C in the unthinned
condition. In the first case, specimen #27 was irradiated at 300°C
to 5 dpa at 1000 nm, then was annealed in situ at 400°C for 2 hours.
The microstructure of this specimen, shown in Fig. VII-29, contains
no precipitates, and the diffraction pattern contains no precipitate
reflections. This contrasts with specimens #26 and #28, which were
irradiated at 300°C and contained precipitation throughout the damage
zone. The dense dislocation structure produced by irradiation did
not anneal out, however. The damage structure consists of large

(~ 1000 nm) elongated loops aligned in the <022> direction (micro-
graph-a), irregularly shaped loops approximately 250 nm in diameter
(micrograph-c), and dislocation loops and blackspots smaller than 20
nm (micrograph-d).

To verify the precipitate dissolution at 400°C, unthinned, cross
sectioned wafers from specimens #11 and #13, which contained continu-
ous precipitation due to irradiation at 430°C and 400°C, respective-
ly, were aged in the high vacuum furnace at 400°C for 22-1/2 hours,
then were thinned in cross section for TEM examination. In Fig.
VII-30, the microstructure of the alloy irradiated at 400°C and aged
at 400°C following irradiation, is compared with the as—1irradiated,
unaged microstructure. The as-irradiated sample contains precipi-
tation throughout the damage zone, as described in section A-2 of
this chapter. In the specimen that was aged after irradiation, how—
ever, most of the precipitates have dissolved; in fact, no precipi~

tates remain in the depth interval of 100 ~ 1000 nm, where dose and
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Figure VII. 30. Effect of post-irradiation aging on Cu-3.4 at.%Be
irradiated at 400°C with 8.8x1014 jons/cm2 (0.25 dpa @ 1 um).

(a) An as-irradiated specimen, containing irradiation-induced CuBe
precipitation throughout the damage zone. (b) A specimen aged for
20 hours at 400°C after irradiation (specimen was thinned after the
aging treatment). Most precipitates in the front and end-of-range
regions of the damage zone have dissolved, although some precipitates
in the central region remain.
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Figure VII. 31. (a) High magnification micrograph of precipitates
in irradiated, aged specimen shown in the previous figure. (b) DF
image from 2a; using (011) precipitate reflection. Matrix zone axis

is [011]. (c) Another region of the damage zone in the same spec-

imen (in cross section) where almost all radiation induced pre-
cipitates have dissolved.
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dose-rate were lowest. An enlarged micrograph from the center of the
damage zone clearly shows precipitate shape, and the diffraction
pattern indicates they have the usual B2 structure. In Fig., VII-
31(c) a different region in the same aged specimen is shown, where
all precipitates have dissolved even in the peak damage region.

A-5. Aging Studies on Unirradiated Cu~Be Alloys

The dissolution of continuous CuBe precipitation during aging at
400°C, as described in section A-3, proves that the continuous pre-
cipitate morphology is not the equilibrium morphology, even though
the precipitate platelets themselves have the equilibrium B2-type
crystal structure. The equilibrium phase diagram indicates that the
Cu-3.4 atZ Be alloy is two—phase at 400°C, however the diagram
supplies no information regarding the phase structure. While the
precipitation sequence and morphology in the aged Cu-2 wt% Be (12.6
atZ Be) alloy has been well characterized by other researchers (see
Chapter IV), no studies of precipitation in dilute Cu~Be alloys could
be found in the literature for reference. Therefore, aging studies
were performed on unirradiated Cu-3.4 at% Be alloy, to determine the
morphology of the equilibrium precipitation. The principal result is
that CuBe precipitates do nucleate and grow after prolonged aging at
temperatures below about 420°C. Unlike the continuous precipitation
produced by irradiation; however, precipitation produced by thermal
aging is discontinuous, and nucleates as localized clusters of CuBe

platelets at grain boundaries and within grains.
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The Cu—-3.4 at% Be specimens used in the aging experiments were
initially solution—annealed and quenched, then were aged at high
temperature in the high vacuum furnace. Aged specimens were mechani-
cally polished and electropolished, then were etched in a FeCl3-HC1
solution (to reveal the two—phase regions), and were examined with an
optical microscope. Three-millimeter discs were also punched from
the agéd samples, and were thinned for TEM analysis. Between the
solution treatment and the high temperature aging, there was usually
a time delay of at least several months, during which time specimens
were stored at room temperature. The duration of the room tempera-
ture (R.T.) "aging” was found to be an important factor in the nucle-
ation of precipitates in specimens studied here.

Unirradiated regions of specimens #1 through #28 provided ini-
tial evidence that the precipitation process in the Cu—-3.4 at% Be
alloy 1is very sluggish. Several of these specimens were aged at 350~
400°C for up to 5 hours, yet no precipitation nor evidence of G.P.
zones was detected. Further evidence of sluggish kinetics was pro-
vided by a specimen aged 8 months at R.T. and 50 hours at 380°C.
Optical and TEM micrographs of this specimen are shown in Fig. VII-
32, Several grains on the etched surface of the foil in the optical
micrograph are twinned and contain etch pits, but no two-phase re—
gions are visible. No precipitation was observed during TEM exami-
nation.

Figure VII-33 contains optical micrographs of a specimen aged 26

mo. at R.T. and 24 hours at 380°C. In this case, regions of the
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solid solution have decomposed. The two-phase regions appear as dark
spots in the micrographs. The low magnification micrograph has a
textured appearance because the two—phase regions are more resistant
to electropolishing than the surrounding solid solution. This fact
allowed the two-phase regions to be easily detected, however. The
enlarged micrograph in Fig. VII-33 clearly shows the spatial distri-
bution of these regions. Two—phase regions within the grains are
spheres or ellipsoids, and they nucleate in an ordered array; at
grain boundaries, these nodules tend to be elongated. The maximum
dimension of the two-phase regions ranges from ~ 50 im to less than

2 um. Proof that the dark regions in the optical micrographs contain
two phases was obtained by transmission electron microscopy, as shown
in'Fig. VII-34, Micrograph (a) in this figure was obtained from an
area where the thin foil (at the edge of the perforation) intersected
a grain—boundary and a dark nodule. The nodule contains a dense
cluster of plate—like precipitates about 500 nm in length. The
selected area diffraction pattern (SADP) from the precipitate cluster
([001] matrix orientation) contains extra reflections which corre-
spond to interplanar spacings of 0.274 nm, 0,193 nm, and 0.133 nm;
i.e. the (001), (Ol1), and (002) planes of the ordered bcc CuBe pre-
cipitate, respectively. The crystallographic orientation relation—

ship between the precipitates and the o~Cu matrix is:

[001]ppt 1 [001]a and (110)pp 1 (100) .

t.

This represents the Bain orientation relationship, which is the same
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1 ia

AGED 7 %
UNIRRADIATED §° .
Cu-3.40t%Be k

Figure VII. 33. Optical micrographs showing heterogeneous

precipitation in unirradiated Cu-3.4 at.% Be aged 26 months

at room temperature and 24 hours at 380°C, then etched in

Fec1%-HC1. Only the dark regions at grain boundaries and
e

scattered throughout the grains contain CuBe precipitates.
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as that reported by Rioja and Laughlin(s) for the equilibrium y—CuBe
precipitate in the Cu-12.6 at% Be alloy, in regions transformed by
the grain boundary reaction. Whether or not the densely clustered
precipitates observed here in the Cu-3.4 atZ Be alloy are precisely
the y-CuBe precipitates cannot be stated, because a detailed TEM
analysis of the precipitate habit planes was not performed. As dis—
cussed in Chapter V, both the Yy and the mature y' precipitates have
the same structure (B2-type, with a = .27 nm) but lie on different
habit planes, and have different crystallographic orientation re—
lationships with the matrixz. ) Note also in micrograph (a) that
adjacent to the precipitation described above, lie subgrains contain—
ing larger plates of discontinuous precipitation. The matrix between
the two—phase regions was completely free of precipitates, as shown
in micrograph (b) in Fig. VII-34, The features seen in this micro-
graph are dislocations about 100-150 nm in length.

When a Cu-3.4 atX Be specimen that had been aged at 380°C and
which contained precipitates, as in Figs. VII-33 and VII-34, was
again aged at 400°C for 24 hours, the two-phase regions grew some-
what, especially at grain boundaries. When the same specimen was
aged at 435°C for 20 hours, most of the two-phase regions disap—
peared. )

Another example of heterogeneous precipitation in aged Cu-3.4
at% Be is shown in Fig. VII-35, This specimen was cut from the Cu=~
3.4 at% Be billet, which had been stored at room temperature for the

L

previous ~ 15 years,(7) and was aged for 100 hours at 380°C. In
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micrograph (a), two-phase nodules have formed along many of the grain
boundaries, and also at various locations within the grains. Both
the grain boundary and intragranular nodules appeared to have identi-
cal structures when examined in the TEM. The nodules are massive
clusters of lathe-shaped precipitates, as shown in Fig. VII-35(b),
and they are surrounded by matrix completely free of precipitation.
Regions containing smaller CuBe platelets, as in Fig. VII-34(a), were
not found in this specimen. Because of their resistance to electro-
polishing, the dense clusters were almost opaque to the electron
beam. A less—dense cluster that yielded an incomplete electron dif-
fraction pattern i1s shown in Fig. VII-36. Precipitate reflections in
the SADP correspond to (100), (110) and (200) planes of the ordered
bece CuBe structure. The crystallographic orientation relation be—
tween the matrix and precipitate was not determined. Nevertheless,
the spatial distribution of the precipitates, and the size of pre-
cipitates, are clearly different in the Cu-3.4 atX Be alloy aged at
380°C, compared to alloy irradiated at a similar temperature.

It is interesting that the morphology of the radiation induced
precipitation in the Cu-3.4 at® Be alloy is similar to the morphology
of continuous precipitation produced by thermal aging of the Cu-12.6
at% Be (2 wt%Z Be) alloy. An example of continuous precipitation in
this alloy, which was solution annealed and quenched from 800°C, then
stored at R.T. for 8 months and aged at 380°C for 100 hours, is shown
in Fig. VII-37. The precipitate platelets are uniformly distributed

throughout the matrix, they range in size to ~ 300 nm, and their
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structure is ordered bcc with a lattice constant of a = 0,27 nm.
Both the continuous and discontinuous precipitation in the 12.6 at%
Be alloy have been well characterized, as discussed in Chapter IV.
The point to be made here is that under irradiation, the Cu-3.4 atZ
Be alloy behaves as if its solute concentration is much higher than

3.4 atz Be.

B. Beryllium Surface—Segregation Measurements

Before the Cu-3.4 at% Be specimens were prepared for electron
microscopy, the depth dependence of the near-surface Be concentration
was measured using Auger electron spectroscopy combined with sputter
etching. The original intent of these measurements was to determine
whether radiatiominduced segregation of solute elements occurs at
point-defect sinks in the Cu-Be alloy. Characterization of
radiationminduced solute segregation at the external surface of the
alloy (which is an unsaturable point defect sink) could provide
insight on the segregation behavior at internal defect sinks, and
thereby aid in the interpretation of phenomena such as radiationm—

induced precipitation.
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Straightforward measurement of the near—surface Be concentration

profiles was complicated by three factors:

(a)

(b)

(e)

Heating the Cu-Be alloy, even in the absence of irradiation,
causes surface segregation of Be. This effect was noted in
previous surface studies of Cu-Be alloys using the Auger
technique.(g’lo)

The principal Auger transition in Be occurs at an energy of 104
eV, which overlaps a secondary Cu Auger transition at 105
eV.(ll)

Be at the alloy surface is easily oxidized. Oxidation, however,
shifts the energy of the Auger transition of Be from 104 eV to
96 eV.(lo’lz) At 96 eV there is no interference from other ele-
ments, so the amplitude of the Auger peak can be directly

measured.

The problem of thermal segregation of Be was accommodated by

profiling the Be concentration at both irradiated and unirradiated

surfaces of each specimen, and using the unirradiated surface as a

reference. Beryllium concentration vs. depth profiles obtained from

the first set of irradiated Cu-Be specimens proved the following:

(a)

(b)

Be enrichment was significantly greater at irradiated surfaces
than at unirradiated surfaces, so Be segregation was enhanced by
ion bombardment.

The absolute quantity of Be near a surface was strongly depend-

ent on the thermal history of the specimens.(13)
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(c) All excess Be near the surface was completely oxidized; hence
the effect of irradiation was to enhance the growth rate of BeO
at the specimen surface. Based on these results, the effects of
irradiation temperature and dose on the Be segregation were
studied systematically, to try to determine the mechanism of the
Be transport.

Typical Auger spectra from an irradiated Cu-3.4 at% Be specimen
are shown in Fig, VII-38. (The instrument settings and the experi-
mental method were described in Chapter VI.) These spectra were
obtained from the center of the 3 mm dia. irradiated area of the
specimen, and were recorded in the usual manner as dN(E)/dE vs. E
(where N(E) is the number of electrons collected at energy E). The
Auger transitions are characterized by the energies of the negative
peaks in the Auger spectrum(ll). The relative amplitudes of the
peaks are related to the relative concentrations of elements within
the first several atomic layers of the specimen surface. Spectrum
"A" in Fig. VII-38 shows that the surface of the irradiated area is
rich in oxygen and Be, and that the Be is fully oxidized, because the
Be peak appears at 96 eV and not at 104 eV, Some of the surface
oxygen 1s not bonded to the Be, but is adsorbed oxygen picked up
during exposure to the atmosphere. This was tested by simultaneously
sputter—etching and recording portions of the Auger spectrum, in
which case the 508 eV oxygen peak immediately decreased to ~ 2/3 of
its initial amplitude while the Be peak decreased only slightly (and

remained at 96 eV). Spectrum "B" in Fig. VII-38, obtained after
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Figure VII1.38. Typical Auger electron spectra from an ion bom-
barded Cu-3.4 at.% Be specimen. (a) At the irradiated surface,
which is enriched in Be. The main Be Auger peak occurs at 96 eV
rather than 104 eV, indicating the Be is fully oxidized. The large
oxygen peak (508 eV) results from the Be0 and from adsorbed oxygen.
The carbon peak results from surface contamination. (b) At a depth
of ~ 100 nm from the original surface, where the Be concentration
has decreased to the bulk concentration. The 105 eV peak labeled
Cu may contain a small contribution from unoxidized Be. Most of
the oxygen present here is from residual 0, within the vacuum
chamber, which has adsorbed on the specimeﬁ surface.
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sputtering to a depth of ~ 100 nmm from the original surface, is
representative of the bulk alloy composition. The spectrum is domi-
nated by the Cu peaks, although small Be and oxygen peaks are still
present. This oxygen peak results solely from residual oxygen picked
up within the vacuum chamber of the instrument, and disappears com-
pletely during simultaneous sputtering.

Alloy composition vs. depth measurements were in most cases ob-
tained from depths within 300 nm from the originai surface. The
relation between this depth interval and the range of the 14 MeV Cu
ions is indicated on the dpa curve in Fig. VII-1.

Shown in Fig. VII-40 are depth profiles of the relative concen-
trations of Be, O, and Cu, in a Cu-3.4 at% Be specimen irradiated at
475°C with 1.8 x 10!6 1ons/cm? (corresponding to a dose of 1 dpa at
the specimen surface). Both the Be and oxygen concentrations within
20 nm of the surface are ~ 8 times greater than their concentrations
at depths beyond 100 nm. These profiles were generated by simultane-
ously sputtering and recording portions of the Auger spectrum, with
the instrument in the multiplex mode. Occasionally, the sputtering
was interrupted and the entire Auger spectrum was recorded, in order
to verify that unoxidized Be was not present. Figure VII-40 shows
that during high temperature irradiation, Be diffuses or is trans—
ported to the surface, accompanied by a build-up of oxygen within the
same region. This observation, together with the shift in the energy
of the Be Auger peak to ~ 56 eV and evidence obtained by electron mi-

croscopy (discussed below), suggest that the Be within the enriched
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zone exists as BeO rather than as free Be. Because the bulk oxygen
content of the Cu-Be alloy was low (approximately 10 ppm), the source
of the excess oxygen must have been the residual oxygen within the
target chamber of the accelerator.

In Fig. VII-40, the relative Be concentration (Xgo) 1s repre-
sented by the relative amplitude of the Be Auger peak. That is,

Xge = Ipe/(Ige + Icy t Ig), where Ip,, Io,» and I, are the measured
amplitudes of the Be, Cu and O peaks, occurring at ~ 96 eV, 920 eV,
and'510 eV, respectively. The elemental concentrations were not cal-
culated using the elemental sensitivity factors of Davis et al.,(ll)
because these factors were found to be inaccurate when applied to
oxidized Be of Cu~Be alloys.

In an attempt to correlate Xpo with the true Be concentration, a
calibration curve (Fig. VII-39) was constructed using measurements of
Xge from pure Be, and from Cu-Be alloys known to contain 3.4, 10,
12,6, and 23 at% Be in the bulk. Each of these specimens was spﬁtter
cleaned within the vacuum chamber, then the surface Be was allowed to
oxidize fully (by introducing oxygen into the chamber) before the 96
eV Be (BeO) peak was measured. The shape of the calibration curve is
interesting, because Xpe Ilncreases linearly with bulk Be concentra-
tion (Cg,) in the range 0 < Cge £ 25%. Unfortunately, Cu-Be alloys
with higher Be concentrations were not available. Nevertheless, the
curve must lie near the region indicated by the dashed line, in order
to intersect the point representing pure, oxidized beryllium. Two

possible explanations for the shape of this curve are:
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(a) the Auger electron yield is enhanced in the dilute Cu-Be alloys

(14) and,

because of backscattering effects;
(b) the surfaces of these alloys become enriched in Be, due to Be

segregation occurring during sputter—cleaning of the sur-

face.(15’16)

In Fig. VII-41, beryllium concentration vs. depth profiles are
compared, for Cu-3.4 at% Be specimens irradiated to relatively high
doses at temperatures of 350, 375, and 475°C. Concentration profiles
from unirradiated areas of each foil are also plotted here. The
irradiation temperature is the dominant variable governing the build-
up of BeO, as suggested by the large difference between the 475°C and
375°C profiles. The effect of irradiation fluence 1s weaker; €ege,
the Be profile of the 375°C specimen irradiated with 1.8 x 1016/cm2
is higher than the 350°C specimen irradiated with twice the fluence.
This result might suggest that high tempergture alone, not irradi-
ation, caused the Be segregation. However, the Be profiles from
unirradiated areas of the specimens were always smaller than those
from the beamspot. This was found to be true whether or not the
control area had been masked (by tantalum sheet) during heating
within the target chamber.

Beryllium concentration profiles from specimens irradiated to
low doses at 375-430°C (Figs. VII~42 and VII-43) illustrate how
rapidly the BeO-enriched layer forms. After an ion fluence of 8.8 x

1014/cm2 (which was accumulated in less than 4 minutes of irradi-

ation), the enriched layer is well established in the 400°C and 430°C
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Figure VII.43. Beryllium concentration vs. depth profiles in
Cu-3.4 at.%Be irradiated at 430°C to relatively low doses (0.13
dpa and 0.06 dpa at the surface).
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Figure VII. 44. The effect of {rradiation dose on the near-surface
Be enrichment of Cu-3.4 at.%Be specimens irradiated at 375-400°C.
Doses ranged from 0.06 dpa to 1.3 dpa at the surface.
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specimens. Doubling the fluence (at constant ion flux) increases the
thickness of the enriched layer by about 40%. This same behavior is
exhibited in Fig. VII-44, where the proflies from Fig. VII-42 are now
compared with profiles from higher dose samples. At 400°C, the
thickness of the BeO—enriched layer, Wp, increases at a rate propor—
tional to Y¢t, where ¢ 1s ion flux and t is time. Since ¢ is ap~
proximately constant in this case, WB « /t.

In studies such as this where sputtering is employed to erode an
alloy surface, preferential sputtering(ls) due to differences in the
sputter yields of the alloying elements can produce apparent element-
al concentration gradients. To illustrate that concentration pro—
files as in Figs. VII-41 to VII-44 are not the result of preferential
sputtering, measurements were made in two annealed Cu-Be alloys whose
surfaces were mechanically polished and electropolished (Fig. VII-
46). The Be concentration profile from the 3.4 at% Be alloy reached
steady—-state after ~ 3 nm had been removed from the surface, while
the 10 at% Be alloy reached steady-state at ~ 15 ﬁm. If anything,
these results show that the surface becomes slightly enriched in Be
as a result of sputtering.

The structure of the near—surface region of one irradiated
specimen was studied by transmission electron microscopy, as shown in
Fig. VII-45. This specimen was bombarded with 1016 ions/cm2 at
430°C, then was backthinned to the irradiated surface. At various
locations along the edge of the perforation in the thinned specimen,

. fragments of a very thin, almost transparent film protruded beyond
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the edges of the specimen. Electron diffraction ring-patterns from
the thin film correspond to the BeO hcp structure with a = 0.27 nm
and ¢ = 0.44 nm, thereby proving that a BeO layer formed on the ir-
radiated surface. In the electron diffraction pattern, no reflec—
tions from the basal planes are observed, suggesting that the BeO
film forms with the hcp basal planes parallel to the surface of the
specimen. An unirradiated region of the specimen was backthinned and
examined in the same manner, but no surface film was observed.

In a final experiment, an attempt was made to detect radiation—
induced Be redistribution within and beyond the damage zone, which
could occur if solute atoms are coupled to the point-defect currents
produced by spatial variations in the displacement damage rate.(17)

A Cu-3.4 at% Be specimen was irradiated at 400°C with 7 x 101
ions/cmz, then the Be concentration was profiled to a depth of ~ 3600
nm. At depths beyond ~ 800 nm, the measurements were performed with
the instrument in the multiplex mode. However, the sputtering was
periodically interrupted and the surface was allowed to oxidize, then
the entire Auger spectrum was recorded to detect any concentrations
of unoxidized Be. The resulting depth profile is shown in Fig. VII-
47. Except for the usual surface segregation, the Be concentration
profile is flat within the remainder of the damage zone, and beyond
the eﬁd of range of the ions. Therefore, while Be atoms may segre-
gate to microscopic sinks such as precipitates and dislocation loops,
there is no measurable long range transport of Be from one depth

interval to another.
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Figure VII. 46. Relative concentration vs. depth profiles of

Be in two different Cu-Be alloys, demonstrating that prefer-

ential sputtering is insignificant. The alloys were solution

annealed and quenched, then polished. The apparent deficiency

of Be at the surface results from surface contamination.
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Figure VII. 47. Profile of the relative Be concentration through

the depth of the entire damage zone in Cu-3.4 at.%Be irradiated at
400°C to 8.4 peak dpa. Surface segregation occurred as usual,
otherwise no net Be redistribution was detected within or beyond
the damage zone. (Note the break in the abscissa at 100 nm.{
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CHAPTER VIII

RESULTS OF IRRADIATIONS OF Cu, Cu-1% Co, AND Cu-l% Fe

In this chapter, the results of irradiation experiments on Cu-l1%
Co and Cu-l% Fe alloys, and on high purity Cu are described. The
irradiation parameters and methods of post-irradiation analysis per—
taining to each specimen are given in Table VIII-1.

A. High Purity Copper

Six high purity Cu specimens were irradiated with 14 MeV Cu ions
at temperatures of 400, 450, and 500°C. Following irradiation, the
specimens were copper electroplated and were thinned in cross section
for TEM analysis. The goal of this experiment was to study void for—
mation in Cu along the path of the incident ions. Because of find-
ings published by Glowinski et al.,(l) showing the importance of gas
content on void formation-in Cu, several specimens in this study were
thoroughly outgaséed before irradiation, while the remaining speci-
mens were irradiated in the "nondegassed” condition. Initially, all
specimens were annealed at 800°C and cooled to room temperature in an
Hy atmosphere, and were saturated with hydrogen. Specimens l-4 were
mounted in the target chamber in this condition, however specimens 5
and 6 were outgassed in the high vacuum furnace (2 hours at 600°C,
1078 torr) before mounting. Because the specimens were irradiated
and heated in the old (linear) specimen holder assembly, they experi-
enced further annealing before irradiation (a minimum of 3 hours at

500°C) and after irradiation.
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During examination in the transmission electron microscope, no
voids were observed in any of the Cu specimens. Although one de-
gassed specimen (T50-00-5) was lost due to poor adhesion of the Cu
plating, there was no significant difference between the remaining
degassed specimen and its nondegassed counterpart. At 500°C and
8 x 1015 ions/cm2 (2 dpa at 1000 mm depth), there was no evidence of
radiation damage within the range of the ions, see Fig. VIII-1(a).

In the figure, the Cu plating interface runs vertically down the left
side of the micrograph, and the entire ion range is shown. At 450°C,
irradiation to fluences of 0.8 and 2.3 x 1016/cm2 produced dislo-
cation tangles and loops in the depth range of ~ 1500 to 2800 nm, but
there was little damage in the depth range of 0-1500 nam.

The microstructure of the nondegassed Cu irradiated at 400°C
with 8 x 1019 ions/cm2 is shown in cross section in Fig. VIII-1(b).
Little damage is evident in the region between the surface and ~ 700
nm depth (0 to 1.7 dpa), but dislocation loops and tangles formed in
the remainder of the damage zone. Close examination, however, re-
vealed no voids in this region. The microstructure of the degassed
specimen irradiated under the same conditions as the nondegassed
specimen is shown in Fig. VIII-2. 1In the full-range view of the
damage zone (left micrograph), a band of damage lies parallel to the
interface, within the depth—interval of ~ 2000-2800 nm (the nominal
dose varies from 4.5 dpa at 1800 nm to 9 dpa at 2300 nm). Between
depths of 100 to 900 nm there are scattered dislocation loops, and

beyond 2800 nm the damage ends abruptly. The enlarged micrograph in
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‘-INTERFACE

[

Figure VIII.1. High purity Cu specimens irradiated with 7.5x10'°

ions/cm? (2 dpa @ 1000nm depth) and thinned in cross section.
(a) Irradiated at 500°C. No damage is evident. (b) Irradiated at

400°C. Front 3/4 of the damage zone is shown here.
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Fig. VIII-2 shows that the damage band consists of dislocation
tangles, and dislocation loops approximately 30 nm in diameter.

B. Cu-lZ Co

The effects of 14 MeV Cu-ion irradiation on the phase stability
of the Cu~l% Co alloy at 400°C and 475°C were surveyed by irradiating
a set of eight specimens (Table VIII-1). The specimens were divided
into two groups with respect to their pre-irradiation heat treatment.
Four of the specimens were solution annealed at 800°C in an H, atmos-
phere, then were quenched into H90. At the irradiation temperatures
of 400°C and 475°C, these specimens were highly supersaturated solid
solutions. The remaining specimens were similarly solution annealed
and quenched, then were aged in the UHV furnace at 575°C for 48 hours
to produce a uniform distribution of Co precipitates. As with the
high purity Cu specimens, all Cu—Co specimens were irradiated in the
linear specimen holder and were subjected to some pre-irradiation and
post—irradiation heating. Specific goals of this experiment were to
determine:

(a) thether irradiation enhanced the decomposition of the super—
saturated solid solution;

(b) whether the size, distribution, or structure of the Co precipi-
tates were altered by irradiation; and,

(¢) whether radiation—induced solute segregation occurred near the
irradiated surface of the specimen.

The precipitates that were produced during aging of the Cu-17% Co

alloy at 575°C were typical of those observed in previous aging
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experiments on dilute Cu-Co alloys(2-7); i.e. spherical, coherent
precipitates which nucleate homogeneously throughout the matrix.(7)
According to the equilibrium phase diagram of the Cu—~Co system(s),
the composition of the precipitate is 90% Co and 10% Cu. In the
transmission electron microscope, the strain contrast of the spheri-
cal coherent precipitate produces an elliptical image, split by a
line of no contrast that is perpendicular to the reciprocal lattice
vector of the diffracting planes(z) (see Fig. VIII-6(c)). The true
diameter of the particle is approximately equal to the dimension of
the minor axis of the elliptical image.(4) The mean diameter of the
particles in the aged Cu~1Z% Co used in this experiment was ~ 22 nm,
and ghe particle number density was ~ ldlslcm3, ylelding a precipi-
tate volume fraction of about 0.0056,

Transmission electron micrographs of Cu-1Z Co specimens irradi-
ated in the as—quenched condition.are shown in Figs. VIII-3, VIII-4,
and VIII-5. There was a significant difference between specimens
irradiated at the same temperature but at different doses. Irradi-
ation at 475°C to a dose of 5 dpa produced scattered line dislo-
cations and dislocation loops as well as a high density of small
blackspots, as shown in Fig. VIII-3(a) and (b). An enlarged dark
field micrograph of these spots, or particles, is shown in Fig. VIII-
4. Most of the spots are smaller than 8 nm, so their structure
cannot be resolved. No extra reflections were observed on electron
diffraction patterns from the specimen, indicating that the crystal

structure (if any) of these featrues is the same as that of the
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Cu-1% Co Solution Treated and Quenched

a)lrradiated to

5 dpa at 475°C

b)As above, dark field

using matrix reflection

c)Non-irradiated
(bright field)

Figure VIII.3.
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Figure VIII.4. Cu-1%Co solution annealed and quenched, then irrad-
jated at 475°C to 5 dpa. Dark field image using (002) matrix reflec-

tion.

INTERFACE

500 nm
[ A |

Figure VIII. 5., Cu-1%Co alloy irradiated at 400°C with 3.2x]0]5
ions/cml, thinned in cross section. The alloy was solution an-
nealed and quenched prior to irradiation.
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matrix. Close examination of the largest spots in Fig. VIII-4 re-
veals a line of no contrast through the center of the images, indi-
cating they are small coherent spherical precipitates, or dislocation
loops, that formed during irradiation. Blackspot images of this type
were not observed in unirradiated regions of this same specimen (Fig.
VIII-3(c)), therefore the spots are not due solely to thermal aging.
The microstructure of the specimen irradiated at 400°C and 5 dpa was
very similar to that of the 475°C specimen. No radiation-induced
voids were observed in either of these specimens.

In the as—-quenched specimens irradiated at 475°C and 400°C, but
to a dose of only 0.9 dpa at 1000 nm, no blackspot damage was ob-
servede. The 475°C specimen (backthinned) contained scattered dislo-
cation loops and line dislocations, but no other radiation effects.
The 400°C specimen was thinned in cross section after irradiation and
is shown in Fig. VIII-5, (100 nm was removed from the surface before
electropolishing.) The damage structure of this specimen is similar
to that of high purity Cu irradiated at 400°C. In the depth interval
of 100 ~ 900 nm, where the dose ranges from 0.3 to 0.8 dpa, there are
no defects except scattered line dislocations. At depths between 900
~ 2000 nm (0.8-2.8 dpa) the line dislocation density increases to
approximately 3 x 109/cm2. The highest density of defects lies in
the depth range of 2000 ~ 2900 nm, and consists of dislocation loops
and line dislocations tangles at a density of about 4 x 1010/cm2. No
voids or blackspots are found within this region, which received a

maximum dose of about 4 dpa. A comparison can be made between the
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depth of the observed damage peak in this specimen, and the depth of
the calculated damage peak (Fig. VII-1). If the observed damage peak
is assumed to lie at the center of the dislocation band (at ~ 2500
nm) in Fig. VIII-5, then the depth of the observed damage peak is
slightly greater (~ 9%) than the depth of‘the calculated damage peak.

TEM micrographs of aged Cu-l1lZ%Z Co specimens irradiated at 400°C
and 475°C, and backthinned to a depth of about 1000 nm (5 dpa), are
shown in Figs. VIII-6 and VIII-7. Also presented in each figure is a
micrograph of a typical unirradiated region from each specimen. The
principal effect of irradiation was to transform most of the coherent
precipitates to semi—coherent or incoherent structures. Dislocations
produced by irradiation are entwined with the precipitates. No voids
or prismatic dislocation loops are present. Examination of Fig.
VIII-7(a) shows that after irradiation, most of the precipitate
images contain several parallel lines of no contrast. This change in
the strain contrast of the precipitate has been associated with a
loss of coherency between the precipitate and matrix planes, due to
the formation of dislocations at the precipitate/matrix inter—
fape.(z’s) The only difference between specimens irradiated at 400°C
and 475°C was a higher dislocation density in the 400°C specimens.
Irradiation did not significantly alter the precipitate size distri-
bution or number density. Note that most of the small dark spots
(10-20 nm in diameter) present in the micrograph of the 475°C speci-
men are surface defects or contamination resulting from electro-

polishing, and are not radiation effects. Unlike the blackspot
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Cu-1%Co Aged at 575°C for 48 Hrs.

a)irradiated to 5
dpa at 475°C

, b)As above, dark field
using matrix reflection

3 c)Non-irradiated
(bright field )

Figure VIII.6.
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Cu-1% Co Aged at 575°C for 48 Hrs.

a) Irradiated
to 5 dpa
at 400°C

b) Non-irradiated

Figure VIII.7.
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damage in the irradiated, as—quenched specimens, most of these spots
do not exhibit diffraction contrast.

A full-range cross sectional view of the damage zone of aged Cu~
1% Co, irradiated at 400°C with 3.2 x 10!° ions/cmz, is shown in Fig.
VIII-8. Enlarged micrographs detailing the microstructure at 4
different depths within and beyond the damage zone are shown below
the full range micrograph. Precipitates have lost coherency even in
the low dose region (~ 0.2 dpa) near the plating/alloy interface.
Between depths of about 900 ~ 2800 nm, dislocation loops are associ-
ated with many of the incoherent precipitates. An interesting obser—
vation in this specimen is that precipitates in the depth range of
~ 3400-4300 nm have also lost coherency, even though the region is
well beyond the calculated end-of-range of the incident ions (which
occurs at ~ 3000 nm). Beyond a depth of about 4400 nm, all particles
are coherent, as shown in the lower right micrograph of Fig. VIII-8.

The solute concentration near the irradiated surface of three
Cu-1% Co specimens was profiled using Auger electron spectroscopy
combined with sputter etching (as in section VII.B) to determine
whether surface segregation of the Co solute occurred during {irradi-
ation. The results of measurements in low dose specimens irradiated
at 400°C and 475°C, and in a high dose 475°C specimen, are shown in
Fig, VIII-9. Data were obtained by recording the Auger spectrum with
the sputter—ion beam off. In each profile, the relative Co concen-
tration is represented by the ratio of the amplitudes of the 656 eV

Co Auger peak to the 920 eV Cu peak. Larger Co peaks at 716 eV and
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Figure 9. Relative concentration vs. depth profiles of Co in Cu-1% Co
jrradiated at 475°C (1.2 and .25 surface dpa) and 400°C (0.25 surface

dpa), generated from AES data.
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775 eV could not be used because of interference with Cu peaks near
these energies. There was considerable measurement uncertainty
(#30%), because the low Co concentration yielded a poor signal-to—
noise ratio. Fig. VIII-9 shows, however, that no measurable
radiationinduced Co segregation occured in these specimens.

C. Cu-l z Fe

The design of this experiment was similar to the design of the
Cu=Co irradiation experiment. Specimens were irradiated at 350°C to
500°C to a fluence of 1.1 x 1016/cn? (see Table VIII-1). Two of the
specimens were irradiated in the solution annealed and quenched
condition. Two specimens were solution treated, then were aged by
slow cooling within the furnace to 600°C, followed by quenching.
These specimens contained two types of continuous precipitation:
blocky, incoherent Fe particles, ~ 160 nm in size, at a density of
~ 2 x 1012/cm3; and, spherical, coherent Fe precipitates ~ 20 mm in
diameter, at a density of 6 x 1014/cm3. The remaining four specimens
were solution annealed, quenched, and aged (72 hours at 600°C and 20
hours at 680°C) to produce a uniform distribution of coherent spheri-
cal Fe precipitates ~ 33 nm in diameter, at a density of 2 x
1014/cm3. Grain boundary precipitates also formed in the aged
specimens.

Examples of the irradiated microstructure of Cu-1% Fe specimens
are shown in Figs. VIII-10, VIII-ll, and VIII-12, The damage
structure in the Cu~Fe is similar to that in the Cu-Co alloy. In one

Cu-Fe specimen, however, radiation induced voids were observed. This
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Cu-1%Fe Alloy

Figure VIIT.10. (a) and (b?:Cu—]%Fe alloy solution annealed, then

irradiated at 400°C with 1016ions/cm?2. Voids approximately 30 nm
in diameter are produced by irradiation. Larger holes ~ 120 nm in
diameter (labeled "P"), seen also in unirradiated foil (c), are
from Fe precipitates that have electropolished from the foil.
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Cu-1%Fe ALLOY

A

- : d
T ?’f‘af‘ 022

Figure VIII.11. (a) Incoherent precipitates in Cu-1%Fe alloy irrad-
iated at 450°C to a dose of 3 dpa. (b) An unirradiated region from
same specimen, where the precipitates remain coherent. Specimen was
aged before irradiation to produce spherical coherent precipitates.

an
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specimen, shown in Fig. VIII-10, was irradiated at 400°C in the as-
quenched condition, and was backthinned such that the dose in the
region examined by TEM was 3 dpa. The mean void size was 30 nmm, at a
density of 4 x 1013/cm3, corresponding to a swelling of 0.06%. 1In
micrographs (b) and (c) of the same figure, several large holes

(~ 140 nm) are seen in both the irradiated and unirradiated speci-
mens, which were left by incoherent Fe precipitates that fell from
the thin foil during electropolishing. Because small Fe precipitates
also tended to fall or dissolve out of thin foil, stereographic
analysis was performed on this specimen to assure that the small
holes were radiatiominduced voids, and not surface holes left by
fallen precipitates. The analysis showed that the voids are distri-
buted throughout the foil volume, and therefore are an effect of
irradiation.

Figure VIII-1l compares the irradiated and unirradiated micro-
structures of aged Cu-~l%Z Fe that was backthinned to 1000 nm. The
irradiation temperature was 450°C. Precipitates in thé irradiated
foil have lost coherency, and are often looped or intercomnnected by
dislocations. The number density and size of the precipitates were
not measurably altered by irradiation. An aged Cu-l% Fe specimen
irradiated at 350°C and thinned in cross section is shown in Fig.
VIII-12. The variation of the microstructure with depth in this
specimen is very similar to that in the Cu~Co specimen shown in Fig.
VIII-8. All precipitates within the ion-range, as well as precipi-

tates located up to 500 mm beyond the calculated end of range have
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lost coherency. Line dislocations and loops ranging in size to 100
mm have formed throughout the damage zone. At depths of 1800 ~ 2800
nm (6 dpa to 12 dpa maximum) the foil is filled with dark spots
smaller than 8 nm, whose structure cannot be resolved. These spots
are seen more easily in the enlarged micrograph from the peak-damage
region in the same figure. Whether these spots are defect clusters
or tiny Fe precipitates could not be determined. Void formation was
not observed in any of the aged Cu-1% Fe specimens.

Alloy composition vs. depth profiles near the irradiated surface
of several Cu~l% Fe samples were measured using AES combined with
sputtering (Figs. VIII-13 and VIII-14), The relative Fe concen—
tration is represented by the ratio of the amplitudes of the Fe—651
eV/Cu~920 eV Auger peaks. As with the Cu-Co samples, there was a
large measurement uncertainty due to the poor signal—to-ﬁoise ratio.
In specimens irradiated at 350°C and 400°C (Fig. VIII-13), no measur—
able segregation of the Fe solute is evident. However, in a specimen
irradiated at 450°C (#T-56-00-3), the apparent Fe concentration is
depleted near the irradiated surface. Measurements in both of the
500°C specimens (Fig. VIII-14) exhibit the same behavior. However,
in unirradiated areas of these specimens the Fe concentration is also
depleted within ~ 100 nm of the surface, so the Fe depletion cannot
be attributed to irradiation. A possible cause of the Fe depletion
is preferential sputtering of Cu atoms, resulting in an apparent
enrichment of Fe with deptP. Alternatively, the near—surface region

may have become enriched in Cu and depleted of Fe during heating in
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the target chamber. Thermodynamic calculations have predicted, for
example, that the free surface of a Fe—Cu solid solution should be

enriched in Cu and depleted of Fe.(9)
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Figure VIII.14. Relative concentration vs. depth profiles of Fe in
the Cu-1% Fe alloy irradiated at 500°C, to a dose of 1 dpa at the

surface.
an as-quenched specimen.
faces of an aged specimen.

(a) Concentration profile near the irradiated surface of
(b) Near irradiated and unirradiated sur-
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CHAPTER IX

DISCUSSION AND INTERPRETATION OF RESULTS

A. Precipitation in the Cu—-3.4 at%Z Be Alloy

In Chapter VII, the dependence of the CuBe precipitate morpholo—
gy on the irradiation temperature, cumulative displacement damage
level, displacement rate, and depth into the damage zone of the
Cu-3.4 at% Be specimens were described. Qualitative comparison of
the results of the irradiation experiments and the thermal-aging
experiments demonstrated that under heavy—ion irradiation, the pre-
cipitation kinetics were greatly enhanced, and the precipitate
morphology was quite different compared to that produced by thermal
aging. Among the many previous investigations of alloy phase sta—
bility under irradiation (for example, Refs. 1-3), relatively few
studies have systematically characterized the precipitate morphology
as a function of irradiation parameters. However, a number of
studies have dealt with radiation—induced precipitation(4-9) or

(12-26)

segregation of undersize solute elements. In several of these

studies(4~11)

» radiation-induced precipitation in undersaturated
solid solutions has been investigated. In this section, discussion
of the data presented in Chapter VII will center on: a) determi-
nation of the mechanism(s) responsible for the radiatiominduced
nucleation and growth of the CuBe precipitates; b) interpretation of
the nucleation and growth characteristics in terms of theory; and

c) comparison of these characteristics with the results of previous

studies. To aid in this discussion, the principal results of the
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irradiation experiments on the Cu~3.4 at% Be alloy are summarized

below:

(a) During irradiation at 300-400°C, the supersaturated Cu-3.4 at%
Be solid solution decomposed into a mixture of %Cy solid solu-
tion and continuously distributed CuBe precipitate platelets,
even at very low damage doses (~ 0.1 dpa).

"(b) The continuous CuBe precipitation was irradiatiomstable but not
thermally—stable. Post—-irradiation annealing of several speci-

mens at a temperature within the two-phase region on the Cu-Be

equilibrium phase diagram (400°C), caused dissolution of the
continuous, radiatiominduced precipitation. However, some dis-
continuous clusters containing large CuBe platelets were ob-
served in these specimens after the anneal.

(¢) Precipitation in the supersaturated Cu-3.4 at% Be solid solution
was very sluggish during thermal aging at 300-400°C, in the ab-
sence of irradiation. However, prolonged thermal aging produced
discontinuous precipitation of large CuBe platelets, at grain
boundaries and in clusters within the grains. The matrix be-
tween these clusters was completely free of precipitates.

(d) Irradiation of the Qndersaturated Cu-3.4 atZ Be solid solution
at temperatures above ~ 420°C also produced continuous CuBe pre-
cipitation, although the damage dose required to nucleate pre-
cipitates increased with temperature. No precipitates formed at

525°C even at high dose.
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In general, the structure of the radiation—~induced CuBe precipi-
tates was the same (ordered bcc, with aj = 0.27nm) as the
structure of the equilibrium y or the mature y' precipitate(27),
which form during thermal aging of concentrated Cu-Be alloys
(e.g., Cu-13 at%Z Be). The habit plane and spatial distribution
of the radiation—~induced precipitates were also similar to that
of the y' precipitates found in the more-concentrated Cu=Be
alloys.
The size (maximum radial dimension, and thickness) of the pre-
cipitate platelets increased with irradiation temperature (in
the range of 300-475°C), while the precipitate number density
decreased exponentially with temperature.
The precipitate size and number density depended on damage dose
and dose-rate as follows: At 350°C and presumably at 300°C, the
precipitate distribution coarsened with increasing dose. At
higher temperatures, preciptiate size and volume fraction in-
creased with dose. Irradiation at a higher displacement rate
produced a finer precipitate-size distribution.
The precipitate-size distributions were skewed, with a tail
toward larger particle sizes.
In cross sectioned specimens, within the depth range of 500 ~
2700 nm, the depth dependence of mean precipitate size and num-
ber density was rather mild, considering that damage dose and

dose-rate varied by a factor of ~ 6 within this region. Near
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the surface and the end-of-range, a coarser precipitate size
distribution existed.

(3J) Substantial Be enrichment was detected near the irradiated
surface of each specimen, relative to unirradiated surfaces.
The Be enrichment increased strongly with irradiation tempera-
ture and increased weakly with damage dose (or irradiation
time). This near—surface Be was oxidized, and in fact a BeO
film existed on the irradiated surface. At internal sinks,
there was no evidence of Be segregation at grain boundaries, nor
was there evidence that Be was transported out of the peak
damage region, which might be expected according to solute
segregation theory.

A.1 Precipitate Nucleation and Growth

The data presented in Chapter VII does not reveal with certainty
the mechanism responsible for the nucleation and growth of the CuBe
precipitates during irradiation of the Cu-3.4 at” Be alloy. However,
we can speculate on the precipitation mechanism by considering
current theory, and by comparing the results of this experiment with
the results of previous experiments. In view of points (a)-(d) pro-
vided in the above summary, the precipitation mechanism must account
for the (spatially) continuous nucleation of the CuBe platelets and
for their subsequent growth, in both the supersaturated and under—
saturated solid solutions. Because of the nonequilibrium nature of
the continuous precipitation, the decomposition of the solid solution

during irradiation must have been radiation~induced rather than just
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radiation—enhanced. If the precipitation kinetics had only been ac-
celerated by irradiation (through an enhanced diffusion mechanism),
then an equilibrium precipitate morphology should have formed, and
(28)

the undersaturated solid solution would not have decomposed.

A.l.a. Precipitate Nucleation

Nucleation Rate

Some characteristics of the precipitate nucleation rate, as a
function of temperature, time (dose), and displacement rate, can be
extracted from the data presented in sections VII-1 and VII-2. The
plot of precipitate number density vs. displacement damage at 400-
430°C in Fig. VII-20 shows that the precipitate density did not in-
crease after a displacement damage level of 0.25 dpa was attained.
In fact, examination of Fig. VII-17 indicates that the precipitate
number density saturated at a damage dose less than 0.15 dpa. At
temperatures below 400°C, there is less data on the dose dependence
of the precipitate number density. However, Figs. VII-13, VII-15,
and VII-20 suggest that at temperatures below 400°C, the precipitate
number density did reach a maximum at doses much less than 1 dpa,
then the density decreased due to coarsening.

The precipitate number density at the end of the nucleatioﬁ

stage, Np, represents the time integral of the nucleation rate, i.e.

N = [ J(t) dt (9.1)
Pt
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where J(t) is the time dependent nucleation rate at a fixed tempera-
ture and dpa rate. Therefore, at irradiation temperatures < 430°c,
and at a dose rate of about 1073 dpa/sec, it appears that the pre-
cipitate nucleation stage commenced soon after the startup of irradi-
ation, then ceased before a damage level of ~ 0.2 dpa had been at-
tained. Further irradiation produced growth of the precipitates,
although coarsening of the precipitation occurred at the lower
temperatures. At 475°C, precipitate nucleation apparently required
an incubation dose of several dpa. However, there was not much
difference between the precipitate densities of specimens irradiated
with fluences of 1.8E16/cm® and 2.8E16/cm2, hence the duration of the
nucleation stage in these samples must have been brief also. With
regard to temperature and dose rate effects, Fig. VII-9 shows that
the integrated nucleation rate decreased exponentially with irradi-
ation temperature, while Fig. VII-22 shows that the nucleation rate
increased somewhat with dpa rate.

Although several mechanisms have been postulated in the litera-
ture that can generally account for radiation-induced precipitation
(see below), there is no detailed theory that can be applied quanti-
tatively to precipitate nucleation in the Cu-Be alloy. Nevertheless,
the dependence of the CuBe precipitate nucleation rate on irradiation
teﬁperatures, dose, and dose rate can be explained qualitatively
using the principles of classical nucleation theory(35’36), and using
ideas from the theory of the nucleation of defect clusters under ir—

radiation (see Chapter II). In addition, Russell et al. 37-39) pave
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developed a theory of vacancy—-assisted precipitate nucleation under
irradiation, which applies mainly to the formation of incoherent pre-
cipitages having a positive misfit with the matrix (see section III-
B), but which supplies ideas that are generally applicable. From
these theories, the radiatiominduced precipitate nucleation rate is
expected to depend strongly on the concentration or supersaturation
of solute atoms and radiation—induced point defects. Therefore, the
cessation of nucleation at low dose levels can be explained by the
decrease in the solute concentration and in the reducton of the
point—-defect supersaturation that occurred after precipitates formed.
The defect supersaturation decreased because the precipitate/matrix
interfaces acted as traps for migrating point-defects. The nucle-
ation rate increased with decreasing temperature (provided the solute
remained mobile) because the solute supersaturation increased.
Finally, the nucleation rate increased with displacement rate, G,
because both the point-defect supersaturation and the flux of defects
to sinks increased as G increased.

Nucleation Mechanisms

Both the solute-drag model of Okamoto, Wiedersich, and their co—

(29-31)

workers » and the homogeneous precipitation model proposed by

Cauvin and Martin(lo)

provide mechanisms that could explain radi-
ation—induced precipitation in the Cu-3.4 atZ% Be alloy. The former
model has been more extensively developed than the latter, and was

described in some detail in section III.A.2. Specifically, the

solute-drag model of Okamoto et al., assumes that undersize solute
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atoms interact preferentially with self-interstitial atoms, and
undergo long-range migration by forming <100> mixed dumbbells with
interstitial atoms.(30) The undersize solute atoms therefore migrate
with the interstitial flux and are deposited at defect sinks such as
dislocation loops, free surfaces, or grain boundaries. When the
local solute concentration surpasses the equilibrium solubility limit
in an undersaturated solution, precipitates nucleate heterogeneously
at ﬁhe sinks. Precipitate growth is supported by the continuing
transport of solute to the sinks. Like the above model, the Cauvim
Martin(lo) model also assumes the solute is coupled to the defect
flux, however defect~sinks need not be present for precipitates to
nucleate. Instead, homogeneous precipitation can occur via a
spinodal-like decomposition, as explained in section III.A.2,

Previously, radiation-induced precipitation similar in morpholo-
g8y to that observed in this study has been reported in the following
binary solid solutions containing an undersize solute: 1) HVEM ir-
radiated, undersaturated and supersaturated Cu-Be [Kinoshita and
Mitchell(s’g)]; 2) Nit 1on irradiated, undersaturated Ni-Be [Okamoto
et al.(4’31)]; 3) HVEM, ion, and neutron irradiated undersaturated
Ni-Si [Barbu, Silvestre and co—workers(5-7)]; and, 4) HVEM irradi-
ated, undersaturated A1-1.9% Zn [Cauvin and Martin(lo)].

In the Al-Zn alloy irradiated under various conditions, both
interstitial loops and Zn precipitates were observed to form under
irradiation. However, the precipitates were clearly not associated

with the loops, therefore the authors proposed the homogeneous
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precipitation model. In the Ni-Be solid solutions, there was in-
direct evidence that the NiBe precipitates were associated with Frank
loops, thus, the precipitation was attributed to solute segregation
to the loops. In the Ni-Si alloys, however, there was direct evi-
dence that y' (Ni3Si) precipitates nucleated on interstitial loops
during irradiation of undersaturéted solid solutions. In particular,
the y' formed in the loop interior, near the dislocation line. Barbu
and Ardell(s) postulated that the interstitial loops formed as usual,
then became enriched in Si due to the solute segregation mechanism.
It is energetically favorable for the undersize Si to preferentially
populate the compressive side (interior) of the loops.

In Cu-Be alloys, there is evidence from previous experiments
that the Be solute interacts strongly with interstitial defects, and
that Be interstitials segregate to point-defect sinks. First,
Blewitt(32) and Dworschak et al.(33) have shown that the Be solute in
copper significantly affects the low temperature annealing kinetics.
For instance, interstitials are trapped up through Stage III anneal-
ing. Secondly, Lensa, Bartels, and coworkers(12’13) detected a de-
crease in the bulk solute concentration in very dilute Cu-Be alloys
following irradiation with 3 MeV electroms at 7-137°C. They attri-
buted this decrease to the segregation of Be interstitials at defect
sinks, and their analysis indicated that the mechanism of segregation
was the diffusion of tightly bound mixed-dumbbell, solute-inter—
stitial complexes. The strong interaction of Be solute atoms with

substitutional interstitial atoms 1s due to the small size of the Be
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atom relative to the copper matrix (the volumetric misfit is -27%).
According to the theory of Okamoto and Wiedersich(zg), Be solute
atoms are therefore expected to segregate to defect sinks during
irradiation.

In the present study it could not be directly determined whether
the radiation—-induced CuBe precipitates had evolved from defect sinks
(e.g., defect clusters of interstitial loops), or whether they nucle-
ated homogeneously in the matrix. Many of the precipitate platelets
have the superficial appearance of Frank loops, but even in the very
low dose specimens (~ 0.1 dpa, see Fig. VII-16) irradiated at 400°C
and 430°C, the entire platelets could be imaged in dark field with
CuBe superlattice reflections. This fact does not eliminate the
possibility of heterogenous CuBe nucleation on loops, since Rehn et
al.(zo) have shown that pronounced solute segregation to a surface
(in Ni-Si) can occur even at a dose of ~ 0.05 dpa. Also, in the.TEM
diffraction patterns of many Cu~3.4 at%? Be samples, streaking of
matrix spots was observed, which may indicate the presence of faulted
Frank loops(34).

However, there 1s some reason to believe that the precipitates
nucleated homogeneously in the matrix. First, Kinoshita and
Mitchell(s’g) reported that CuBe precipitates appeared to have nucle-
ated homogeneously during irradiation of Cu—~Be solid solutions in a
high voltage electron microscope. They observed that early in the
irradiation, existing dislocations were preferred sites for precipi-

tate nucleation. Later, however, precipitates began to form in the
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matrix, which were not associated with defect sinks. Secondly, in
the present study, CuBe precipitates were present with a number
density greater than 1014/cm3, after irradiation to a dose of less
than 0.2 dpa at temperatures of 400-430°C (see Fig. VII-20). If
these precipitates nucleated heterogeneously on defect sinks such as
dislocation loops, then a sink density of ~ 1014/cm3 was required.
However, examination of the microstructure of the high purity Cu
specimens and the Cu—-Co and Cu-Fe solid-solutions, irradiated at

~ 400°C and thinned in cross section (discussed later in this
chapter) indicated that the density of visible sinks was much less
than 1014/cm3 even after irradiation to a dose of 1 dpa. In compari-
son, it is doubtful that such a high density of uniformily distri-
buted interstitial dislocation loops had formed in the Cu-Be alloy
after a dose of only ~ 0.2 dpa. This argument, along with the obser-
vations of Kinoshita and Mitchell, favors the conclusion that the
CuBe precipitates either nucleated homogeneously in the matrix, or
else nucleated on very small, invisible defect clusters.

In a final comment regarding the nucleation of CuBe precipi-
tates, there was evidence that individual precipitates acted as
nucleation sites for additional precipitate platelets. This would
reduce the initial number of sites required for heterogeneous nucle-
#tion; The first piece of evidence is that at irradiation tempef—
atures lower than 400°C (see Section VII-A-1), close examination
showed that the precipitate platelets formed in clusters of 2 or 3,

with each platelet
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on a different variant of the habit plane. Secondly, Kinoshita and
Mitchell reported that the CuBe platelets wére clustered into pyra-
mid-like shapes, with an {001} base and {112}/{113} sides. Thirdly,
in Section VII.A.5 it was shown that the precipitates formed in very
large clusters during prolonged thermal aging. This behavior may be
explained by a reduction in AG* (the activation free energy for
nucleation of precipitates) when an existing precipitate platelet
acts as a nucleation site for a new precipitate. The reduction in
AG* may be due to a decrease in the surface energy or in the volume

strain energy(35’36)

when the nucleation site is an existing pre-
cipitate.

A.l.b. Precipitate Growth

In speculating upon the mechanism responsible for growth of the
CuBe precipitates during irradiation, it should be noted that several
factors governed the precipitation process during irradiation. One
way of viewing radiation—induced precipitation is to assume that even
though irradiation perturbs the cpnditions set forth by eduilibrium

thermodynamics(so)

» the basic precipitation process and the observed
precipitate characteristics are still, to a large extent, defined by
the equilibrium phase diagram of the alloy system. In other words,
the physical properties of the alloy are not fundamentally changed by
irradiation. Using this framework, one major factor that governed
the precipitation process (e.g., the temperature dependence of pre-

cipitation) was the inherent solubility of beryllium in copper, as

defined by the equilibrium phase diagram (Fig. IV-1). A second
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factor was the radiatiom~induced mechanism that caused Be atoms to
precipitate out of solution. A third factor was related to the non-
equilibrium nature of the radiatiominduced precipitate morphology;
i.e., the instability of the continuous precipitation during thermal
aging (at 400°C) in the absence of irradiation proved there was a
natural driving force for dissolution of the continuous precipi-
tation. Therefore, this driving force competed against the growth
mechansim during irradiation. Finally, there is some evidence that a
radiation—induced precipitate-dissolution mechanism also competed
against precipitate growth, as discussed later in this section. Be-
cause the observed characteristics of the CuBe precipitation were the
result of the simultaneous operation of several mechanisms, it is
difficult to correlate the data with theory, except in a qualitative
manner. Nevertheless, the main point of this section is to argue
that the most likely mechanism of precipitate growth during irradi-
ation was the solute-drag mechanism.

Because of the nomequilibrium nature of the precipitate mor—
phology, the continued growth of the CuBe platelets during irradi-
ation required a radiatiominduced rather than a radiatiomenhanced
mechanism. Radiation—enhancement of normal diffusion mechanisms
probably contributed to precipitate growth by increasing the solute
mobility. However, enhanced diffusion alone could not'produce the
non—equilibrium precipitate morphology observed in the irradiated
specimens. There are only two theories in the literature of radi-

ation effects that could explain the growth of the nomequilibrium
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precipitates: one theory is due to Russellet al.(37°39) (discussed
in section III.B), while the other is the solute~drag concept of
Okamoto et al.(29’31) As mentioned earlier, Russell's theory applies
mainly to incoherent precipitates, which are unbiased point-defect
sinks. His theory predicts that precipitates with a positive misfit
(where the precipitate lattice parameter is larger than that of the
matrix) will grow during irradiation, while precipitates with a nega-
tive misfit will dissolve. It is not clear how applicable Russell's
theory is to the y or y' CuBe precipitates, first because these pre-
cipitates aré semi-coherent with the matrix, and secondly because
these precipitates have both negative and positive misfits, depending
on the crystallographic plane that is considered. Overall, the Yy or
v' CuBe précipitates are undersize with respect to the matrix,
because the average volume occupied by a precipitate atom is
9.8 x 10724 cn/atom compared with 1.18 x 10723 cn3/atom for the a
matrix. Due to the crystallographic orientation of the y or y' pre-
cipitate with respect to the matrix planes, however, the lattice mis-
fit is negative around thg periphery of the precipitate platelets,
and the misfit is positive on the habit plane faces. Hence, it is
unlikely that the vacancy-assisted nucleation mechanism was responsi-
ble for growth of the CuBe precipitates.

On the other hand, the solute~drag concept could explain the
radiation~induced growth of the CuBe precipitates. First, the.inter-
face between the undersize precipitate and the matrix serves as a

sink for‘migrating interstitials, so the interface would become
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enriched in Be solute atoms transported by the interstitial flux.
Secondly, the temperature range of the CuBe precipitation is con-
sistent with the temperature range over which the solute-drag mecha—
nism has been predicted or observed to operate. Calculations by
Johnson and Lam(ao) have indicated that segregation occurs in the
approximate range of temperature 0.2 T < T < 0.6 T (0°C to 540°C
for Cu~base alloys) and that the temperature dependence of segre-
gation is similar to that of void swelling. The results of recent
experiments (measﬁrements of surface segregation in Ni-Si alloys, by
Rehn et al.(ls)) have generally agreed with these calculations,
although the temperature range over which segregation occurred was
narrower than predicted. Rehn et al. also found that the greatest
amount of solute segregation occurred at about one~half the melting
point of the alloy (1/2 Tp).

In the present study, it was found that the fraction of Be
solute that precipitated out of solution under near-steady—state
conditions was greatest in the temperature range of ~ 390°C to 430°C,
which is ~ 1/2 T for the Cu-3.4 at% Be alloy. This is consistent
with the reported temperature dependence of the solute~drag mecha-
nism, and provides evidence that this mechanism was responsible for
the precipitation. In Fig. IX-1, the approximate atom fraction of Be
remaining in solution (the unprecipitated solute) is plotted as a
function of irradiation temperature, for Cu-3.4 at%Z Be alloy irradi-
ated to a dose of ~ 5 dpa at a displacement rate of 7 x 1074 to

1.3 x 1073 dpa/sec. The atom fractions of Be in solution, fge’ is
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Figure IX.1. The dashed curve shows the temperature depen-
dence of the atomic fraction of beryllium remaining in solution
in the Cy-3.4 at% Be alloy,after irradiation to a dose of~5 dpa
@ ~ 10-3 dpa/sec. The microstructure had evolved to near
steady-state under these irradiation conditions, as further ir-
radiation did not significantly change the unprecipitated frac-
tion of Be solute. For comparison, the solid curve shows the
atomic fraction of Be in solution at equilibrium, as calculated
from the Cu-Be equilibrium phase diagram. At equilibrium, all
Be is in solution at temperatures above about 420°C.
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given by:

a _ - ¢P
fBe 0.034 fBe (9.2)
where fge is the atom fraction of Be that had precipitated out of
solution, and the constant "0.034" is the overall atom fraction of Be
in the alloy. The atom fraction of Be contained in the precipitates
was calculated from the measured precipitate characteristics (Chapter

VII), as is given by:
fP =¥ Nn /2n (9.3)
Be PPP a
where

7 - tpREZ . (9.4)
In these equations, Np is the measured precipitate number density
(see Fig. VIII-9), n, is the atomic density of the CuBe precipitate,
which is calculated as 1.02 x 1023/cm3 (assuming the precipitate has
the B2-type structure with a, = 0.27 nm), and n, is the overall
atomic density of the alloy (~ 8.5 x 1022/cu3). The factor 2 in the
denominator arises because Be atoms constitute one~half of the CuBe
unit cell. Also, Vp is the mean volume of a precipitate, tp is the
measured mean precipitate thickness, and d 1is the mean of the maximum

precipitate dimension (see Fig. VII-8). Finally, R is the mean
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aspect ratio of the precipitate piatelets, such that (Rd) d is the
mean area of the habit—plane face of a precipitate (the precipitates
are assumed to be rectangular platelets). The precipitate thick-
nesses were measured from dark-field TEM micrographs, and ranged from
an average of 6 nm at 300°C, to 14 mm at 375°C, and 30 mm at 475°C.
For these same temperatures, the average aspect ratios were 0.8, 0.4
and 0.17, respectively.

Also plotted in Fig. IX-1, for comparison with the irradiated
alloy, is the temperature dependence of the atom fraction of Be in
solution at equilibrium. The curve was calculated from the CuBe
equilibrium phase diagram using the lever law as usual. At equi-
librium, the amount of Be dissolved in the ac, Solution increases
exponentially with temperature as usual until the solvus temperature
is reached at ~ 420°C (conversely, the amount of Be existing as
precipitation decreases). Above this temperature, all Be is dis-
solved in solution. Figure IX-l shows that the behaivor of the alloy
under irradiation contrasts sharply with the behavior expected near
equilibrium. Under irradiation, the amount of Be remaining in
solution decreases rapidly as the solvus temperature is approached.
In the temperature range of 390 ~ 430°C, most of the Be contained in
the alloy has precipitated out of solution. This curve suggests that
the segregation mechanism was most efficient near a temperature of
~ 400°C, which is ~ 1/2 Ty for the Cu-3.4 atZ Be alloy.

It might be argued that the shape of the low temperature portion

of the curve representing the irradiated alloy in Fig. IX-1 resulted
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because steady state conditions had not yet been achieved. On the
contrary, analysis of the specimens showed that at irradiation
temperatures below about 375°C, the precipitate volume fractfon had
reached steady state before doses of 5 dpa were attained. For
instance, at 350°C the precipitate volume fraction did not change
significantly with dose in the range of 2 dpa to 10 dpa, at a dose
rate of 1.1 x 1073 dpa/sec. (Refer to discussion in section VII.A.2
pertaining to Fig. VII-13. Although the precipitate number density
decreased with dose at 350°C, the particle thickness increased to
keep Vpr approximately constant.) The shape of the low temperature
portion of the curve cannot be explained by classical theory and by
the solute—drag mechanism alone. According to classical nucleation
and growth theory (in the absence of irradiation) the driving force
for precipitation increases as the solute supersaturation i;creases
at temperatures below Tsolvus'(35’36) Therefore, in the Cu-3.4 at%
Be alloy, the driving force for precipitation is greater at 300-350°C
than at 400-420°C, although the solute mobility is reduced at lower
temperatures. Qualitatively, the radiation-induced precipitation
mechanism (presumably the solute drag mechanism) would be expected to
co—operate with the natural driving force for precipitation to pro-
duce more precipitation at ~ 350°C than is indicated in Fig. IX-1. A
possible explanation for this behavior is that radiation-induced pre-
cipitate dissolution occurred simultaneously with growth, and that
this mechanism was more efficient at limiting the precipitate volume

fraction at lower temperatures than at higher temperatures. Since
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the CuBe precipitates have an ordered structure, the disorder—

dissolution mechanism proposed by Nelson et al.(so)

could compete
against precipitate growth. The disorder—-dissolution rate is
proportional to the displacement rate, G, and should be temperature
dependent because reordering would be more sluggish at lower tempera-—
tures. It should be noted here that a precipitate dissolution mecha-
nism that is dependent on G can help explain the weak depth depend-
ence of the precipitate volume fraction in cross sectioned specimens.
Within the depth range of ~ 500 nm to 2700 nm, the dose varies by a
factor of ~ 6, but the precipitate volume fraction varies by only
~ 25%. Because the peak damage region also experiences the highest
displacement rate, the precipitate volume fraction in this region may
be limited by a dissolution mechanism that is dependent on dpa rate.
At irradiation temperatures of 400°C and 430°C, the steady state
precipitate volume fraction had not yet been attained. As indicated
in Fig. VII-18, precipitate size was still increasing with dose at 5
dpa. Because the fraction of Be in solution was still decreasing at
5 dpa, the dip in the curve at ~ 400°C in Fig. IX-1 would be even
more pronounced at steady state. At 475;C, there was not much dif-
ference in the precipitate volume fraction of specimens irradiated to
5 dpa and to 8 dpa, so it is believed that steady state was nearly
achieved at 5 dpa. The rapid increase in the fraction of Be dis-
solved in solution at temperatures greater than ~ 420°C can be ex
plained by several factors. First, the solubility of Be in copper

continues to increase rapidly with temperature (Fig. IV-1), so
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radiatiomrinduced precipitation was hindered by the natural driving
force for precipitate dissolution. Secondly, the radiation-induced
precipitation mechanism became less efficient at higher temperatures.
In the case of the solute-drag mechanism, the solute/interstitial
interaction weakens above temperatures of ~ 1/2 Tpe Also, as the
solute diffusivity increases with temperature, the solute concen
tration gradient becomes more difficult to maintain.

In conclusion, the growth characteri;tics of the CuBe precipi-
tates are consistent with the reported dose and temperature depend-
ence of the solute-drag mechanism, however it cannot be proved that
this mechanism was responsible for the precipitation. In view of
current theory regarding radiation-induced precipitation, the solute
drag mechanism provides the most satisfactory explanation for radi-
ation-induced precipitation in the Cu-3.4 at’% Be alloy.

A.2, Measurements and Observations Pertaining to Beryllium

Segregation

The most interesting results of the Adger electron spectroscopy
(AES) measurements were the enhanced rate of Be0 formation at the
irradiated surface, and the absence of Be transport out of the peak-
damage region. In addition, transmission electron microscopy (TEM)
showed no particular evidence of Be segregation at grain boundaries.
These results are discussed in this section.

Surface Segregation

The suspected role of the solute-drag mechanism as a cause of

the radiation—induced CuBe precipitation was the primary motivation
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for performing the AES measurements described in section VII.B.

The justification for using surface segregation data to obtain infor—-
mation on the solute-drag mechanism has been discussed previously in
sections III.A.2, V.C, and VII.B. Also, previous investigations of
radiatiominduced solute segregation in binary alloys were reviewed
in section V.C. Some of the difficulties that were encountered in
the present study (described in section VII.B.), had been experienced °
previously by other investigators. Indeed, in their study of
electron irradiated Cu-Be alloys, Bartels et al.(13) reported that
their attempts to measure radiation-induced Be surface segregation
were “considerably hindered” by the Be enrichment and oxidation even
at unirradiated surfaces, and their results were not published. Rehn

et al.(ls)

noted that AES measurements of Be surface enrichment in a
Ni-1Z Be alloy (analogous to Cu-Be) could not be obtained because of
serious overlap of Auger transition lines of Be and Ni.

The complications that were encountered early-on in the present
study were Outlined in section VII.B. It was shown that despite
these complications, Be concentration vs. depth profiles could be
measured, because oxidation of the Be shifted the principal Be Auger
transition line down to ~ 96 eV, where there was no interference from
the 104 eV Cu transition. Further investigation proved that the ex
cess Be beyond the immediate surface was oxidized, and that oxidation
could only have occurred during heating in the target chamber. Ap-

parently, oxygen diffused into the alloy and reacted with Be solute,

trapping the solute by formation of immobile BeO. Because
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the BeO-enriched layer was thicker and the shape of the Be profile
was different at the irradiated surface compared to control surfaces,
(this was true whether or not the control area was covered by the
tantalum mask), AES measurements were performed on subsequent speci-
mens to try to determine if the solute-drag mechanism was responsible
for transporting Be from the interior of the specimen to the surface.
There was also some fundamental interest in these measurements; il.e.,
to the author's knowledge, radiation—enhanced oxidation of an active
solute has not been reported previously in the literature.

A thorough analysis of the enhanced-oxidation phenomenon is out
of the scope of this thesis, primarily because this would require an
anlysis of the effects of irradiation on the kinetics of the Be + O
oxidation reaction and on the rate of diffusion of oxygen into the
alloy. Although this phenomenon warrants further investigation, the
intent here is to argue that the solute~drag mechanism did not play
an important role in the fadiationrinduced Be enrichment. Instead,
the time and temperature dependence of the data in Figs. VII-40 to
VII-44 gsuggest that a thermal diffusion mechanism (probably enhanced
by irradiation) was responsible for the radiation—enhanced enfichment
of Be and the formation of Be0 near the irradiated surface.

A general idea of the temperature dependence of the solute-drag

mechanism can be obtained from Rehn's . (18)

study of surface
segregation in an ion—bombarded Ni-l at% Si solid solution, where Si
is an undersize solute. The near—-surface Ni enrichment was measured

using AES, and no complications due to oxidation of the Si were
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reported. Their results showed that the thickness and the magnitude
of the Si-enriched layer varied strongly with irradiation tempera-.
ture. At low temperature (385°C), solute segregation was minimal.

As temperature increased, the Si surface concentration increased
until a NijSi film nucleated; the thickness of this film increased to
a maximum vlaue at ~ 560°C, then diminished at higher temperatures.
The maximum segregation therefore occurred at about one~half the
melting point (1/2 Tm) of the alloy, and the general temperature
dependence was similar to that observed for void swelling in Ni. The
reason for the decrease in surface segregation at high temperature is
that the solute-interstitial binding becomes ineffective at high
temperature and back—diffusion occurs more readily, as discussed in
section III.A.2,

By comparison with the Ni-Si results of Rehn et al., the Be
surface-segregation should have been greatest at about 400°C (~ 1/2
T, for Cu) if the solute-drag mechanism was responsible for trans-
porting Be to the surface. Examination of Figs. VII-4l and VII-44
shows that the maximum BeO concentration, and the thickness of the
BeO-enriched layer, increased greatly with temperature in the range
400°C to 475°C. Other AES measurements not presented in section
VII.B (specimens 21 and 22, see Table VII.1) showed that the near—
sqrface BeO0 enrichment was even greater at an irradiation temperature
of 525°C. This behavior is not characteristic of the solute-drag
mechanism, but is characteristic of thermal diffusion, where the

diffusion coefficient increases exponentially with
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temperature.(Bs’al) Futhermore, as mentioned in section VII.B, the
thickness of the BeO-enriched layer in Cu=3.4 at% Be specimens ir-
radiated at 400°C (Fig. VII-44) grew at a rate proportional to /ot
(fluence), where t is the irradiation time and ¢ is the ion flux (¢
remained approximately constant during irradiation). The vt depend-
ence of the growth rate of the Be0 layer is characteristic of a
thermal-diffvsiomrcontrolled reaction.(Al) In contrast, the work of

Rehn'et al.(zo)

shows that the buildup of an enriched layer by the solute
drag mechanism does not have a J& dependence.

If radiation—enhanced diffusion was responsible for the accele-
rated growth rate of the BeO layer, then the growth rate should have
been dependent on the displacement rate, G.<43) At temperatures
where there is a large vacancy supersaturation due to irradiaton, the
diffusion coefficient should be either directly proportional to G, or
else proportional to JE, depending on the mechanism of vacancy anm
nihilation. In the present experiment, the displacement rate was
nearly constant. To determine the role of enhanced diffusion in the
formation of the BeO layer, further irradiation experiments conducted

at various ion flux levels are required.

Beryllium Segregation Within the Damage Zone

Figure VII-47 in section VII.B shows that the Be solute concem
tration did not vary as a funcion of depth either within the damage
zone (except near the surface), or beyond the end-of-range of the
incident Cu ions in a speciment irradiated at 400°C to a peak dose of

8.4 dpa. At first glance, this result appears to conflict with
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(42) (17,21)

previous calculations and experiments pertaining to ionm
bombarded alloys, which showed that undersfze solutes are transported
out of the peak damage region, and are deposited beyond the end-of-
range by the solute drag mechanism, provided the sink density within
the damage zone i1s low. Lam et al.(42) used a kinetic model to cal-
culate the effects of depth dependent damage on solute segregation in
a 3 MeV Ni ion bombarded, dilute Ni~Si alloy. Their calculations
showed that at a temperature of about 1/2 T, and a peak dose of 10
dpa, most of the undersize Si solute was transported out of the peak
damage region by the out—-flowing interstitial flux. This effect was
observed experimentally by Piller and Marwick(17’21), who measured
depth profiles of Si in dilute Ni-Si solid solutions that were ion—
bombarded at 500°C. The main difference between the present study
and previous work is that the sink density was high in the irradiated
Cu-3.4 at% Be alloy (because of the precipitation), but sink density
was low in the calculations of Lam et al. and in the Ni-Si alloy
irradiated by Piller and Marwick. The copious CuBe precipitation
apparently prevented Be solute from being transported far. (The
alternative explanation is that the solute-drag mechanism did not
operate in the Cu-Be alloy.) At an irradiation temperature of 400°C,
the CuBe precipitate density was ~ 5 x 1014/cm3 and the equivalent
platelet radius was about 55 nm, therefore the average spacing be-
tween precipitates was less than 125 nm. The closely spaced CuBe

precipitates served as point-defect sinks that prevented the long-

range migration of interstitial atoms. This fact is tied to the



277
growth of the precipitates by solute segregation, as discussed previ-
ously. In addition to the precipitates, the matrix dislocations also
acted as point defect sinks.

The effectiveness of the CuBe precipitates in trapping point de-
fects and in reducing long-range defect migration cannot be deter—
mined without the aid of a detailed numerical model. However, an
analogy can be made with the work of Carpenter and Yoo(ze), who
showed that semicoherent 6' precipitate platelets (in Al-Cu alloys)
could significantly reduce the vacancy and interstitial concen—
trations by point defect trapping at the precipitate/matrix inter—
face. The total interface area of the ' precipitates in their work
was similar to that of the CuBe precipitates in this study. The re-
duction in the point defect concentrations was estimated by numeric~
ally solving a set of differential equations governing the conser—
vation of free and trapped point defects and the growth of defect
clusters. There were two principal unknown parameters that governed
defect trapping at the precipitates: 1) gy, the surface density of
trapping sites on the semichoerent precipitate/matrix interface, and
2) Ev,i’ the binding energy of vacancies and interstitials to the
trapping sites. By using physically reasonable values for o, and
Ev,i’ however, Carpenter and Yoo found that the semicoherent precipi-

tates could reduce the point~defect concentrations,

Another interesting observation in the present study was the

absence of strong segregation effects at grain boundaries. Although
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Be enrichment would be expected at these sinks,(zo) precipitate-free
zones were occasionally observed on one or both sides of grain
boundaries during TEM analysis. A precipitate structure was never
observed'on the boundary itself. It could not be determined whether
the Be concentration was enriched at grain boundaries and precipi-
tates did not nucleate, or whether Be enrichment at grain boundaries
was prevented because solute was tied up in the matrix precipitates.
Clearly, further investigation of solute redistribution is required
in alloys where precipitation occurs or where the matrix sink
density is large.

B. Phase Stability of the Cu—Co and Cu-Fe Alloys

The principal effect of irradiation on the aged Cu-1% Co and Cu-
1% Fe alloys was loss of precipitate coherency, which is discussed
below in detail. Irradiation at 400°C and 475°C did not measurably
change the size or number density of the spherical Co-rich and Fe-
rich precipitates, nor did it appear to affect the blocky, incoherent
Fe precipitates. In contrast, several previous irradiation studies
on Cu~Co and Cu~Fe alloys(44-49) (reviewed in section V.B.) conducted
at temperatures below 210°C reported precipitate dissolution, al-
though measurement techniques more indirect than electron microscopy
were used to analyze the specimens. According to the theory of
Nelson, Hudson, and Mazey(so), however precipitate shrinkage due to
recoil dissolution should have been negligible in the present study:

Eq. 3.2 predicts that at a displacement rate of 1073 dpa/sec, a
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precipitate of radius 12 nm would lose only ~ 0.1% of its volume
during irradiation to a damage dose of 3 dpa.

The results of the Auger electron spectroscopy measurements in
Chapter VIII showed that no measurable radiation—induced enrichment
or depletion of solute occurred at the surface, indicating a weak
interaction between point defects and the Co or Fe solutes.(zg) This
result is compatible with the small size—~difference between the
solute and solvent atoms in these alloys; i.e. the strain field near
the solute atom is small. The lack of a strong defect/solute inter—
action (and subsequent solute transport mechanism) may have been a
factor in the near—absence of radiation—induced precipitation in the
Cu-Fe and Cu—Co solid solutions, even though the solutions were high—-
ly supersaturated at 400-475°C. Therﬁal diffusion data(51) indicates
the Co and Fe solutes are rather immobile even at 475°C. During a
typical irradiation period of 3600 seconds at 475°C, the thermal dif-
fusion lengths of Co and Fe solutes in Cu are, respectively:

/BE;E = 10 nm and /5;;? = 21 nm. The experimentgl results in the
irradiated solid solutions indicate either that a) irradiation does
not significantly enhance the solute diffusivity, or b) recoil-

dissolution(so)

may prevent the growth of precipitates by redis—
solving the tiny precipitate nuclei.

Loss of Coherency

If the lattice parameter of a coherent precipitate is different
from that of the matrix, the misfit strain increases with particle

growth, and at some point the particle loses coherency by nucleation
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of interfacial dislocations. In the case of the Cu=Co and Cu-Fe
alloys, the lattice parameter of the precipitate is smaller than that
of the matrix by about 1%, and the coherency strain is’accommodated
by formation of one or more interstitial dislocation loops. Through
the use of elasticity theory and strain energy considerations, Brown
et al.(53) calculated that above a critical radius of ~ 6 nm, the
incoherent precipitate is more stable than the coherent one in the
Cu-Co alloy. In practice, however, the spherical precipitate grows
much larger than the critical size before coherency is lost, because
of the barrier to nucleation of the dislocation loop. During pro—
longed thermal aging, the Co precipitate has been observed to grow
beyond diameters of 50 ~ 60 nm before coherency is lost.(55’56)
Deformation of the alloy can cause smaller particles to lose co-
herency; e.g., Phillips(56) reported that stretching the alloy ~ 5%
caused particles ~ 25 nm in diameter to lose coherency. Under ir-
radiation, coherency loss occurs much more readily (Co or Fe parti-
cles 5 ~ 20 mm dia. become incoherent(52-54)) because of mechanisms
that enhancé the formation of interstitial dislocation loops at the
precipitate/matrix interface. Careful examination of coherency loss
in Cu-=Co or Cu-Fe alloys during irradiation in the high voltage
electron microscope, and following reactor-irradiation, lead to the
identification of two probable radiation-induced mechanisms for the
formation of interstitial loops to relieve coherence strain(54):

(1) Interstitial loops move by glide and conservative climb to equi-

librium positions where they act directly as interfacial loops.
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(2) Free interstitials are trapped within the precipitates due to

the high attractive interaction energy and subsequently agglom

erate into straimrelieving interstitial dislocation loops.

In the aged Cu-l% Co and Cu-1% Fe alloys irradiated in this
study, essentially all visible precipitates lost coherency as a re-
sult of irradiation. The greatest amount of information can be ob-
tained from the cross sectioned Cu-Co specimen irradiated at 400°C to
a total fluenﬁe of 3.2 x 1013 /cn? (Fig. VIII-8), and the cross
sectioned Cu-Fe specimen irradiated at 350°C to 1016/cm2 (Fig.
VIII-12). 1In both specimens, precipitates within the damage zone (at
depths { 3000 nm) have lost coherency, even in the low dose (~ .3
dpa) near-surface region of the Cu=Co. Visible dislocation loops are
associated with some incoherent precipitates, however there are no
loops in the matrix between the precipitates. The.mechanism re-
sponsible for the loss of coherency must have been the absorption of
free interstitials (mechanism #2, above), since few dislocation loops
- and line dislocations are visible in the micrographs. Continued
growth of some initial loops, by interstitial absorption, may be the
reason some large loops are seen in Figs. VIII-8 and VIII-12.

It is interesting that most precipitates situated up to 1300 mm
beyond the end-of-range ih the Cu=~Co specimen, and up to 500 nm be-
yond range in the Cu~Fe specimen, have also lost coherency. Since
few dislocations of any kind are present beyond the end-of-range in
either Fig. VIII-8 or VIII-12, coherency loss must have resulted from

the migration of free interstitials well beyond the damage zone. The
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migration energy of Cu, Co or Fe interstitials is very low (~ 0.2
eV); therefore, interstitials could have easily migrated to these
depths, because the sink density is low, and the solute atom/defect
interaction is apparently weak in these alloys.

An alternative to the mechanisms described above is that pre-
cipitate coherency was lost due to strains introduced by the electro-
plating, or by the ionmimplantation itself. The electroplating
strain is ruled out because coherency loss was observed in back-
thinned specimens also. Significant strain due to ion implantation
is unlikely, since 1016 implanted ions/cmz, distributed over a depth
range of ~ 1000 mm, represents an excess volume of only about 0.1%.

C. Absence of Void Formation

In this study, radiatiominduced voids did not form in the high-
purity Cu, nor in the Cu—-base alloys, with the exception of the as-
quenched Cu—-lZ Fe irradiated at 4QO°C. In the high purity Cu, little
damage was evident except in the peak damage region, indicating that
most radiatiomproduced defects were removed by mutual recombination.
Comparison with the results of Glowinskl et al.(59-61) suggests that
the absence of void formation in the high-purity Cu was probably due
to a lack of gaseous impurities, which can serve as void nucleating
agents (section V-A). Glowinski did not observe void swelling in
thoroughly outgassed, self-ion bombarded Cu, even if the Cu was pre-
injected with hydrogen. If the Cu was pre;injected with O or He
ions, these impurities apparently stabilized the void nuclei, and

swelling did occur. The Cu used in the present study initially
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contained very little oxygen (Table VI.1), and the pre-irradiation
heating at 500°C in the target chamber probably outgassed the samples
further. A simple diffusion calculation shows that, in the absence
of trapping, any hydrogen left in the specimens, from the high
temperature anneal in the H, atmoshpere, diffused out during the pre-
irradiation heating. The possibility that voids annealed out during
the in situ post—irradiation heating (~ 400°C for at least several
hours, depending on the specimen) was also investigated by solving
Eq. 2.19, to estimate the void shrinkage rate, dr,/dt. The calcu-
lation indicated that voids larger than ~ 3 nm in diameter would not
have been affected by the anneal.

A lack of nucleating agents could also explain the absence of
void formation during irradiation of the Cu-l1Z%Z Co and Cu-l1% Fe speci-
mens. As discussed in the theoretical background in section II-C,
several other mechanisms can suppress the nucleation and growth of
voids in alloys. In the Cu~Co and Cu-Fe alloys, several possible
void suppression mechanisms are point-defect trapping near solute

atoms in the matrix,(62’63)

and defect trapping near the coherent
precipitate/matrix interfaces.(64’65) Direct experimental evidence
for defect trapping of Co or Fe solutes Cu was not found in the
literature. The AES measurements in this study, showing the absence
of radiation—induced solute segregation, are evidence that defects do
not interact strongly with the Co and Fe solutes. Also, the simi-

larity in atomic size (small strain field) and electronic structure

between Cu and the Co or Fe solutes may rule out trapping by the
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solute atoms. In the aged Cu—Co and Cu-Fe alloys, however, the loss-
of-coherency of the spherical precipitates during irradiation clearly
indicates these particles acted as defect sinks or traps. This en
hanced the recombination of vacancies and interstitials and reduced
the vacancy supersaturation necessary for void formation.

It is interesting that the results of heavy-ion irradiations of
the Cu-1% Fe alloy in this study contrast sharply with results of
HVEM irradiations of a Cu-~l.5% Fe alloy by Takeyama et al. (66) These
workers irradiated both as—quenched specimens and aged specimens
(which contained coherent or incoherent Fe precipitates) at 250°C to
doses up to 10 dpa. They observed void formation in all specimens,
although swelling was least in the as—quenched specimens and greatest
in specimens aged the longest, which contained incoherent precipi-
tates. Voids often formed at precipitates, particularly at the
interface of coherent particles, which otherwise did not lose co~
herency during irradiation. However, one factor contributing to the
void formation in these thin, HVEM-~irradiated foils may have been a
significant loss of the fast-diffusing interstitials to the foil
surfaces, thereby enhancing the vacancy supersaturation within the
foil.

The absence of void nucleation in the Cu-3.4 at% Be specimen can
be explained by two factors in addition to the possible absence of
nucleating agents. First, there is experimental evidence that Be
solute atoms interact strongly with interstitial defects produced by

irradiation as discussed earlier in this chapter. Therefore
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interstitial diffusion is hindered, and the probability of recombi-
nation with vacancies is increased.(12’13’32'33) Secondly, in the
temperature range where voids might be expected to nucleate, the CuBe
precipitates form very quickly after irradiation commences. The
semi~coherent matrix/precipitate interface can act as a defect trap
or sink; and because of the platelet geometry, the interface area
presented by the precipitates is relatively large. Other studies of
void swelling in Cu and Ni have also shown that the Be solute effec-

tively suppresses void formation.(67)
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CHAPTER X

CONCLUSIONS

The most important observations that emerged from this study,

regarding the irradiation experiments on the Cu~3.4 at¥ Be, Cu-l%Z Co,

and Cu-l% Fe alloys, and on the high purity Cu, are listed below.

Several comments are also made regarding the experimental methods

used to obtain the data. Finally, suggestions are given regarding

further work in this area.

Cu-3.4 atX Be Alloy

(a)

(b)

Irradiation of supersaturated and undersaturated Cu-3.4 at% Be
solid solutions with 14 MeV Cu ions, at temperatures ranging
from 300-475°C, induced copious precipitation of CuBe platelets
in the region traversed by the ions. The precipitates nucleated
rapidly after the start-up of irradiation, and they were distri-
buted uniformly throughout the matrix. In contrast, thermal
aging studies showed that nucleation and growth of CuBe precipi-
tates in the Cu-3.4 at% Be alloy was very sluggish in the ab~
sence of irradiation. Prolonged thermal aging produced equi-
librium, discontinuous precipitation at grain boundaries and in
discrete clusters within the grains.
Post-irradiation annealing of the undersaturated specimens
caused complete dissolution of all precipitation, as expected.
However, post—irradiation aging of supersaturated specimens also
caused dissolution of the continuous, radiation—induced precipi-

tate morphology, and some discontinuous CuBe precipitation



(e)

(d)

(e)

(£)
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formed instead. This proved that the precipitation was
radiation—induced rather than simply radiation-enhanced.

This study provides further evidence that undersize substi-
tutional solute elements interact strongly with irradiation—
produced defects. Previously, radiation-induced continuous
precipitation has been reported in a number of other types of
solid solutions containing undersize solute elements.

The mechanism of radiation-induced precipitate nucleation could
not be determined, because it was not possible to prove whether
precipitates nucleated homogeneoulsy on dislocation loops or on
other defect clusters. However, there was evidence that the
precipitates did not nucleate on visible defect clusters.

Among the mechanisms that have been proposed in the literature
to explain the growth of precipitates under irradiation, the
only one that satisfactorily explains the continued growth of
the CuBe precipitates is the solute-drag mechanism, whereby Be
solute atoms preferentially segregate to the precipitates via
the interstitial flux. Experimental evidence that supported
this conclusion was that the fraction of Be solute precipitated
from solution (at near-steady-state conditions) was greatest at
a temperature of ~ 1/2 Tp» which is approximately the same
temperature where the solute-drag mechanism is reported to be
most efficient.

Measurements of the mean precipitate size and number density as

a function of irradiation temperature and (to a more limited
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(h)
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extent) dose and dose-rate were presented. The dependence of
the precipitate characteristics on these variables was quali-
tatively consistent with current theories of precipitate and
defect=cluster nucleation and growth under irradiation.
Measurement of the precipitate size and number density as a
function of depth into the damage zone were also presented.
These measurements were taken from specimens that were prepared
for TEM analysis using a cross sectional thinning technique.
Precipitate size, density and volume fraction typically varied
less than 25% throughout the damage zone (excluding near—surface
and end-of-range regions) even though the dpa level and dpa rate
varied by about 600%. However, the dpa rate was highest in the
regions experiencing the highest dpa level, and it was postu-
lated that a precipitate dissolution mechanism (which was de—
pendent on dpa rate and which competed against precipitate
growth) tended to limit the pfecipitate volume fraction in these
regions.

Measured elemental concentration vs. depth profiles from near—
surface regions of specimens showed that enhanced Be segregation
occurred at irradiated surfaces. However, this segregation was
attributed to radiation—enhanced diffusion and to oxidation of
the Be, and not to the solute-drag mechanism. Within the damage
zone, solute was not transported out of the peak damage region
(at 400°C), nor was there apparent Be enrichment at grain

boundaries. This behavior was attributed to the copious



293
precipitation of CuBe platelets within the matrix, which served

as sinks for the migrating interstitials, and which subsequently
grew due to Be segregation via the solute-drag mechanism. The
presence of the precipitate sinks prevented the long-range mi-

gration of the interstitials.

(1) The Cu~3.4 at% Be alloy did not support the formation of voids
under irradiation, presumably because the Be solute atoms
trapped interstitial atoms and enhanced recombination, and be-
cause CuBe precipitates that formed quickly under irradiation
acted as defect sinks

Cu-1% Co and Cu-l% Fe Alloys

(a) The principal effect of irradiation at 350-500°C on aged Cu-Co
and Cu-Fe alloys was loss of precipitate coherency, due to ab-
sorption of free interstitials to relieve the coherence strain.
Loss of coherency was observed well beyond the end-of-range of
the incident ions, and this was attributed to long range mi-
gration of free interstitials originating within the damage
zone.

(b) Void formation was not observed in any specimen except a
solution—treated CuFe sample irradiated at 400°C. The absence

of void formation was attributed to a lack of void nucleating
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agents, and also to point—defect trapping at the interface of

coherent precipitates.

High Purity Coppexr

Voids did not form in the high purity Cu at irradiation tempera-

tures of 400-500°C, because of a lack of void nucleating agents,

i.e., gaseous impurities.

Experimental Methods

(a)

(b)

The carrousel specimen holder assembly, which was designed and
built as a part of this thesis project, worked well with regard
to heating individual specimens only during their irradiation,
while not heating the other specimens in the holder. Comparison
of the microstructure of Cu-Be specimens irradiated under simi-
lar conditionskin the carrgusel holder and in the linear holder
(which heated all specimens en masse) showed that those heated
in the linear holder suffered significant effects from post-
irradiation annealing. For alloy specimens, therefore, care
should be taken to prevent any extraneous heating.

The cross sectional method of thinning specimens for TEM analy-
sis was found to be a very useful tool for surveying the effects
of ion—bombardment on the phase stability of alloys. By com
paring the data from several cross sectioned specimens irradi-
ated at the same temperature but to different fluence levels, a
good idea of dose and dose-rate effects at that temperature
could be obtained. The principal difficulty with this technique

was thinning the specimen uniformly throughout the damage zone.
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Suggestions for Further Work

Careful reading of Chapters VII-IX reveals many areas that
deserve more detailed investigation. There are several areas in
particular that could be explored further.

(a) The effects of displacement rate on the precipitate characteris-
tics could be studied in much more detail, especially at lower
dose rates. Figures VII-21 and VII-22 suggest that precipitate
slze and density depend strongly on displacement rate, and it
would be interesting to determine whether, at much lower rates,
the precipitate morphology approaches that produced by thermal
aging alone. Dose rate studies are of general importance be-
cause of the desire to compare ion—bombardment and neutron-
bombardment data.

(b) Dilute Cu-Be alloys containiné various Be concentrations could
be irradiated to determine the shift in the Be solubility, as a
function of temperature and dose rate. This type of study, i.e.
determining the phase diagram under irradiation, would be simi-
lar to that performed on Ni-Si alloys by Martin et al. [J. Nucl.
Mat. 83, 67 (1979)]. |

(¢) Attempts could be made to mathematically model the results.

(d) The cross sectioning technique in Cu could be utilized to
further study the correlation between the observed and calcu-
lated distributions of the deposited ions. An ion that is.very
insoluble and immobile in copper, such as carbon or oxygen,

could be injected at a sufficiently high fluence and temperature
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such that the elements would precipitate in the matrix. The
resulting visible precipitate distribution might accurately

reflect the injected ion distribution.





