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FLOW AND FRACTURE OF ALLOYS IN THE FUSION ENVIRONMENT
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The present paper examines both ductile and brittle fracture models of steels and
assesses the impact of the fusion reactor environment on the fracture processes. In
particular, the connections between plastic flow properties and fracture modes are

reviewed for both ductile and brittle crack propagation.
materials exhibit extreme flow localization resulting in channel fracture.

Highly radiation-hardened
Physical

models for this phenomon are developed and an estimate for the associated fracture

toughness is given,
crack growth is examined.
fracture are briefly discussed.
first wall structures in fusion reactors.

1. INTRODUCTION

It is by now well established that the economic
feasibility of fusion reactors will depend to a
large degree on the lifetime of the first wall.
The ultimate failure mode of a first wall de-
pends in a complicated and synergistic manner on
many factors which are indicated in Fig, 1 to-
gether with the logical interconnections among
them. Of central importance to the topic of the
present paper are the following connections.
Exposure to elevated temperatures, neutron flux,
and to corrosive agents from the coolant and the
plasma, will result in changes of the mechanical
properties. These changes together with the
stresses imposed lead to a damage accumulation
in the structural materials which may eventually
result in failure. The most prevalent failure
modes for tokamak reactors are fatigue crack
growth, embrittliement, and finally plastic flow
or brittle fracture [1].

Although plastic flow and fracture are processes
involved only in the terminal phase of the life-
time for the first wall, they are nevertheless
of interest at all stages of the damage accumu-
lation, because they also characterize the
latter,

The ductility of structural materials and their
mode of fracture can change dramatically with
neutron radiation damage. For example, radi-
ation-induced hardening reduces the difference
between ultimate and yield stress in certain ma-
terials to such an extent that plastic flow be-
comes highly localized. Fracture changes then
from ductile rupture to shear decohesion with a
dramatic reduction in ductility. This example
demonstrates that there exists a close inter-
relationship between the modes of plastic flow
and fracture, Hence, there exists for example
the possibility, to assess the fracture tough-
ness of irradiated materials utilizing tensile

The impact of radiation-hardening and ductility loss on fatigue
Next, models describing the chemical effects on fatigue and
Finally, fracture design criteria are proposed for
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Fig. 1. Methodology for failure analysis of the

first wall.

properties which can be obtained on much smaller
samples. In addition, tensile and plastic flow
properties can be related more directly to the
microstructure than fracture toughness or
fatigue crack growth data.

The mode of plastic deformation in crack propa-
gation also determines the mode and severity of
a potential failure of the first wall., Depend-
ing on the value of the fracture toughness,
yield strength, and wall thickness at the time
of failure, it can either be a small leak before
catastrophic and large-scale fracture or the
latter. In terms of maintenance, safety, and
repair, the mode of failure can make a dramatic
difference. In view of these issues, the pur-
pose of this paper is to review and to examine
the deformation processes involved in a po-
tential failure of a first wall, and to indicate



how radiation and environmental effects will
most likely influence these processes., We shall
assume that the first wall is operated at a suf-
ficiently low temperature that intergranular
failure is avoided. This implies, in the case
of a stainless steel wall, that the operating
temperature is below about 500°C.

In section 2, we review models of fracture
toughness aimed at relating this important pro-
perty to tensile properties of alloys which ex-
hibit homogeneous plastic deformation., Since
radiation hardening may lead to flow locali-
zation, we discuss separately in section 3 the
status of our understanding for channel defor-
mation and fracture. The connection between
fracture toughness and fatigue crack growth is
briefly discussed in section 4. Section 5 is
devoted to a discussion of chemical effects of
fracture and fatique., Finally, fracture design
criteria are explored in section 6.

2. FRACTURE TOUGHNESS AND TENSILE PROPERTIES
FOR HOMOGENEQUS PLASTICITY

Materials which exhibit substantial work-harden-
ing deform plastically in a more or Tess uniform
manner in simple tensile tests. When one con-
siders then the plastic deformation ahead of a
crack tip, it is reasonable to assume that plas-
tic flow is governed by the same deformation law
as obtained from a homogeneous deformation ex-
periment, The nonuniform deformation in the
plastic zone of the crack tip is merely due to
the nonuniform stress distribution. Both
distributions for stress and plastic strain can
therefore be obtained with the macroscopic de-
formation law, e.g., with o = gyc". Here o is
a constant with the dimensions of stress, ¢ is
the plastic strain, and n is the strain harden-
ing exponent. The following models for the
fracture toughness make use of such a plastic
stress-strain analysis at the crack tip and com-
bine it with various failure criteria.

2.1 The Hahn-Rosenfield (HR) Model

The condition for crack advancement in the HR
model [2] is that the strain in the plastic zone
ahead of the crack tip must exceed a critical
value ¢ . The plastic deformation field is
modeled according to the modified Bilby-Swinden
theory, Whereas in the original model of Bilby
and Swinden [3] the plastic deformation consists
of two slip-lines emanating from the crack tip
under an angle of 45° to the crack plane (as
shown in Fig. 2), the modified plastic field has
two plastic zones of finite width & with a mean
inclination of 75°, The width & is dependent on
the strain hardening exponent n.

Ductile failure ahead of the crack involves
nucleation, growth, and link-up of cavities
formed at precipitates. The critical strain ¢
for link-up is assumed to be 1/3 of the uniaxial
fracture strain e¢ for plane strain. The
fracture toughness is then given by
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Fig. 2. Crack tip deformation models.
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o= Beoe (1)

where E is the Young's modulus and oy the yield
stress.

Hahn and Rosenfield compared Eq. (1) to measured
data for Ky., oy, and e¢, and found that the
plastic zoneé width & is empirically given by

o(n) = 0.0013 + 2.54 n% (cm) . (2)

If not available, the strain hardening exponent
n can be approximated by the ultimate tensile
strain e;rg, $0 that & = 2.54 ESTS.

The application of the HR model to the tensile
data for HFIR-irradiated 20% CW type 316 stain-
less steel [4] gives values for the fracture
toughness shown as open symbols in Fig. 3. It
is seen that the fracture toughness decreases
with dose as a result of ductility loss. It ap-
pears, however, that the predicted fracture
toughness for the unirradiated samples is too
lTow, perhaps by a factor of two [5].

2.2 The Krafft (K) Model

In the fracture model of Krafft [6], crack
propagation is assumed to occur when the plastic
sgrain exceeds a critical value over a distance
d” of a so-called process zone ahead of the
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Fig. 3. Fracture toughness predictions based on
tensile data for HFIR irradiated 20% CW 316 SS.

crack tip. The strain distribution in this
process zone is given by

2

E/EY - [ 1 Z\J)K ](1/(1+n)) , (3)

(1 + n)wroY
where v is the Poisson's ratio, ey is the plas-
tic strain at the yield point K 1s the stress
intensity factor, and r is the d1stance from the
crack tip. Setting e = efand r = d* in Eq. (3)
gives the fracture toughness as

KIc = Tl'::;j)' [w(1+n)d*(efE/cY)(1+n)]1/2 . (@)

. * .
The process zone diameter, d°, is now assumed to
be equal to the dimple spacing on a fracture
surface, Whgn no fractographic information is
available, d” may be approximated by the grain
size or the average planar distance between
inclusions.

U§1ng again the approximation n =z

25 um, and the tensile data of t e HFIR-
1rrad1ated samples [4], the K-model gives frac-
ture toughness values as shown by the solid
symbols in Fig., 3. The Kic values for the unir-
radiated samples are in be%ter agreement with
measured values [5]. Furthermore, the K-model
predicts values which are larger by a factor of
two than the values obtained with the HR model.
It is also interesting to note that the K-model
shows a weak dependence of KIc on the irpradi-
ation temperature, whereas a strong dependence
is obtained with the HR model,

Although both models give similar reductions of
the fracture toughness with increasing dose, the
absolute values for Ky. at any given dose can
only be predicted within a factor of 2 or 3.

This factor appears to be the typical uncertain-
ty for most fracture toughness models applicable
to ductile rupture, and it originates from the
il1-defined microstructural parameter which
characterizes the plastic or process zone.

A better definition of the relevant microstruc-
tural features involved in the ductile void for-
mation, as well as a calibration of the various
models with actual Kic data for irradiated ma-
terials appears to be the most fruitful way to
improve the predictive capability of present
models for ductile fracture toughness.

It must be emphasized, however, that although
fracture models provide important empirical
guidelines for alloy development, they are no
substitute for actual fracture mechanics data
needed ultimately for fusion reactor design.

2.3 The Ritchie-Knott-Rice (RKR) Model

This model was developed by Ritchie, Knott, and
Rice [7] for bcc alloys to explain the ductile
to brittle transition with decreasing tempera-
ture. More recently, Parks [8] and Ritchie et
al. [9] have extended the model to irradiated
nuclear pressure vessel steels, The model con-
sists of two different parts, one applicable to
the lower, and the other to the upper shelf
fracture toughness.

For brittle fracture below the ductile to
brittle transition temperature {DBTT), failure
Js assumed to occur when the local stress o in
fgont of the crack tip exceeds a gritical value
o over a characteristic length A, at which
point slip-initiajed clegvage takes place. The
two parameters, ¢ and A , are considered to be
basic materials parameters independent of
temperature and dislogation density. It is also
assumed that ¢ and x» are independent of the
radiation damage.

The stress distribution within the plastic zone
is taken to be that for “"small-scale yielding",
and it is given by [10]

2.,2
°/°Y - f(N)[il_;_ﬁ_l__](l/(l+N)) . (5)

IchYEr‘
Here, the plastic deformation law is written as

s/sY = (o/cY)N s (6)

so that N = 1/n, and oy and ey are the stress
and strain at the yielé po1nt, respectively. I
is a parameter weakly dependent on N, and f(N)
is an angular function of order one.

The above mentioned fracture condition implies
that £q. (5) yiglds the fracture toughness when
oc=9¢ atr =d . Hence, the lower shelf frac-
ture toughness is given by
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The slip-initiated cleavage is thought to grigi-
nate at grain boundary carbides, so that A 1is
about two to four grain diameters.

The critical fracture stress o* can be deter-
mined experimentally by fracturing V-notched
specimens at sufficiently low temperatures, so
that failure occurs without gross yielding when
the maximup stress at the notch root becomes
equal to ¢ .

Ritchie et al. [9] have shown that Eq. {7) does
indeed provide an excellent correlation between
measured tensile data and the lower shelf frac-
ture toughness of irradigted nuclear pressure
vessel steels, o and A are obtained from un-
irradiated samples and subsequently used also
for irradiated samples. Considering the low ir-
radiation doses involved in these experiments,
one would not eypect any changes of the para-
meters ¢ and 1 , except of course the increase
of the yield strength oy and the concomitant
shift in the DBTT.

However, radiation-induced segregation and pre-
cipitation are known to occur during long
neutron exposures, resulting in substantial
changes of the microstructure and the alloy
matrix composition., Furthermore, the concen-
trations of minor alloy elements, which play a
significant role in the mechanical strength of
structural alloys, can be changed markedly by
nuclear transmufations, As a result, it must be
expected that o and A will change in a fusion
reactor environment,

For temperatures above the DBTT, where g, < o*,
crack propagation occurs by ductile tearing
rather than by slip-initiated cleavage.

Ritchie et al, [9] assume for this fracture pro-
cess that the plastic strain ahead,of the crack
tip must exceed a critiga] value e, over a
characteristic length 2. A1thougﬁ this frac-
ture criterion is similar to those used in the
HR and K models, their derivation of the ductile
fracture toughness entails different arguments.
First, the plastic strain distribution is the
one obtained by Rice and Johnson [11] and is
proportional to §/r, where & is the crack open-
ing displacement. Second, the condition that
the plastic_strain reaches the critical value

e, at r = 2 defines then the critical crack
ogening displacement &.. The latter is finally
related to the fracture toughness by

_ 2
8, = 0.6 K /Eay . (8)
Hence,
* %
KIC = const. [efz oYE]1/2 (9)

which is reminiscent of Eq. (1) in the HR-model.
Although Ritchie et al. [9] advocate a sophisti-
cgted approach to obtain appropriate values for
e. and ¢ , they conclude from their analysis of
tﬁe upper shelf fracture toughness,of irrgdiated
pressure vessel steels that both e¢_. and & ap-
pear to decrease with increasing dgse. The two
parameters are therefore not basic materials
parameters, but sensitive functions of the
microstructure or the radiation hardening. This
conclusion is then compatible with the meaning
of the corresponding parameters in both the HR
and the K model,

3. FLOW LOCALIZATION AND CHANNEL FRACTURE

In a1l fracture models discussed so far it was
assumed that the plastic deformation around the
crack tip is a continuous function. This basic
assumption becomes invalid in high-strength ma-
terials, including those which attained their
strength by radiation hardening. When these ma-
terials are plastically deformed even in a
simple tensile test under uniform stress, plas-
tic strain is observed to be highly localized
within narrow deformation bands. In an extreme
case, shown in Fig, 4 for irradiated type 304
stainless steel, the deformation channels are as
narrow as 0.1 ym [12,13]. The macroscopically
measured plastic strain at fracture is no longer
an adequate measure for the much larger shear
strain in the deformation channel, Therefore,
the macroscopic fracture and ultimate tensile
strain no longer have any meaning with regard to
the Tocalized deformation at a crack tip.

Hence, different fracture models need to be
developed when plastic flow is localized.

Before discussing the ingredients of such a
model it is appropriate to review the conditions
for localized flow in irradiated materials.

The sweeping-up of small dislocation loops by
gliding dislocations appears to be the control-
1ing factor in metals irradiated at low tempera-
tures and to low doses, Channel deformation, as
shown in Fig. 4, is exhibited by materials ir-
radiated to high doses and at temperatures where
swelling occurs, However, it is not clear
whether the voids are instrumental or only con-
spicuous indicators in the flow localization
process. In a recent analysis of this problem,
the change in total energy, consisting of strain
energy and surface energy, was found to increase
as the voids are sheared. Although the strain
energy of the voids decreases as they are
sheared, the accompanying increase in surface
energy is always larger for void sizes typical
of irradiated materials., We conclude from this
analysis that void formation is not solely re-
sponsible for channel deformation.

3.1 The Mori-Mura (MM) Model of Flow
Localization

Dispersion-hardened alloys containing small dis-
location loops have been considered by Mori and
Mura [14] as a particular case of a material
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Fig. 4. Channel deformation in SA 304L.

with flow localization, It is assumed that the
spherical precipitate particles deform only
elastically in a plastic matrix, and that their
backstress provides the source of the work-
hardening. On the other hand, the dislocation
loops in the matrix are eliminated whenever the
local plastic shear exceeds a critical value Yeo
The strain energy of the eliminated loops repre-
sents an energy release mechanism leading to
work softening. If y is the plastic shear
strain, and Vp the fractional volume occupied by
deformation cﬁanne]s, so that ¥ = yV, is the
macroscopic or average shear strain, then flow
Tocalization occurs whenever YVP is bounded
within the interval

2E N

L %
Yo Ty AT - 1A < Y <X (10)

Here, E2 is the energy of a dislocation loop, N
the loop density, f the volume fraction occupie
by the precipitate particles, and

(7 - 5v)

T T CI-C7) Iy e v M (11)

where v is the Poisson's ratio of the matrix ma-
terial, and 8 = u/p' is the ratio of the shear
modulii of the matrix and the precipitate, re-
spectively. For a given value of the composite
parameter 2E N, /[f(1 - f)uA)] the two sides of
the inequality”(10) give lines shown in Fig. 5
which define the boundaries for regions of homo-
geneous deformation and localized flow. Assume,
for example, that the critical shear for elimi-
nating loops is y. = 1%, and that the composite
parameter is 5 x SO‘“. As the mean shear

Y = yV, imposed onto the sample increases from
zero to values larger than 1%, the deformation
mode begins at first to be homogeneous, then be-
comes localized between about 0.5% and 1% mean
shear, and reverses to the homogeneous mode
thereafter. When the composite parameter be-

comes equal to 10™% or larger, flow localization
will occur no matter how small the macroscopic
mean shear strain js. For a given y., the
plastic instability associated with immediate
Tocalized flow is reached when the logop density
satisfies the relation

2 _oacrit
N > Z—E'—‘ch(l - f) = NE . (12)

The MM model for the onset of localized flow ne-
glects perhaps many other important processes
for work hardening and work softening in irradi-
ated steels, but it clearly demonstrates that
there are microstructural causes for flow local-
ization and loss of ductility which can be
identified and perhaps avoided.

3.2 The Fracture Model of Smith, Cook, and Rau
(SCR)

Smith et al. [15] have developed a qualitative
model for the fracture toughness of materials
exhibiting flow localization. As a point of de-
parture, they use the modified Griffith fracture
criterion, and write

K‘fc = Erp/(1 - V%) . (13)

I'p is the "plastic surface energy", and it re-
pfaces the actual surface energy appropriate for
truly brittle solids. If t(y) is the shear
stress in a deformation band emanating from the
crack tip, then

HOMOGENEOQOUS
DEFORMATION

LOCALIZATION

3
t OF FLOW
> 0
~ 10~5
| - 5x10-5 -
10-4
HOMOGENEOUS

DEFORMATION

Yer %

Fig. 5. Conditions for flow localization in the
Mori-Mura model. Numbers designating the vari-
ous curves are for the composite parameter
2E£N£/[f(1 = f)uAl.



where b is the Burgers vector.

After a certain amount of shear has taken place,
decohesion will occur when y = yg, at which
point t(yf) = 0. Although t(y) 1s not known,
one can assume that t(y) is of the order of oy
for v < y§, and write

r (15)

P = oy¥f
where we is the critical shear displacement for
glide decohesion. In a sense, it replaces the
critical COD §_. in ductile fracture models,
With Eq. (15), Smith et al, [15] obtain finally
the relationship

Kje = ¢ TEoyig (16)
for the fracture toughness, where ¢{(a) is a nu-
merical factor which depends on the inclination
angie o of the deformation band to the crack
plane,

3.3 Application of the SCR-Model to Channel
Fracture

The angular function ¢{a) is not specified in
the SCR-model, However, Vitek [16] has analyzed
the problem of inclined glide planes emanating
from a crack tip according to the Bilby-
Cottrell-Swinden crack model. We can combine
Vitek's result with the SCR-model and obtain

. 3.58 HTo%e
Kic 577 « cos a/ sSin a (17)

where t, is the resolved shear stress for dislo-
cation glide. For given values of the para-
meters yu, Ty and We, the lowest value for KIc
is obtained when the glide planes are inclined
to the crack plane at an angle a, given by

cos oy = Y275 or oy 2 50.8°, Hence

Kpo = 8.3 Jutwe . (18)

Ic
A further modification of this equation is re-
quired when the glide bands emanating from the
crack tip contain not one but N parallel glide
planes contained within a channel of width d, so
that Nb = d. Then

Kie = 8.3 Yut We = 8.3 /uroaiwf75§ . (19)

A line originally perpendicular to the glide
planes will, after shearing of the channel, ro-
tate through an angle ¢ given by tan y = w/b,
Hence, the critical decohesion displacement w
corresponds to a critical shear angle y¢, and we
can write

Kie 8.3 /uroaltan wf) . (20)

We can now apply this relationship to channel

fracture, Assuming that the deformation channel
shown in Fig. 4 is typical of those formed at a
crack tip, we find by ingpection of the sheared
voids that the critical shear angle must satisfy

tan Ve > 2

since no decohesion_can be seen in this channel.
Assuming t,/u = 107 and d = 0.15 um, we find
that for tge irradiated material shown in Fig. 4

K, > 30 MPa /m .

Ie ~
This lower-bound estimate represents still a
very respectable fracture toughness for a thin-
walled structure in spite of the very low
ductility exhibited by this material.

The present analysis demonstrates then that even
though flow localization in highly irradiated
materials leads to extreme brittleness in terms
of uniaxial fracture strains, a satisfactory
fracture toughness may still be retained.

4. RADIATION EFFECTS ON FATIGUE CRACK GROWTH

Fatigue crack growth rates, when plotted as a
function of the cyclic stress concentration ak,
exhibit three stages indicated in Fig. 6. In
the intermediate Stage II, crack growth is often
described by the Paris law

da/dN = C{ak)™ (21)

where C and m are materials parameters, The
terminal Stage IIl of fatigue crack growth is
limited by the static fracture toughness KIc-
With increasing radiation damage, Ky, drops, and
one expects that Stage II is narrowe% or shifted
to lower values of AK. Furthermore, it has been
found [17] that the crack growth exponent m and
the static fracture toughness K. are related.
Figure 7 shows this empirical reﬁationship with
the various data points for medium and high
strength steels deleted. It can be seen that
the crack growth rate becomes extremely sensi-
tive to aK whenever the static fracture tough-
ness drops below 50 MPa vm. According to the K-
mode] predictions for K;. as shown in Fig. 3,
radiation effects will nét affect the fatigue
crack growth exponent below a dose of 10 dpa.
This is in agreement with the experimental find-
ings of James [18,19] on both irradiated aus-
tenitic [18] as well as ferritic [19] steels.
Little or no effect of fast reactor irradiations
was found on the fatigue crack growth rate for
doses of 4 dpa or less and irradiation and test
temperatures below 500°C. Nevertheless, based
on the expected further reduction of Kj. with
dose, one must expect an effect on the gtage 11
fatigue crack growth at doses above perhaps 15
dpa. This reduction in K;. with the potential
acceleration of fatigue crack growth is an im-
portant life-limiting factor for the first wall
of a tokamak reactor, as has been demonstrated
by Watson et al. [1].
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Fig. 7. Variation of the fatigue crack growth
exponent m with fracture toughness.

Stage I of fatigue crack growth, where the
growth rate da/dn < 1076 ¢cm/cycle, and the mag-
nitude of the threshold aK,, are of particular
importance for a long ]ifegime of the first

wall. Unfortunately, experimental measurements
of Stage I fatigue crack growth on irradiated
materials are virtually absent, Accordingly,
one has to rely on the general observation and
experience that the threshold aK, is sensitive
to the chemical environment, to ghe R-ratio

(R = Knax/Kmigs where Kpa, and Kpip are the
maximum and minimum stress concentration factors
obtained for the cyclic loading), to the impuri-
ty segregation at grain boundaries, and to the
susceptibility of high-strength materials to
flow localization. The latter observation is
related to the empirical correlation [20-22],
shown in Fig, 8, that the threshold ak, de-
creases with yield strength particular?y for
high-strength steels, Based on this corre-
lation, excessive radiation hardening is ex-
pected to lead to a similar reduction in the
threshold AKo and to an increase in fatigue
crack growth”in Stage I, the most important
range of fatigue crack growth for first wall
applications to tokamak reactors.

5. MODELING CHEMICAL ENVIRONMENT EFFECTS ON
FATIGUE AND FRACTURE

Design studies of tokamak reactors and detailed
modeling of the failure modes of first walls
have shown that under normal operating condi-
tions, the fatigue crack growth of flaws on the
coolant side of the first wall leads to shorter
lifetimes than flaws on the plasma side [1]. As
a result, corrosion effects by the coolant in
conjunction with radiation damage and hydrogen
and helium embrittlement are of great concern.

Stress corrosion and corrosion fatigue models
have emphasized dissolution controlled crack
growth processes for both intergranular and
transgranular fracture where the major contri-
bution of crack tip stresses and strains is to
fracture the corrosion limiting passive film,

In these models, crack growth rates depend on
film rupture, repassivation and anodic disso-
lution rates. There is little disagreement that
intergranular stress corrosion cracking of sen-
sitized stainless steel is a dissolution rate
controlled process; however, the picture is not
as clear for transgranular stress corrosion and
corrosion fatigue. Evidence of cleavage-like
fracture surfaces has been shown for austenitic
stainless steels [23], ferritic steels [24] and
brasses [25] tested in corrosive environments.
In ferritic steels, hydrogen embrittlement is
clearly implicated, but in austenitic stainless
steels and brasses hydrogen embrittlement has
not been identified as the cause of the cleavage
like fracture surfaces. Therefore, a physical
process other than hydrogen or dissolution must
be considered to explain these fracture sur-
faces. Some possible processes include corro-
sion generated di-vacancy hardening or enhanced
creep, corrosion modified crack tip flow proper-
ties, or surface adsorption/energy effects on
fracture,

The effect of a corrosive environment on frac-
ture or fatigue can also be expressed with
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fracture models by Hahn and Rosenfield [2], Eq.
(1), or fatigue models by McClintock [26], Eq.
(22), or Broek and Rice [27], Eq. (23). These
models relate Ky. and da/dN to material para-
meters as follows:

dajaN ~  ok?/20, (22)

(aK - AKO)2 Cak™

TR X - & (23)

da/dN =

Use of Eq. (1) to evaluate the effect of a cor-
rosion environment on subcritical flaws is not a
direct measure of KIs ¢y Since K1 is the stress
intensity for criticaf flaw growgﬁ. However, if
e and oy are defined as local properties of the
material within a few um of the crack tip, then
Kic in Ea. (1) can be defined as the local frac-
ture toughness, K! . A corrosive environment
could reduce K! § changes in e4, %, or oy.
Hydrogen uptakéccould decrease ¢ by a variety
of embrittliement processes and increase or de-
crease oy and % by hardening or softening pro-
cgsses. Corrosion has been observed to reduce

e during slow strain rate tests of materials
and this data can be used to assess the effect
of corrosion on K! . For instance, Mom et al.
[28] observed a s{%ain to failure of 1.5% for
304 SS tested at 123°C in 35% MgCly as compared
to a strain to failure of 50% in air, Assumigg
that the corrosive environment altered only e

in Eq. {1), the ratio between Kic in MgClz to
that in air is

K. e (MgCl,)
== /| ———— = 0.173
Ic e (air)

If Kic in air is 100 MPa /m, then K;_ s 17 MPa
/m. “This value is an upper bound O*CKIscc since
Kisce Must be less than or equal to Ki{_ . “This
ca?culation is only an example, and u&?ortunate-
1y experimental values for K cc in MgClz are
not readily available. An e%?ort to evaluate
Eqs. (1), (22), (23) would require performing
constant extension rate tests, pre-cracked
fracture tests and fatigue tests with the ma-
terials and environments of interest.

The yield stress of materials tested in corro-
sive environments can also be altered in com-
parison with those measured in inert environ-
ments. This effect has been most clearly demon-
strated by Kramer and Demer [29] on aluminum
monocrystals which showed a decreased yield
strength after a strain-electropolish cycle. A
time dependent elongation was observed during
anodic dissolution of copper [30] and stainless
steel [31] which were loaded to 150 to 200% of
their yield strengths., Therefore, the flow
stress in the region of the crack tip can be ex-
pected to decrease as a result of crack tip dis-
solution. Anodic dissolution may occur as a re-
sult of film rupture or in cases when a passive
film may not be stable. A decrease in the crack
tip flow stress would decrease K! (Eq. 1) while
increasing da/dN (Egs. 22 and 235? Therefore,
stress corrosion cracking and corrosion fatigue
can be related to changes in e. and ay. Both of
these parameters can be measured with simple
slow strain rate tests, but the tests must be
conducted at relevant electrochemical po-
tentials, pH's, chemical compositions (0,, C1,
etc,) and with a notched tensile sample.

6. FRACTURE DESIGN CRITERIA

Safety considerations may make it desirable to
design the first wall such that the ultimate
failure may not be catastrophic in the sense
that a very large crack develops suddenly and
much coolant is spilled into the plasma chamber.
To mitigate against such a failure mode, it may
be prudent to require two failure criteria:

A) through-thickness yielding before break;
B) and leak before break.
The criterion A defines for a given fracture

toughness Ki. and given yield stress oy a wall
thickness

h < (K /oy)? . (24)

for which failure will occur by through-the-
thickness yielding before a crack would propa-
gate catastrophically., This condition derives



from the fact that (Ki./oy)2 is of the order of
the plastic zone dimension at the crack tip.
When this plastic zone is equal to or larger
than the wall thickness a state of plane stress
exists in the plastic zone rather than a state
of plane strain, and the crack extends by duc-
tile tearing before propagating catastrophi-
cally.

To further illustrate the meaning of this fail-
ure criterion, we consider a first wall made of
20% CW type 316 stainless steel and operated at
a temperature of 420°C. The yield strength
changes as a function of the displacement damage
according to the correlation by Simons [32],
whereas the change of fracture toughness is
based on the model predictions in sections 2 and
3. Using these results shown in Fig. 9, the
“safe" wall thickness can be evaluated according
to hg = (Kjc/oy)2. The result is shown in Fig.
10. “For wa?] thicknesses below h., yielding oc-
curs before break, whereas break %akes place be-
fore yielding when h > h.. Conversely, a wall
thickness of 0.5 cm would no Tonger be safe in
the spirit of the fracture design criterion A
after an irradiation dose of 25 dpa.

[t must be emphasized that the criterion A may
be too conservative when the applied loads pro-
duce a total tensile stress much below the yield
stress. In this case, the criterion B of "leak
before break" is more appropriate. It was pro-
posed by Irwin [33], and it states that the
critical crack size for a given design stress
level o should be larger than the wall thickness
h. This implies that any part-through crack
remains below critical. This condition is ex-
pressed by the relationship

2 (2 lofoy?
(591 + 18 (5] » (o/oy)

> —_— - (25)
th th 1 - (c/cY) /2
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Fig. 9. Measured yield strength variation for
EBR-II irradiated 316 SS and estimated fracture
toughness versus displacement dose,
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Fig. 10. Estimated wall thicknesses satisfying
the yield-before=break failure criterion.

The minimum value of Ky./oy /A which satisfies
this criterion B is plo%te in Fig. 11 as a
function of o/oy. It is seen that criterion B
is more conservative than criterion A when

o< 3cY/4. For conditions covered by the cross-
hatched area in Fig. 11, where criterion B is
less conservative than A, a part-through crack
will first propagate by ductile tearing when
Kic/oy YR is larger than one.

The implementation of the two proposed fracture
design criteria will require that the critical
materials parameter K;. and oy are known as a
function of irradiation dose and temperature.
The first wall will have to be exchanged at the
time when either of the two criteria is violated
even though no failure may have occurred yet.
Failure prior to this time will take the form of
coolant leaks; failure after this time may pro-
duce large ruptures and extensive coolant
spills.,
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